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Effects of Alloying Elements on Plastic Deformation 


in Aluminum Single Crystals 


Aluminum single crystals, alloyed with 0.042 atomic pct Cu and 0.11 and 1.1 atomic 


pct Mg, were subjected to constant stress creep tests, tensile tests, and hot hardness 
measurements within a temperature range of 300° to 866°K. Calculations based on Dorn’s 
temperature-compensated time parameter, #, gave a value of 1H. = 27,000 cal per mol 
for the activation energy of early creep in aluminum single crystals. Correlations have 
been obtained for aluminum alloy single crystals with the parameter E for solid solution 
strengthening, as well as with the parameter F for solid solution hardening, by using a 
valence of three for aluminum. Limited measurements on tensile specimens show that 
the slip band density tends to decrease with increasing temperature and with decreas 


ing solute concentration. 


NCREASING interest is being shown in the mech 
anisms of plastic deformation in single crystal 
during tensile and creep testing. The complexity of 
deformational processes in polycrystalline material 
has led to a search for simpler experimental condi- 
tion 

Numerous creep and tensile investigations have 
been conducted with pure, metallic single crystal 
To a lesser degree, the effects of alloying element 
on the tensile properties of single crystals have been 
determined. However, the literature dealing with 
the effects of alloying additions in single crystal 
under creep conditions is vanishingly small. Thi 
paper represents an attempt to narrow this gap in 
the knowledge of the ibject 

Previous investigations of creep behavior at the 
Battelle Memorial Institut have been of great 
value in the analysis of the present single crystal 
data It 1 equally de irable, howeve! to ascertain 
the extent of correspondence between the behavior 
of single crystal and polycrystalline material For 
this purpose, correlation imilar to those developed 
for polycrystalline aluminum alloys by Dorn and 
co-workers, have been made with the single crystal 
data. The results from thi tudy have tended to 
confirm and extend those correlations to the case of 


alloyed single crystal 


Materials and Procedures 
Three dilute binary aluminum alloys were pre 
pared for this investigation from 99.99+ wt pet Al 
99.8 wt pet Mg, and 99.92 wt pet (electrolytic) Cu 
The nominal compositions of the alloys were 0.042 
atomic pet Cu, and 0.11 and 1.1 atomic pet Mg. Pre- 
cautions were taken to avoid contamination of the 
tock during melting and casting of the alloys. After 
a heat treatment of 8 hr at 925 F the alloy were 
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Fig. |—Chart plots shear stress shear strain curves of Al 
0042 atomic pet Cu alloy single crystals extended under 


constant load rate 


extruded, then machined into threaded tensile speci 


n with al 


reduced section and a 0.505 in 


diam. Spectrographic examination showed le than 


47 ppm me talli 


The ingle ery 
with a critical train of about 144 


anneal method 


impurities in each alloy 
tal were grown by the train 


pet giving the optimum result In general, 3 in 
crystals were obtained with the Al-Cu alloy, but 


maller crystal 
the use of 2 in 


and high mupne 


in the magnesium allo necessitated 


lin. gage length with the low 


ium allo pecimens, respectively 


After an electrolytic polish, the orientation of that 


portion of the specimen containing the largest singlk 


crystal was determined from Laue back-reflection 


photog! aph 


Tensile test 


were conducted at a constant load 


rate of about 2 lb per min. Creep runs were made 
in a constant temperature room, under constant 
tre at the higher creep temperature and con 
tant load at the lower temperature The elonga 


tion Was measured to within *5 microin. by a spe 


clally designed 


capacitance extensometer. The ex 


tensometer arms were attached to the 4 in. speci 
mens at the houlder of the test piece ot where the 
crystals were smaller than 4 in., by knife-edge grip 
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Fig. 2-——-Chart plots shear stress shear strain curves of Al 
0.11 atomic pet Mg alloy single crystals extended under 
constant load rate 


| a 

/ 
q 
4 

of 
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Fig. 3-—-Chart plots shear stress-shear strain curves of Al-1.1 
atomic pct Mg alloy single crystals extended under constant 
load rate 


The effects of the constraints introduced by the knife 
edges are discussed late 


Hot hardne pecimens, in the shape of flat slabs 
3/16 in. thick, were cut with a jewelers’ saw from 
ingle crystal After a heavy electropolish and a 
l hr anneal at 600 C, hardne measurements were 
made with a vacuum hot hardne tester of the dead 


weight type 

The linear density of slip bands was determined 
for most of the constant load rate tensile specimens 
Faxfilm replicas of the surface were gold shadowed 
and photographed at X180 with normal illumination 
and at X240 using phase contrast. The number of 
visible bands was counted along a line on the sur- 
face connecting the major axes of the glide ellipse: 


Experimental Results and Discussion 

Stress-Strain Curves—Constant load rate tensile 
tests were made on single crystals of each alloy at 
three temperature 300 533°, and 755 K (82 
500°, and 900 F). The resulting curves for the three 
compositions are shown in Fig 1 through 3, with 
the initial orientation of the specimen axis appear- 
ing in the standard projection triangle. Also, the 
test temperatures, gage lengths, and values of (cos 
hb cos A) for the most favored (111) [110] slip 
system are tabulated in each figure 

A common feature of these curves is the decrease 
in the general stre level with increasing tempera- 
ture. However, at the low strains the 533” curves 
lie above the 300°K curves, but gradually cross over 
until they are between the 300° and 755°K curves 
This behavior has been noted in the past and has 
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been attributed to strain aging effects or to the inter- 
action of dislocations. The temporary reversal of 
trength properties with temperature seems to be 
closely linked to a temperature above which rela- 
tively rapid recovery occurs. Dorn found that this 
temperature for aluminum and aluminum alloy 
polycrystals falls near 422°K, and it is interesting 
to note that Boas and Schmid® show a similar cross- 
over for aluminum single crystals between 373° and 
474 K 

A comparison of the curves for the 0.11 atomic 
pet Mg alloys with those for the 0.042 atomic pct Cu 
alloys reveals almost identical behavior at all tem- 
peratures. The similarity indicates that the mag- 
nesium concentration is almost equivalent to the 
copper concentration, insofar as their solid solution 
hardening capabilities are concerned 

Other features to be observed in Figs. 1 through 3 
are the two types of shear stress, shear strain curves 
An unusual two stage curve, as exemplified by 
specimens 474, 173, 162, and 214, has been obtained, 
along with the more common parabolic-type curves 
Parabolic and two stage hardening curves have been 
reported previously for pure aluminum single crys- 
tals,’ but it is not believed that the same type of 
two stage curve has been obtained here. The main 
points of difference may be summarized as follows: 

1—The initial orientation of the authors’ alloy 
single crystals that exhibit two stage behavior 1s 
close to the [100]-[111] boundary, but the orienta- 
tion of pure aluminum crystals that show two stage 
behavior’ is very close to the [110] direction 

2— In this investigation, the first stage has a para- 
bolic shape, whereas the first. stage in other inves- 
tigations is almost horizontal in the pure aluminum 
curves. 

3—The break in the authors’ alloy crystal curves 
falls near 16 pet shear strain, whereas the break is 
nearer 6 pet in other pure aluminum curves ; 

The first two points may be resolved by noting 
that the two stage alloy single crystal curves are 
initially parabolic (until the upward break occurs). 
Thus, the dependence of the initial shape of the 
curve, parabolic, on the crystal orientation is con- 
istent with previous reports. The problem appar- 
ently is not one of rationalizing the differences be- 
tween two types of two stage hardening curves, but 


Fig. 4—Charts plot 
effect of copper and 


magnesium concen i 

trations on the re ; 

solved shear stress of © 

aluminum single 

crystals for various 

shear strains 2000) 
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is concerned mainly with explaining why some alloy } 


parabolic curves have an upward break. Several / 
explanations appear reasonable. One explanation’ is if 
that the sharp rise occurs with the onset of kinking 
presumably stimulated by the knife-edge grips. An- 
other explanation is that the break could be due to f j : a Wi 
an age hardening effect,” but two stage behavior is a ‘ ae 
also found well within the single phase region in :...| / wa | _ 
some cases. However, in lieu of adequate experi- | 
mental confirmation of these viewpoints, further A 
speculation appears unwarranted. The location of 
the break in the curves, mentioned in the third point, . 
has been shown to depend on the amount of im- y. * ses 
purity atoms present. & — 4 

The shear stress, shear strain curves for both the 
alloyed and pure aluminum crystals‘ were replotted Fig. 5—Chart plots creep curves of Al-0.042 atomic pct Cu 
on log-log coordinates. The high temperature data single crystals at various temperatures and resolved shear 
yield straight lines, but mixed results are obtained stresses 
at other temperatures. The values of the slopes vary 
from 0.16 to 0.67, but average roughly in the neigh- change in valence due to the introduction of the 
borhood of 0.3. There is an apparent trend toward solute element, respectively. Dorn obtained excel- 
decreasing slope with increasing temperature, but lent correlation with his data, but found it neces- 
this is not shown too clearly sary to assume a valence of two for aluminum 

The variation of shear stress with solute concen- In applying the data from the present investiga 
tration at three testing temperatures is shown In tion to this type of analysis, it was found that a 
Fig. 4. These curves indicate a negligible effect due correlation existed only when aluminum was as 
to differences in crystal gage length. At 300° and igned the more customary valence of three. Using 
533°K, the 0.042 atomic pet Cu alloy has a strength- the single crystal data for aluminum, Al-Cu, and 
ening effect much greater than that of the magnesium Al-Mg (plus Dorn’s data for Al-Ge), the expression 
alloy with the same composition. The relative for the equivalent concentration now become 
strengths are much the same at 755 K, however, 
which emphasizes the leveling effect of high tem- E = {—97.2 | Aa | +78.8 | Av 970 sa Av ij 
peratures on the strength properties of the different (atomic pet of solute) |4] 
“oye A plot of this function vs the shear stre how 


The yield stre has been calculated at 300°K for 
the three alloys by an expression of Mott and 
Nabarro 


qualitative agreement with Dorn’s results. Although 


(In f) [2] 


pe 


where o is the yield stress; is the shear modulus; 
ave 
é ( }. the misfit of a foreign atom in the | af 
a df / 
/ fA 


lattice; a is the lattice parameter; and f is the atomic | 
concentration. The derivation is based on disloca- | ‘me 
tion theory appropriate for single crystals of dilute f "A eee | 
alloys, in which local lattice strains are assumed to UL 

inhibit the migration of dislocations. It is seen (Fig of | ‘4 

4, points marked by squares) that reasonable value ‘ ae. r 

of the yield stress are obtained for the more dilute 


Fig. 6—Chart plots creep curves of Al-0.11 atomic pct Mg 
single crystals at various temperatures and resolved shear 


alloys, but that the expression is apparently invalid 
for the high magnesium alloy 

For solute concentrations between f 0.01 and 
0.20, Eq. 2 may be 


Stresses 


implified to 


which implies that the yield strength depends line- ps 
arly on the concentration and quadratically on the | : 

change of lattice parameter. Dorn” has reasoned 2 

that solid solution strengthening is dependent on J a 

other factors, such as the number of electrons con- ; Ree re by 

tributing to the metallic bond. His alloy data reveal = i 

the existence of almost identical plastic properties, / AA 4 
when compared at certain (different) solute con- sl Sot “ae | 
centration These particular alloy therefore, rep- ra fo 
equal solid solution strengthening over a wide range soliaed 

of temperatures and strains. The equivalent con- Fig. 7—Chart plots creep curves of Al-1.1 atomic pct Mg 
centration, E, can be expressed simply in terms of single crystals at various temperatures and resolved shear 
sa and Av, the change in lattice parameter and the stresses 
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Fig 8—Chart shows correlation of transient creep strain 
time data of high purity aluminum single crystals by the 


mnt 


equation 


the single crystal data are too scanty to define the 
hape of the curve unambiguously, the points fall 
on @ curve similar to, and displaced slightly from, 
the corresponding polycrystalline curve. This would 
indicate that the same type of correlation found for 
polycrystalline aluminum alloys applies to single 
erystals of binary aluminum alloy 

The effects of different gage lengths on the plastic 
prqperties of single crystals were estimated from 
the difference in stress between corresponding single 
crystal and polycrystalline alloys.” There is a tend- 
ency toward increased flow stress with the shorter 
gage lengths, probably due to nonhomogeneous stres 
distributions and the constraints imposed by the 
knife edges, It should be emphasized, however, that 
all specimens within each composition had the same 
gage length, so relative comparisons are justified at 
each composition 

Creep Curves—The creep curves for the three 
ingle crystal alloys are presented in Figs. 5 through 
7. In general, there is a transient and secondary 
portion for each creep curve. The initial orienta- 
tions of the specimen axes are shown in the standard 
triangle, and pertinent experimental data are re- 
corded for each specimen. Three inch single crystals 
could not be grown for the 1.1 atomic pet Mg alloy, 
ol in. gage lengths were used for this composition 
The creep curves resulting from specimens with a 
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2 in. and 3 in. gage length are shown by the two 
533°K curves in Fig. 5, where a 25 pct decrease in 
the shear strain is found for specimen 414. This 
comparison is strongly orientation-dependent, how- 
ever, so the curve for a 1 in. crystal could not be 
compared with the other two curves, since the initial 
orientation differed greatly from those of the other 
two specimens 

Recently, high temperature creep and tensile data 
for a wide range of materials were shown to be 
correlatable” by means of the simple equation 


[5] 


where « is the creep strain, @ te °*"«“', t is the time, 
T is the absolute temperature, R is the gas constant, 
SH. is the experimental energy of activation for 
creep, and w, is the creep stress. For a given metal, 
1H. was found to be constant, and about equal to 
the activation energy for self-diffusion. This expres- 
sion is valid only above a certain temperature, T,,, 
where rapid recovery can occur 

Values of SH. were calculated from the transient 
portion of the creep curves for pure aluminum single 
crystals’ (3 in. gage lengths). An average JH, was 
obtained for each of three stresses, and the overall 
average of the three AH. values is 27,000+2,000 cal 
per mol. The validity of this analysis, and the justi- 
fication for using one average value of AH for all 
the data, may be checked by plotting shear strain 
vs 6. This plot appears in Fig. 8. It is seen that the 
data yield three groups, according to the stress level, 
and that the points from creep curves at different 
temperatures fall fairly close to a common line. The 
evidence presented in Fig. 8 would appear to extend 
the validity of Dorn’s analysis to aluminum single 
crystals. The alloy single crystal data were insuf- 
ficient to give complete curves, but the available 
points conform to expected behavior 

Qualitatively, Eq. 5 seems to have been justified 
for early creep in aluminum single crystals. The 
discrepancy between Dorn’s 36,000 cal per mol for 
aluminum polycrystals and the present value of 
27,000 cal per mol for aluminum single crystals does 
not seem ascribable to experimental scatter. It 1 
entirely possible that the two activation energies 
reflect a fundamental difference in deformation be- 
havior. Recently, a direct correspondence has been 


Fig. 9—Lines and dato 
poimts represent creep 
curves of pure and al 
loyed aluminum single 
crystals by the expres 
sion At 
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shown between the activation energies for creep and 
for self-diffusion in several metals." When the two 
activation energies for creep in aluminum are in- 
cluded, the spread does not appear to be significant, 
since the points fall astraddle the common line 

An alternative analysis was made utilizing the 
secondary creep rates. The activation energy for 
second stage creep, SH, can be obtained by plotting 
the logarithm of the secondary creep rate vs the 
reciprocal of the absolute temperature. The AH re- 
sulting from this plot averages 27,600+ 1,000 cal per 
mol. The agreement with the AH. of 27,000 cal per 
mol, which was obtained from Dorn’s creep analysis, 
is quite good. This indicates the possibility that the 
same process is operative in the early stages of creep 
in aluminum single crystals as in the second stage 

The creep curves for the single crystals, both 
alloyed and unalloyed, were found to obey a simple 
relation between total shear strain and time 


At 


[6] 
where A and n are constants. Numerous investigators 
have shown that their data fit a simple power law 
expression, but this agreement is usually obtained 
only for transient creep. Here, when the logarithm 
of y is plotted vs the logarithm of t, each creep curve 
consists of three straight lines, or stages, of different 
slopes. The three stages correspond roughly to the 
very early portion of the creep curve, the transient, 
and the secondary stage of creep, respectively 
Typical straight line plots of four creep curves are 
hown in Fig. 9. One curve had four stages, and one 
(short time) curve had two stages, but the remain- 
ing 17 curves had three stages 

The values of the exponent n fell within 0.084 and 
1.2 for all stages of all curves. The constant A, which 
is proportional to the shear strain at unit time (here, 
l hr), was found to vary between 0.003 and 0.22 
The irregular variation of n and A made a correla- 
tion among composition, shear stress, the stages, etc., 
difficult. Tyndall” creep tested zine single crystal 
and found that a power law represented his experi- 
mental data well. At longer times, three stage be- 
havior was also obtained. In analyzing the variation 
of his constants according to Eq. 6, a linear rela- 
tionship was noted when log (An) was plotted 
against the stress. A similar analysis was attempted 
in this investigation, and although the same trend 
were seen, the results could not be termed conclu- 
sive 

The creep curves of the four specimens selected 
for Fig. 9 were obtained at the same temperature 
When the n, t, and A values are arranged in the 
order of composition indicated in the table, A is seen 
to decrease and n and t to increase. This is an en- 
couraging sign that regularity of some sort exist 
but for the present this behavior can be dealt with 
only qualitatively. Therefore, no special physical 
or empirical significance can be attached to the con- 
tants A and n at this time 

In an effort to exploit the available data fully, 
various critical plots were made to test the applica 
bility of several representative theories of creep 
The transient creep theories of Mott and Nabarro, 
Orowan,” and Smith” were tested, with negative re- 
u'ts. Kauzman’s theory” of secondary creep yielded 
two sets of curves representing constant tempera- 
ture and constant stre The regularity of these 
curves attests to the internal consistency of the data 
for the aluminum crystal The empirical relation: 
formulated by Andrade,” Johnson and Frost,” and 


\ 
Fig. 10—Chart shows “y 
hot hardness of pure \\ | \ 
and alloyed alumi. \ \ 
num single crystals \ 
\ 


Bhattacharya, Congreve, and Thompson” were also 
checked, without any conclusive verdict being 
reached. It may be of interest to note that the best 
agreement was obtained with Andrade’s transient 
creep expression, y ~ t but, even so, the exponent 


strayed considerably from 1/3 at times 

Hardness Curves—-The effects of temperature and 
of alloying on the solution hardening behavior of 
metals has presented a long standing problem to 
metallurgists. The two phases of this question have 
been attacked from many different standpoints, 
both collectively and separately. Recently, West- 
brook” reviewed the data on the temperature de- 
pendence of hardness in pure metals, and showed 
that functions of the form 


H = Ae™ 


were applicable. H is the hardness, T is the absolute 
temperature, and A and B are constant Example 
of empirical correlations between hardness and creep 
properties of alloys were given by Ben and by 
Smith et al.“ Theoretical treatments of solid solu- 
tion hardening are based on dislocation theory, of 
which an example is afforded by Cottrell 

Experimental work on the question of solution 
hardening indicated that the greatest change in 
hardness was produced by the elements causing the 
greatest change in the parent lattice. However, the 
change in atomic volume alone did not determine 
the hardne It ha been uggested that the 
change in the hardness of alloys depends on the ef 
fect of the lattice strain and on the change in the 
average number of electrons per atom upon the ad- 
dition of a solute element. The hardness of alloys 
might then be expressible by a composite strain 
hardening function 


\a k [8] 


where Aa is the change in lattice parameter, Av 1 
related to the change in valence, and k is a constant 
Excellent correlation was obtained in this way with 
the hardne data of Frye and Caum”™ for variou 
binary copper alloy 

The foregoing expression have been applied to 
the experimental data obtained in this investigation 
The hot hardness of the aluminum and aluminum 
alloy single crystals, and the approximate orienta 
tions of the exposed crystal surfaces are shown in 


Fig. 10. The hardness curves descend regularly a 
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Fig. 11-—Chart plots hardness vs a function, F, of lattice 
stram and relative valency for pure and alloyed aluminum 
single crystals 


the temperature increases, except for the 0.11 
atomic pet Mg alloy. This apparently inconsistent 
behavior may be connected with crystal orienta- 
tion effect A more consistent course for the hard- 
ness curve of this alloy is shown by the dashed line 
The F function of Eq. 8 has been plotted vs hard- 
re in Fig. 11 for several temperature levels. The 
poor correlations at 300° and 400°K are due to the 
aberration in hardness of the low magnesium alloy 
However, the function correlates well at the higher 
temperatures, where no irregularities in hardness 
were found. A point of interest is that the correla- 
tions were obtained only when aluminum wa 
assigned a valence of three. This question, con- 
cerning the valence of aluminum, has been noted 
previously in connection with Eq. 4. Thus, a definite 
region of divergence is found when the details of 
correlation for the polycrystals and single crystals 
of aluminum binary alloys are examined. The dif- 
ferent choices for the valence of aluminum present 
a real problem, but further experimental work can 
be expected to clarify this situation 
Strain Markings by Light Microscopy -The ex- 
ternal appearance of kink bands and slip bands has 
been observed on the alloy single crystal specimens 
deformed under a constant load rate. Low magni- 
fication micrographs, taken by the technique de- 
cribed under “Materials and Procedures,” were 
used to obtain the slip band densitie 
The slip band density has been plotted vs temper- 
ature in Fig. 12 for the three alloy compositions 
The trends can only be determined qualitatively, 
but it is clear that the density decreases with in- 
creasing temperature. This observation is consist- 
ent with those made previously on the variation of 
lip band spacing with temperature. As might be 
expected, the number of slip bands visible at X180 
and, hence, the density of slip bands, is less than 
that observed at X240. A comparison of the magne- 
ium alloy curves reveals that the greater the con- 
centration of the solute element, the greater the 
density of slip bands. In this investigation, an ap- 
proximate twofold increase in the density resulted 
from a tenfold increase in solute concentration. An 
interesting point is that the density of slip bands in 
the copper alloy is greater than in the low magne- 
ium alloy, yet the previous results have shown the 
alloys to have equivalent strength 
Rosi and Mathewson's data for pure aluminum 
crystals” are included in Fig. 12 for purposes of 
comparison. The data collected here from the alloy 
crystals are not adequate to describe the behavior 
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Fig. 12—Chart plots slip band density vs temperature for 
aluminum alloy single crystals extended under constant 
load rate 


accurately, but the trends shown are in reasonable 
agreement with the previously published report 


Resume and Conclusions 
1—-The effects of temperature and composition on 
the plastic properties of Al-Cu and Al-Mg single 
crystals have been observed in tension and in creep 
2—Shear stress, shear strain curves have been 
determined from constant load rate tests over a 
temperature range of from 300° to 755° K. The 
initial shapes of the curves are in agreement with 
the orientation dependence reported previously for 
ingle crystals of aluminum, copper, and silver. Un- 
usual two stage parabolic-type curves have been ob- 
tained at 300° and 533°K, and the onset of kinking 
has been suggested as an explanation of the sudden 

increase in slope of the second stage 


3—The aluminum alloy ingle crystals were 
tested well into secondary creep, under constant 
tre (from 533° to 755°K) and constant load 


(from 300° to 422°K) condition An _ activation 
energy of 27,600 cal per mol for the secondary 
creep rate of pure aluminum single crystals has 
been determined 

4—The hardness of aluminum and of aluminum 
alloy single crystals has been measured at various 
temperatures between 300° and 866°K. Correla- 
tion at elevated temperatures has been obtained 
between Dorn’s strain hardening function, F, and 
the hardness, H, but only when aluminum was 4as- 
signed a valence of three 

5—The density of slip band traces on the surface 
of constant load rate tensile specimens has been 
hown to decrease with increasing temperature, The 
curves are approximately linear, and lie parallel to 
the data reported by Rosi for pure aluminum crys- 
tal 

6—An experimental activation energy of 27,000 cal 
per mol has been obtained for early creep in alumi- 
num single crystals, using Dorn’s temperature-com- 
pensated time parameter Although Dorn has re- 
ported a value of 36,000 cal per mol for creep in 


polycrystalline aluminum alloys, both activation 
energies fall equally well on a plot of AH vs 
SH 


7—The agreement between the activation energie 
for early creep and for the secondary creep rate 
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(27,000 and 27,600 cal per mol, respectively) is work. This investigation was made possible by the 


“i 
good, and indicates that the same process may be financial support of the National Advisory Com- 
operative in aluminum single crystals during both mittee for Aeronautics under NACA Project NAw- 
stages 6347 
8—An apparent correlation between Dorn’s equiv- 
alent concentration function, E, and the shear stress References 
has been obtained for the alloy single crystals. The sank D. Schwope and L. R. Jackson: NACA TN 2516 (November 


expression for single crystals A. D. Schwope, F. R. Shot ind L. R. Jackson: NACA TN 


E (97.2 | aa! +78.8 | Av 970 sa Av |} R. D. Johnson, F. R. Shober, and A. D. Schwope: NACA TN 
é > re the rnlence 294 May 1953 
(atomic pct of solute), is valid only when a valence ‘sR. D. Johnson, A. P. Young, and A. D. Schwose: NACA Tt 
of three is used for aluminum. Aa equals the change $351 ‘April 1955 
W. Chubt Trans. AIME 1955 p. 189, or Merats 
in lattice parameter for 1 atomic pct of solute, and Janu 955 
¢ P Bo ‘ f 1931) » 712 
Av equals the change in the number of electrons a leper: Ztech. far Me 1980 
per atom upon addition of 1 atomic pct of the solute D. 65 
¢ owe FD. Re Tra AIME (1954) 200, p 1009; Jounnat or Merats 
9—The creep curves for both the aluminum and September 1954 
the aluminum alloy single crystals have been rep- toe ee 
resented in three stages by y = At", where y is the se NF Mott and F. R . Report of a Conference on 
shear strain, t is the time, and A and n are con- J. E. Dorn, P. Pietrot r. E. Tietz: Trans. AIME 
1950) 188 933; Journ or M ‘ Ju 1950 
stants. Although Tyndall reported the same _ be- J. E. Dorn: Trans. AIME 
avi tle ret: 1951 p. 643; Jour oF Terat August 1951 
havior in zine single crystals, no physical signifi ©. D. Bherby, R. L. Orr, and Trans. AIME 11984) 
cance has been attached to the variation of the con- 70), p 71; JouRNAL oF Metats (Janu 1954 
P. F dal u on the Plastic Deformation of 
stants A and n with stress, temperature, or alloy Cryst e Solid 1950) p. 49. Pittsburgh. Carnegie Institute of 
Techr nd ONR 
content it Western Scotland Iron and Steel Inat 
10—-A satisfactory confirmation was not obtained 1946-1947) 54, p. 45 
; C. L. Smith: Proceedings Pt cal Soc, London (1948) 61, p 
for any of several representative theoretical and 201 
YOLOGY itive 
ever, the Andrade expression for transient creep, E. N. da C. Andrade: Proceed Royal Soc, London (1910) 
AMI l 1914) OO. $29 
y~t’, did show the closest agreement "A. E. Johnson and N. E. Frost; Journal Inst. of Metals (1952 


‘ ong! and P. ¢ Thompson 

Acknowledgments Journal Inst. of Metals (1952-1953) BL, p. 83. 

The authors wish to thank G. D. McDowell and Bes Tra 1947 a8, p 
J. R. Doig for performing the X-ray work. The dis- 
cussions of various problems with Bruce Chalmers p. 77. Lon 
A. P. Young, and C. A. Mangio have been very "JH. Frye, Jr. and J. W. Caum: Trans. AIME (1943) 152, p 
helpful. We are especially indebted to R. D. Smith » 

159; Joumnat » Merat 1950 


for his able assistance throughout the entire investi- 
gation. The major part of the experimental program 
was planned and executed by R. D. Johnson. Un- Discussion of this paper sent copies) to AIME by July 1, 1956 
fortunately new dutie elsewhere have prevented tio Vol. 206, 1956, and in JoumnaL or 


him from participating in the final phases of the 


Self-Diffusion in Solid Nickel 


The self-diffusion coefficient in high purity nickel has been measured over the 
temperature range 870° to 1248°C. The results are described by the relation 

= 1.27 exp| —66,800/RT |cm'sec . The measured activation energy correlates sat 
isfactorily with absolute melting point, heat of fusion, and heat of sublimation 


by R. E. Hoffman, F. W. Pikus, and R. A. Ward 


NOWING the rates of self-diffusion is important ported.” In connection with a program of measuring 
actions. However, in spite of the rather widespread schowski, J { Applied PI 1955) 26, p. 491, have pub 
interest in nickel, both commercially and in funda- oa yy 
mental investigations, no measurement of the self- Sout @ 
diffusion in solid nickel has previously been re- Averbach, a Cohen 1} formed the aut by private 
R. HOFFMAN, W. PIKUS, and R. A. WARD are associ 
ated with the Research Laboratory, General Electric Co, Schenec rates of diffusion in some nickel alloy elf-diffusion 
tady in pure nickel has been investigated over a rather 
TP 4087E. Manuscript, Apr. 11, 1955. Philadelphia Meeting, wide temperature range by combining a sectioning 
October 1955 technique and a surface counting technique 
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Fig. |—-Diagram shows some typical penetration curves. The 
upper curve represents 13 days ot 1147°C, the bottom curve, 
2 days at 1248°C 


Experimental 


The only readily available isotope of nickel is Ni’ 


The extremely weak radiation from this isotope, 


0.063 mev ff particles, place evere restrictions on 


the choice of the technique to be used for diffusion 
measurement In the familiar sectioning technique, 
where the penetration curve is established by meas- 
machined from 


uring the activity of thin section 


the specimen normal to the diffusion direction, the 


elf-absorption in the 
, but also produce 
catter as a result of shght difference 
The only other frequently used 


level of activity to very low value 
considerable 
in sample geometry 
technique is the so-called surface counting tech- 
nique, in which the diffusion coefficient is deduced 
from measurement of the decrease in activity of the 
initially deposited layer of isotope by means of the 
equation 


l/l Dtjerfe [w(Dt) | 
where |, is the initial activity of the surface; | is the 


remaining after time t: D is the diffusion 
coetlicient; », the linear absorption coefficient for the 


activity 


Howeve! 


radiation: and erfe Z 


inherent sources of 


even under the most favorable circumstances, 


this technique contains many 
erro}. 
and the measurement of the absorption coefficient, 
pw, of the weak nickel radiation is especially difficult 

Fortunately 
radiation make the isotope Ni” especially 
ed by Gruzin. This is essen- 


except that instead of 


characteristics of the 
uited to 


however, the 


the technique discu 
tially a 
measuring the activity of each individual section, the 


ectioning technique 
ample is measured after 
each successive removed. If 1, is the activ- 
itv of the ample after a thickness X, has been re 
moved, then, according to Gruzin, 


constant 
pl exp 
xX ibt 


remaining activity im the 


ection | 


The low energy of the # particles from the Ni® im- 
plies a high absorption coefficient, ». It was there- 
fore anticipated that ol X,< <yl,, and hence that a 
plot of In I, vs X.", would yield a straight line of slope 
( 1/4Dt). As indicated by the penetration curves 
hown in Fig. 1, this expectation was verified. It is 
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ections not only reduces the 


to be noted that an accurate value for » 1s not 
needed, since it appears only in the pre-exponential 
term of Eq. 2 

One of the greatest disadvantage 
ing technique is that prohibitively long diffusion 


In orde: 


of any section- 


anneals are required when D<10 “cm'sec 
to obtain an accurate value for the activation energy, 
YQ Rd In D/d(1/T), it is necessary to measure D 
over as wide a temperature range as possible. There- 
fore, it w desirable to extend the measurements to 
. where only the surface counting 


However, in order to cir- 


lower temperature 
technique is practicable 
cumvent many of the sources of error in this tech- 
it was decided to measure I/I, for several 
amples that had been diffused in the temperature 
range where D had been measured by the Gruzin 
technique, to establish an empirical value of » for 
use in Eq. 1. Inasmuch as » is essentially independent 
of temperature, this same yp hould be accurate at 
all temperatures. With thi values of D 
can be obtained from the surface counting technique 
from the section- 


nique, 


procedure, 


with almost the same accuracy a 
ing technique 

Carbonyl! nickel was obtained from the Whitehead 
Metal Products Co. Inc. An analysis showed 0.05 pet 
C, 0.025 pet Fe, 0.003 pet Cu, and negligible cobalt 
This material was decarburized and melted unde 
wet hydrogen in an Alundum mold. Samples ap- 
proximately % in. diam x % in. thick were ma- 
chined from the resulting ingot. The two faces of 
the samples were ground flat and parallel on 4/0 
emery paper, then etched lightly to clean the sur- 
face. The mean linear grain size, R, was about 1 mm 

Radioactive Ni* of high specific activity was ob- 
tained from the AEC. Thin layers, lu», of the iso- 
tope were electroplated onto one of the flat faces of 
lightly ammoniacal solution of 
were sealed in evacuated quartz 


each sample from a 
NiCl,. The sample 
tubes and diffusion annealed in a platinum-wound 
furnace in which the temperature was maintained 
constant within 

In those specimens in which the complete penetra- 
tion curve was measured, the sectioning was per- 
formed by grinding on metallographic paper afte 
having turned down the diameter of the specimen 
to remove surface diffusion effect Extreme care 
was exercised to maintain the remaining face par- 
allel to the initial plated face by measuring the 
thickness at four places near the edge of the 
men. The penetration depths, X,, were measured 
from the decrease in thickness of the sample 

Activities were measured with a thin (1.5 mg pe 
em’) mica window Geiger-Miller tube in conjunc- 
tion with a Tracerlab Autoscaler. It was found that 


peci- 


Fig 2—The tem 
perature dependence 
of the self diffusion 
coefficient of nickel 
is plotted. Closed 
circles represent data 
determined by sec 
tioning; open circles, 
by surface counting 
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the isotope contained a very small amount of im- 
purity, probably Co”, that emitted X-radiation 
However, since the Ni‘ radiation is practically com- 
pletely absorbed by a 1 mil aluminum foil, the 
amount of the X-radiation could be measured and 
subtracted from the total activity. This correction in 
all cases amounted to less than 2 pet 


Results and Discussion 

Complete penetration curves have been obtained 
on four samples that had been diffused at tempera- 
tures between 1147° and 1250°C. In all cases, a plot 
of log activity vs the square of the penetration depth 
yielded straight lines, as shown by the two examples 
in Fig. 1. Data were obtained by the surface count- 
ing technique on 11 samples in the temperature 
range 878 to 1230°C. By fitting the high tempera- 
ture results of the surface counting measurements to 
the results obtained by sectioning, a value of ,,, 
9.30(10)’em~ was deduced, which was then used to 
calculate the diffusion coefficients from the low tem- 
perature measurements. All data obtained are listed 
in Table I and shown graphically in Fig. 2, where 
log D ts plotted as a function of reciprocal absolute 
temperature. The equation of the best straight line 
is given by 


D 1.27 exp | —-66,800/RT | cm per sec [3] 


It ha 
energies for self-diffusion in metals may be corre- 
lated with the absolute melting point, T,; with the 
heat of fusion, AH,: or with the heat of sublimation, 
\H In Table II], the authors have collected the per 

tinent data for the face-centered-cubic metals for 
which self-diffusion measurements have been pub- 
lished, including the present data on nickel. The 
measured activation energy for nickel self-diffusion 


been frequently proposed that the activation 


is seen to fit all three correlations satisfactorily 

It is of interest to note that the value of y,,,., de- 
duced from these measurements is in reasonable 
agreement with the approximate value 
1.0(10)'em’ calculated from the absorption meas- 
urements in aluminum” of Brosi et al With thi 

King tt ‘ cu tlor it imed that for different 
ibsorbing mate rie " the der t rr? ipproxima 


approximate value of yp, it may also be shown that 


the error in D caused by neglect of the term ol,/°X,, 


in Eq. 2 is le than 1 pet 

When diffusion measurements are carried out in 
polycrystalline samples, the possibility that the re- 
ults may be affected by preferential grain boundary 
diffusion must always be considered. Such effects, if 


present, are easily detectable in a sectioning experi- 
ment by the nonlinearity of the graphs of log I vs X 

It is thus clear from Fig. 1 that, under the present 
experimental conditions, grain boundary diffusion 
effects are negligible in the temperature range 1147 

to 1248°C. In order to determine whether grain 
boundary diffusion may have contributed to the re- 
sults obtained by surface counting, several measure- 
ments with this technique were made on samples of 
the original undecarburized nickel in which the 
grain size was less than 0.1 mm. At temperatures 
above 1050°C, these results agreed within experi 

mental error with those obtained in the decarburized 
specimens. Below 1050°C, however, the apparent 
diffusion coefficients in the undecarburized nickel 
were invariably higher, by as much as a factor of 
two, than those measured in the decarburized ma 

terial. It is highly improbable that the small amount 
of carbon should appreciably affect the rate of lat 

tice diffusion. Therefore, these results indicate that 
the rate of grain boundary diffusion at temperature: 
below 1050°C ts sufficiently high to introduce error 

in the measured lattice diffusion coefficients when 
the grain size is of the order of 0.1 mm or ke 


Table |. Summary of Results 


Temperature, DCm See Technique 
1147 sectioned 
1189 bile Sectioned 
220 2 29:16 Sectioned 
2448 
878 2.45110 Surf counted 
Surface jnted 
120110 Surface inted 
29110 Surface unted 
071 170010 Surf inted 
1118 456.10 Surface inted 
1164 7.41610 Surface runted 
1199 Surface inted 
1240 2¢ ivface unted 


In the large grained samples, then, grain boundary 


diffusion effect hould be of significance only at 
temperatures somewhat below 1050°C. However, in 
the graph of log D vs 1/T, Fig. 2, there is no regular 


tendency for the experimental points below 1000°C 
to depart from the straight line that describes the 
data above 1000°C. In addition, the measured acti 
vation energy wa een to fit the correlations in 
Table Il, whereas an apparently low value would be 
expected if the results were affected by preferential 
grain boundary diffusion It is concluded, there 


Keal Keal 


G Atom Atom 


Table Il. Correlation of Activation Energies for Self-Diffusion in Face-Centered-Cubic Metals with Various 


Thermodynamic Properties 


Keal 


Atem Kelerence 
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| 
Metal 
Pb 279 800 19 46% 234 000 
Cu 614 81.5 452 97 754 ‘ 
72 42.2 a4 0 702 
8 0 4 7 
Ag 5 2:34 27 69 1 “9 “7 65 
Au Of 82.4 7 64 
45 14 2 
Fe 742 4 0 768 
“79 070 i” 
N 66 8 72 4.20 102 a7 159 085 
Mea 44 17 0047 
RMS de ition, pet 


fore, that the data reported here are characteristic 
of lattice diffusion 
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Tensile Characteristics of Particle-Strengthened 


Alloys of Zirconium With lron 


The tensile characteristics of Zr-Fe binary alloys containing up to 5 atomic pct Fe 
are reported for the temperature range —195° to 500°C. A linear relation between stress 
at constant strain and volume fraction ZrFe, was found. The coincidence of data from 
unalloyed zirconium with zero volume fraction ZrFe. indicated little or no solid solution in 
u- zirconium, in agreement with Hayes, Robersor, and O’Brien.' The absolute increase in 
strength due to particle strengthening, although decreasing with increasing temperature, 
was a greater percentage at high temperature. 


IRCONIUM is of interest for use in nuclear re- 

4actors because of its low neutron absorption, 
wood corrosion resistance, and high melting tem- 
perature, The alloying of zirconium with iron ha 
been considered as a means of increasing the me- 
chanical strength of zirconium without seriously 
increasing the neutron absorption*® over that of 


* The thermal neutror rpth of ireor 24 barn ims compared 
te O1 for sireontu The tender of an element to absorb 
wut exapre od in te of or ectlor unit ire bart per 
te 10 ‘ whiect s measure of probabilit that the atoms 
will capture neutrons 


unalloyed zirconium 

The Zr-Fe system has a eutectic at 934°C and 23.7 
atomic pet Fe and a eutectoid at 800°C and 4.0 atomic 
pet Fe. The zirconium-rich end of this system deter- 
mined by Hayes, Roberson, and O’Brien’ is shown in 
Fig. |. The intermetallic phase coexisting with a 
and #-zirconium has been reported as Zr,.Fe,,’ with 
a 7.04A, and as ZrFe,,” face-centered-cubic, the 
phase being of the MgCu, type (C-15). It was more 
recently agreed to be ZrFe,” and face-centered-cubic 
This intermetallic phase is essentially insoluble in a- 
zirconium, the hexagonal-close-packed modification; 
and the lack of solubility makes the system particu- 
larly interesting metallurgically The system is 
trengthened almost exclusively by particles of in- 
termetallic phase, and there is very little solid solu- 
tion strengthening to complicate the analysis 


The Bureau of Mines, in its survey of zirconium- 
base alloys,’ reported the tensile properties of Zr-Fe 
alloy made from chlor idk process zirconium, induc- 
tion melted in graphite crucibles, and swaged at 
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Laboratory, General Electric Co, Schenectady 
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by J. H. 


Keeler 


850°C in iron sheaths. Additional data on these Zr- 
Fe alloys were given by Hayes, Roberson, and 
O'Brien 

Chubb and Muehlenkamp’ have recently reported 
the strength of Zr-Fe alloys containing up to about 
1.25 atomic pet Fe. These alloys were made from 
crystal bar zirconium, hot worked at 820°C, an- 
nealed at 700°C, and tested both at room tempera- 
ture and at 316°C 


Experimental Procedure 
The materials used in this investigation were 
high purity zirconium made by the iodide process 
and electrolytic iron. The composition of the zir- 
conium as obtained by spectrographic analysis and 
the nominal composition of the iron are given in 
Table I 


Table |. Composition of Melting Stock” 


Crystal Bar Zircontam Electrolytic Iron 


Element Wt Pet Element Wt Pet 
He 0.3 maximum Cc 0.03 
Fe 002 Si Trace 
Al 0 005 to 0.02 Mn 0 000 
Cu 0 001 to 0.005 Pp 0 020 
Ni 0.005 to 0.02 Cr, Mo, Ni Nil 
Mg 0 001 to 0.005 Ti. Al, Vv Nil 
Mo 

N 0 007 
* Oxveen and irbor ire estimated at 0.002 pet for the zirconium 


Wt pet was determined by chemical anal 


Alloy ingots weighing 100 g were made by arc- 
melting under argon in water-cooled copper cruci- 
bles in a multihearth furnace.” 
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ATOMIC PER CENT IRON 


Unalloyed zirconium ingots melted in the same 
manner as the alloys were used as 0 Fe compositions 
in data analysis 

The alloys used in the particle-hardening analysis 
were analyzed chemically for iron content. The 
nominal and analyzed atomic percent and nominal 
and analyzed weight percentages of iron are given 
in Table II. Throughout this report these alloys will 
be referred to by their nominal atomic percent com- 


position 


Table Il. lron Content of Low O-N Alloys of Zirconium and Iron 


Analyzed Iron Content 


Nominal Iron Content 


Atomic Pet Wt Pet Atomic Pet Wt Pet 


These alloys were hot rolled at 800°C in iron 
sheaths to a thickness of approximately 0.025 to 
0.020 in. Any additional rolling to obtain a sheet 
thickness of 0.020 in. was done at room temperature 
with the bare, unsheathed alloy Annealing of these 
alloys was carried out at 750°C in the all-a region 
in evacuated Vycor or quartz tubes containing zir- 
conium foil to take up residual oxygen and nitrogen 

Tensile specimens with a 2.25 in. gage length and 
a gage width of 0.200 in., as described previously 
were made from the alloy sheets and .tested, using 
Instron Engineering Corp. tensile testing machine 
whose characteristics have been reported.’" Tensile 
tests were conducted in liquid nitrogen at 195°C, 
in air at room temperature and 300°C, and in vacuo 
at 500°C. True stress vs true plastic strain and log 
true stress vs log true plastic strain were plotted for 
most of these test True stress at a true plastic 
train of 0.002 (0.2 pet offset yield strength), true 
tress at true plastic strains of 0.02 and 0.05, ultimate 


tensile strength, reduction in area, and elongation 
are tabulated. The strain hardening exponent, m, 
from the stress-strain relationship 

Ke” [1] 


obtained from the slope of log true stress vs log true 
plastic strain plot is also listed in some instance 
In other instances, where the log-log plot was not a 
traight line, the slope was taken from that portion 
of the curve in the vicinity of the strain at maximum 
load. In more recent tests, the slope da/de, of the 
linear true stress-true strain curve at « 0.02, wa 
determined to provide a measure of the strain hard- 
ening 
Results and Discussion 

True stress vs true plastic strain curves were cal- 
culated from autographically recorded load exten- 
sion curves. An instantaneous tenfold increase in 
the strain rate, which results in an instantaneou 
positive displacement of the flow curves in the stres 
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Fig. 2—Plot is of ry ~ vs «, after Opinsky, indicating 
In« 
that localized necking did not occur at maximum load 
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Fig. 3—Yield stress and flow stress are plotted at a true 
plastic strain of 0.05 vs atomic pct Fe 
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Fig. 4—Ultimate tensile strength and percentage of elonga 
tion are plotted vs atomic pct Fe 
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direction, was used to determine the strain rate 
which avoid 


ensitivity 1 


nsitivity,” n, under condition peci- 
men to specimen variation. The rate 
calculated from the relation 
log S /S 
[2] 


log 


in which S, 1 } tre obtained with strain rate « 


and S, is the obtained with strain rate « 


$00 


Fig. 5—Rate sensitivity, a, and rate of strain hardening, 
da 
, at a true plastic strain of 0.02, are plotted vs atomic 


percentages of tron 


STRENGTH 


002 003 
VOLUME FRACTION Zrfe,,f 


Fig 6—Graph plots yield strength and flow stress at « 
vs volume traction ZrFe 


At 500°C, the alloys displayed the early maximum 
load type of load extension curve reported earlier 
for unalloyed zirconium’ and Zr-Cr alloy: 

din L 


The relation VS «, 
In ‘ 


suggested by Opinsky 


and tried recently for unalloyed zirconium,” was 
plotted for several of the 500°C tests. Deviation 
downward from a straight line relation did not occu 


dinL 
0, as would be predicted if localized 
d In 
necking began at maximum load. Such deviation 
trains considerably be- 


shown in 


only became significant at 
yond that for maximum load 
Fig. 2, it was difficult in some instances to decide the 
real initiation of localized necking from these curves, 
e.g., the Z1 3 pet Fe curve shown, because of the 
gradual change in slope. The load extension curve 
beyond maximum load also changed gradually. In 
instances such as the Z1 5 pet Fe curve shown in 
Fig. 2, the change in slope occurred rather sharply 
and agreed rather closely with the change in slope 
of the load extension curve, and allowed a fair esti- 
mate of the strain at which localized necking began 
The various tensile characteristics are plotted 
against the atomic percentages of iron in Figs. 3 to 
5, and are listed in Table III 
imilar to the previously reported 
containing 


However, as 


In a manner 
Zr-Cr system, the zirconium-rich alloys 
iron are strengthened through particle hardening 
by the ZrFe, phase. From the reported crystal struc- 
ture and lattice parameter of ZrFe,,’ the density 
7.73 g per cu em, using the relation 


N-M 
V-A 


was calculated a 


where N is the number of molecules in a unit cell, 
M is the gram molecular weight of the compound, V 
is the volume of the unit cell, and A is Avogadro’ 
number. The volume fraction, f, of the compound 
present in an alloy may then be calculated from the 


relation 


[4] 


where g. is the amount by weight of compound 
present, g, is the amount by weight of « phase pres- 
ent. and £ is the ratio of the density of the compound 
to the density of the a phase. The values of g, and 
g. were obtained from the constitution diagram. Zero 
olid solubility of ZrFe, in a-zirconium was assumed 

The relation between true stress and volume frac- 
tion ZrFe. for true plastic strains of 0.002 and 0.05 
are shown for various test temperatures in least 
quares plots in Fig. 6. The data points for zero vol- 
ume fraction are obtained from tests of unalloyed 


Fig. 7—Micrographs are of alloys containing: a) | atomic pct Fe, b) 3 atomic pct Fe, and c) 5 atomic pct Fe. Specimens show 
bright field, as-electropolished X500. Area reduced approximately 40 pct for reproduction 
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Table Ill. Tensile Properties of Zr-Fe Alloys, « Annealed 


Test 
Temperature 
Property ‘ 


0 002. p 29.000 
17.000 
10,000 
6.100 
0,400 
1.300 
13.400 
8,900 
2,000 

400 
$100 
2.800 


Not determined 


Nominal Atomic Pet Fe 


4 


48 900 
1.000 
17.800 
2.500 
2.500 
+700 
1,000 


0.7 
0.009 
0017 


0 O57 


arc-melted crystal bar zirconium prepared in the 
The fact that these data 
closely on the 


volume fraction 


same manner as the alloy 
for unalloyed zirconium fall 
straight line relation of stre \ 
compound is considered 
clusion of Haye Roberson, and O’Brien 
olubility of the Zr-Fe 


very 


upport for the con- 
that the 
intermetallic phase in a-zir- 


trong 


conium | mall 

The relation of stre to volume fraction fits a 
o the strengthening effect of 
may be interpreted as a rule of mixture 

Moreover, in the range of particle diam 

, 2x10 mm to 10x10 
apparently is not critical. See 


traight line relation, 
the ZrF« 
relation 
eters found in these alloy mm, 
the variation in size 


Fig. 7 


Table IV. Absolute and Percentage of Increase in Flow Stress Per 


Unit Volume Fraction ZrFe., do/df, and /a., Respectively 


oot 


The increase trength (the difference in stre 

between the zirconium alloy and arc-melted unal- 
loyed zirconium tested under the same conditions) 
at various temperatures vs volume fraction ZrFe 
for true stre at a true strain of 0.05 is plotted in 
Fig. 8. As in the case of the previously reported Zr- 
Cr alloys,” the 
the second phase | 
of quantitatively 


absolute increase in strength due to 
maller at higher temperature 
effective- 


trengthening the matrix 


One wa‘ howing the 
ne of the 


material 


econd pha ein 


is by determining the percentage of in- 
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crease in strength due to the presence of the second 


phase particles per unit volume fraction of second 


phase present. This is readily accomplished by divid 
ing the slope of the flow 
plots, Fig. 6, by the stre 
Table IV 


tress per unit volume fraction (do/dJ) and the pet 


tre vs volume fraction 
intercept at zero volume 
fraction hows the absolute increase in flow 
centage of increase in flow stre per unit volume 


dea lope 
fraction ( / ol 
dj intercept 


true plast« 


) for everal values of 


train and for the several test tem 
perature 

The specific influences of the second 
hown in the data in Table V, 
true tre , Aa, for 
interpolated composition of 
Zrk« It is seen that the 
tre at a constant temperature 
Since the alloys in this inve 
ductility, the 


does not reach a constant value at high 


phase are 
where the increases in 
trains are given for an 
0.04 


absolute 


Variou 
volume fraction 
increase in true 
increases with true 
train tigation were 


limited in trengthening increment 
trains, a 
ugvested by Hart and a hown for C Cr alloy 


by Hibbard and Hart.” 


Table V 


Influence of Temperature and Strain on the Increase in 
Stress Level for a 0.04 Volume Fraction Alloy 


Test ‘ oor 
Tempera 
ture, Vet 


The percentage of or normalized 
trength for the same 0.04 
hown in Table V increase omewhat with tem 
to the 


trength, is le with wreasing 


‘ 

volume fraction composi 
tion 
contrary 


perature and previ ly mentioned 


absolute incre: in 
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‘ 
ite, 0.000 41.200 
21,800 41,000 
11.300 21.200 
7,500 ooo 
ite 7.300 a5.900 
‘ 
17,100 
10,700 ! oo 
tes 71.200 107.100 
44.200 8.200 67 000 
21 11.600 900 
4.60 21.700 24.700 
Ultimate te ‘ ‘ 67.000 74.400 91 900 a0 600 
25 O00 ‘ noo 
18.000 25.800 12.000 
00 12.700 15.200 21.500 24.100 
Flongatic pet 225 195 18 10 
25 26 12 15 ‘ 
27 4 if 7 
00 63 47 
Reduction in area, pet 195 9 17 ” 7 
70 60 ‘4 
7 71 71 
d 195 6.3 4.0 75 “i 
ite, 002 10 25 15 40 
dey 00 12 20 20 15 
o7 10 on 
Rate sensitivity, + 195 0.009 
oo oo1s 
00 0 065 0 067 
Strain hardening exponent 195 0.178 
25 0.170 
0279 
O.117 
df 
ts te ou ‘ 
d 10° da d d d d 
Tempera- | ) { ) ( ) Cts 
ture, df d df dy df 1 
195 7.22 270 9 90 979 156 
25 499 294 6.01 iva “67 i748 
100 2.52 26.1 440 2.3 » O8 
1.80 2.01 212 2.39 18.2 
rei Vet re Vet 
195 24 404 on 19 9 000 
25 9,100 112 243 26,700 71 


amounts of true strain. The anomalous 300°C data 
may possibly be due to strain aging phenomena 
Orowan has proposed” that the yield strength of 
a two phase alloy is related to the stress necessary 
to force dislocation loops between second phase par- 
ticle and is thus inversely related to the distance 
A, between two neighboring particles in the follow- 


[5] 


where ris the yield stress, G is the shear modulus, and 
b is the Burgers vector. If uniform spherical particles 
ure assumed, the interparticle distance, A, can be 
related to the number of particles per unit area, N,, 
the radius, r, of the particles, and the volume frac- 
tion of second phase, f 

The relation between N,, the number of uniform 
pherical particles per unit area, and the volume 
fraction of particles has been given” as 


N, 3f/2er [6] 


and the average distance of a particle from nearest 
neighbors in a plane, D,, as 


D 2/\ aN [7] 


Using these equations, a modified Orowan relation 


Gb | 3f 
[8] 
r 2 


relating yield stre o*, and volume fraction may 
be made. This relation was utilized to calculate the 
room temperature yield stress due to particle hard- 


ening in a 5 atomic pet Fe-Zr alloy 

The value for the shear modulus was taken as 
2540 kg per mm’,” and values for r and f were esti- 
mated as 4.77x10* em and 0.0466. The calculated 
value for #* was 63 psi. The value obtained from 
the experimental data for the increased stress incre- 
ment due to the particles was 22,000 psi. The yield 
trength of this composition at room temperature 
was 40,000 psi. o* has been considered as an incre- 
ment of strengthening due to particles as well as 
the actual yield strength, which includes the 
trengthening due to particles. Therefore, both in- 
terpolated experimental values are included for 
comparison with the calculated values of o*. As was 
true for the particle hardening of zirconium by 
chromium,” the calculated value of «* was consid- 


erably ke than the yield stress of unalloyed zirco- 
nium and ie than the strengthening increment of 
the ZrFe, particles. These data are not consistent 
¥ 
a 


oo 002 005 


VOLUME FRACTION Zr Fes 


Fig. 8—Graph plots increase in flow stress at «, 005 ws 
volume fraction ZrFe 
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— 
fe 
Fig. 9—Graph plots ‘ 
flow stress over 
elastic modulus vs 
and Zr-Fe alloys 
6 200 


with the calculations from the Orowan relation 
Hart” has discussed the limitations of the Orowan 
theory 

The theory of Fisher, Hart, and Pry” indicates that 
the strength of particle-hardened alloys after strain 
greater than 10 pct is related to the back stress 
caused by dislocation loops piled up around the sec- 
ond phase particles, and to the 3/2 power of the 
volume fraction. This theory, too, is applicable only 
for alloys whose yield strength is unaffected by the 
particle 

Although the Zr-Fe data of this report deviate 
somewhat from the conditions for the theories of 
Orowan” or Fisher, Hart, and Pry,” plots of true 
stre vs f'* at a true strain of 0.002 and vs f'* ata 
true strain of 0.05 were made. The former condi- 
tions were chosen because they most nearly ap- 
proach the Orowan condition of yield strength; the 
latter, because they most nearly approach the Fisher, 
Hart, and Pry condition of high strain values. It was 
found in the least squares plots that the f’* relation 
deviated upward and the f** relation deviated down- 
ward with increasing volume fraction 

The temperature dependence of the particle 
strengthening in both the Orowan and Fisher-Hart- 
Pry theories must come through the variation of the 
modulus with temperature. If this is the only influ- 
ence of temperature, a plot of o/E vs absolute tem- 
perature would be expected to produce a constant 
value not changing with temperature. As shown in 
Fig. 9, this constant value was not found. The value 
of E used here were for unalloyed zirconium,” with 
the assumption that the values would be at most 
only slightly changed by the presence of compound 
particles 

Summary and Conclusions 

1) The tensile properties of Zr-Fe binary alloys 
containing up to 5 ‘atomic pet Fe are given for the 
temperature range 195° to 500 C. The highest 
yield strength obtained at 500°C was about 14,000 
psi, for the 5 pet Fe alloy 

2) A linear relation between flow stress and vol- 
ume fraction ZrFe, was observed in spite of consid- 
erable variation in particle size and shape. This 
suggests that the strengthening is not sensitive to 
particle size in the range 2x10° mm to 10x10” mm 
diam observed for these alloys, and that the strength- 
ening effect follows the law of mixtures. Systematic 
deviations from linear relations between stress and 
the square root or 3/2 power of volume fraction 
were obtained 

3) The stress-strain data indicate no significant 
solution hardening and, therefore, no significant 
solid solubility of ZrFe, in a-zirconium, in agreement 
with Hayes, Roberson, and O’Brien 

4) The absolute increase in strength due to second 
phase particles is smaller with higher temperatures, 
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Evaluation of the Structural Stability 
Of Ti-Mo-V Alloys 


Meta-stable / alloys in the titanium-rich corner of the Ti-Mo-V system have 
been studied with respect to their stability upon holding in the temperature range 
300° to 550°C. Metallographic examination coupled with hardness measurements 
were employed to follow structural changes. Ternary alloys in the total alloy con- 
tent range of 15 to 24 pct were found to transform. 


by W. F. Carew, F. A. Crossley, and H. D. Kessler 


S part of a program on phase relationships and 


transformation processes of titanium alloy sys- 2 / 2 
tems, the titanium-rich corner of the Ti-Mo-V system x 
has been investigated. This region was surveyed 
primarily to supply information toward the de- . 6/f eo 6 % 
velopment of a creep resistant, weldable alloy, with ” Va (283) yeaa e 
a minimum alloy content, for use in the 425° to é , 
550°C range. Specifically, the investigation wa (227) o 


directed toward the development of a stable £ alloy 


with le total alloying additions than is found in 7 

the Ti-30 pet Mo alloy. A secondary objective wa re | 

the development of a creep resistant, weldable a-f 

alloy for application around 300°C — 
Molybdenum was selected as primary additive to 6 

titanium on the basis of an investigation’ which ee > 

howed that the Ti-30 pet Mo alloy had promising v4 eee), 

elevated temperature tensile properties. Further- ee / 257) (268) ee 

more, aging studies’ showed no tendency for thi Bid ¥ x 
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H. D. KESSLER, Associate Member AIME, is Supervisor, Metallurg: 
cal Div, Titanium Metals Corp. of America, Henderson, Nevada 
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Fig. 1|—Diagram shows structures and corresponding hard 
nesses of water quenched Ti-Mo-V samples. A grain bound 
ary phase is also present; see Fig 2 Open circle represents 
a +t; closed circle, retained parentheses, as quenched 
hardness 
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- 
24 


Fig. 2-—-Micrograph 
shows Ti.10 pet Mo 
10 pet V, solution 
heat treated for 24 
hr at 1100°C and 
air cooled The 
with the microcon 
stituent was tenta 
tively identified as 
Specimen was 
etched with 60 cu cm 
glycerine, 20 cu cm 
HNO, and 20 cu cm 
HF X750 Area re 
duced approximately 
5 pct for repro 
duction 


alloy to transform from the 8 modification to the 
equilibrium «a # structure when held at tempera- 
tures below the #/a+f transus. The Ti-30 pet Mo 
alloy was also found to be weldable.” Unfortunately, 
the molybdenum-bearing alloy has since been found 
to undergo transformation when subjected to stre 
at temperature in the two phase field 

It was hoped that by using two @ stabilizers in 
combination it would be possible to reduce the total 
of alloy additions needed to produce a stable £ alloy 
With respect to titanium there are three f# stabiliz- 
ing noneutectoid-forming elements besides molyb- 
denum. They are vanadium, columbium, and tan- 
taulum, and their densities are 6.0, 8.7, and 16.6 g per 
cu em, respectively. Tantalum and columbium are 
carce materials, while vanadium is in compara- 
tively plentiful supply. Considering the relative 
denasitu and availability of the three element 
vanadium was selected as the ternary addition for 
this investigation 

In the Ti-Mo binary system, soft # is retained on 
water quenching alloys containing 11 pet or more 
molybdenum. In the Ti-V system, # is retained on 
ice brine quenching alloys of 15 pet or more vana- 
dium.” Assuming that a straight line in the ternary 
ystem joined the retained # boundary points of the 
binary systems, 24 ternary alloys with Mo: V ratio 


10 (227) 10 


Fig. 4—Diagram shows structures and corresponding hard 
nesses of oi! quenched Ti-Mo-V samples. A grain boundary 
phase is also present; see Fig 2. Open circle represents 
« + closed circle, retained 4; parentheses, as-quenched 
hardness 
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\ \ Fig. 3—Micrograph 


shows pet Cr, 
quenched from 1000° 
to 800°C, held 30 
min, and water 
quenched. Phases 
are identified as 4 
with « precipitate 
Specimen was etched 
with 60 cu cm 
glycerine, 20 cu cm 
HNO,, and 20 cu cm 
HF. X250. Area re 
duced approximately 
25 pct for repro 
duction 


of 1:3, 1:1, and 3:1 were selected to delineate the 
compositional region where § transforms, and the 
region where soft £ is retained on quenching. Com- 
positions in the retained # region were tested for 
tability by aging at 425° and 550°C. Stability of 
the transformed structures of alloys in the low com- 
position region was evaluated by aging at 300° and 
425 C. Aging effects were evaluated by metal- 
lographic examination and hardne testing. The 
highest compositions were Ti-6 pet Mo-18 pet V, 
Ti-1l pet Mo-11 pet V, and Ti-15.3 pet Mo-5.1 pet 
V for the three Mo:V ratios 1:3, 1:1, and 3:1, re- 
spectively. Several binary alloys were included to 
round out the picture, The highest binary composi- 
tions were 20 pet Mo and 30 pet V. The selected 
compositions are plotted in Fig. 1 


Experimental Procedure 


High purity (124 Dph) titanium sponge was used 
in the preparation of 50 g ternary alloy button 
Molybdenum was added as 0.003 in. sheet and vana- 
dium as particles —%4 in. +20 mesh in size. Melting 
was performed in a nonconsumable tungsten tipped 
electrode arc-melting furnace equipped with a water- 
cooled copper crucible, under a positive pressure of 
argon. Three samples were cut from each as-cast 


/ 


(390; * 


(360) 
(379) (Ba 


/ 18 
20 / 20 
ee (273) (258) 22 


Fig. 5—Diagram shows structures and corresponding hard 
nesses of air cooled Ti-Mo-V samples. A grain boundary 
phase is also present; see Fig. 2. Open circle represents 
a+; closed circle, retained 4; parentheses, air cooled 


hardness 
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Fig. 6—Hardness vs aging time 
is plotted at temperatures of 
300°, 425°, and 550°C for Ti 
Mo binary alloys 
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alloy button to study the initial effect of quenching 
rate on structure. A flat surface was ground and 
polished on each sample prior to solution heat treat- 
ing, in order to minimize possible structural changes 
resulting from the heat developed in the grinding 
operations preparatory to metallographic examina- 
tion. Parris et al. have shown that age hardening 
can occur in some titanium-base alloys at tempera- 
tures as low as 100°C. In the Ti-Mo-V alloys it was 
possible to age harden an unstable f structure dur- 
ing the polishing operation. The hardening was ap- 
parently due to the occurrence of the transition 
phase, w The three series of ternary alloy samples 
were sealed in Vycor bulbs under partial pressure 
of argon, homogenized for 24 hr at 1100°C, and 
quenched in the appropriate medium, either water, 
oil, or au 

Since temperatures in excess of 100°C are reached 
in mounting samples in Bakelite, a plastic which 
ets at room temperature was used. This was made 
by mixing Epon resin mechanically with triethylene 
tetramine, using a mixture of 90 pct by weight of 
resin to 10 pet of polymerizer. This mixture hard- 
ens in 2 to 3 hr at temperatures not exceeding 50°C 

Aging was carried out at temperatures of 300 
425, and 550°C for times of 1, 10, 50, 150, and 350 
hr. The low composition, 7 pet or less total alloy 
content, alloys were aged at 300° and 425°C. The 


= 900} 
2 
Fig. 7—Hardness vs aging time i 
is plotted at temperatures of FY 
300°, 425°, and 550°C for Ti < 
V binary al'oys 
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high composition, 15 pet or more total alloy content, 
alloys were aged at 425° and 550°C. Samples were 
air cooled after 24 hr at 1100°C in Vycor 


preparatory to aging. Air cooling wa 


define more critically the range of alloys 


bulbs 
expected to 
suitable 


for evaluation since, in general, as the cooling rate 
decreases, higher alloy content is needed to retain 


oft 
Results and Discussion 


Hardnesses of the water and oil quenched speci- 


mens fell in the range of from 218 to 


296 


Dph, 


whereas a number of the air cooled samples ex- 
hibited high hardness with major peaks occurring 


in the plot of hardness vs alloy content 


between 


10 and 13 pet total alloying addition. The hardness 


level of each peak was raised and moved to 
increased 


total alloy content as the Mo: V ratio wa 


lowe! 


Metallographic examination of the as-quenched 
amples revealed a needle-shaped microconstituent 


in the ternary alloys of sufficient alloy 
completely retained £ to be expected 


constituent i hown in Fig. 2. No such 


content 
The 
structures 


for 


micro 


had been reported in the phase diagram work on 
these system Attempts at identification by 


methods were unsuccessful, primarily 
the small amounts present. However, 


because 


it 


Was 


X-ray 
of 


con 


cluded that this microconstituent was most probably 


« for the following reason 
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Fig. 8&—Hardness vs aging time 
is plotted at 300°, 425°, and 
550°C for Ti-Mo-V alloys with 
a ratio of 1:3 
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noted that the phase was more abun- tion is comparatively sluggish. However, in an iodide 
indicating that titanium-base 11 pet Mo alloy containing less than 
0.02 pet O, transformation was readily suppressed 


1) It was 
dant in the slower cooled samples, 
it came out on cooling from 1100°C. However, a 


evere water quench could not suppress its forma- by quenching 

tion completely 4) In the aging work discussed later, a was 
2) An investigation conducted on the structural found to grow from the end of the needles, and 

changes of titanium-base alloys with heat treat- transformation of 8 to a occurred last in the regions 


ment” showed very similar microstructures in an immediately adjacent to these needles. This is con- 
11 pet Cr alloy quenched from 1000° to 800°C, held sistent with the hypothesis that the phase which 
15 and 30 min, and water quenched to room tem- comes out on quenching is a, since regions in the 
perature. See Fig. 3. This specimen showed a pre- immediate vicinity of such a plates would be richer 
cipitate very similar in appearance to the precipitate in alloy content than the original 8 matrix and 
present in the Ti-Mo-V alloy The specimen held would be more sluggish in transforming 
for 30 min at 800°C showed more of the second Although sponge of 124 Dph quality was used in 
phase than the specimen held for 15 min, indicating this investigation, it is obviously not as pure as 
that the amount of the second phase increased with iodide titanium. Apparently, in the high composi- 
time. In the 11 pet Cr alloy this phase was identified tion sponge-base Ti-Mo-V alloys, the presence of 
asia oxygen or some other impurity or combination of 
3) DeLazaro and Rostoker" have shown that impurities Causes a to precipitate on cooling through 


oxygen additions to Ti-11 pet Mo shift the TTT the high temperature part of the a + £8 region 
The structures obtained on quenching, together 


curves for the alloy to shorter times, and that at an 


oxygen content of 0.35 pet, transformation begins with the hardnesses associated with them, are dia- 
0 rapidly that it cannot be suppressed by wate grammatically given in Figs. 1, 4, and 5. The struc- 
quenching. An interesting characteristic of trans- tures developed by water quenching are given in 
formation in this alloy is that the initial transforma- Fig. 1. The banded zone indicates the transition from 
tion products delineate grain and subgrain bound- transformed £ to retained 8 plus a small amount of 
aries of the prior # phase, and further transforma- «. As anticipated, this band joins the transition 
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Fig. |0—Hardness vs aging time 
is plotted at 300°, 425°, and 
550°C for Ti-Mo-V alloys with 
a Mo:V ratio of 3:1 


points of the binary systems, Le., 
pet Mo and 15 pet V 
sent 
ing, the 
shown by comparing Figs. 1 


transition zone is the 


alloy content, as shown in Fig. 5, 
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approximately 11 
Although oil quenching repre- 
a slower quenching rate than water quench- 
same 
and 4 
cooling from the £ field shifts the transition to lower 
so that a straight 


immediately 


which 
the w» phase 


for both, as 
However, al! 


nesses, 


As shown in Fig 
beyond the transition zone in the re- 
tained 8 region exhibited abnormally high hard- 
is associated with 


the promising alloys 


500 *« 


4 
190 200 
HOURS 


5, a number of air cooled samples 


the occurrence of 


Aging studies were used to check the stability of 


The alloys containing the » 


line in the ternary system now joins the binary points 
corresponding to approximately 9 pet Mo and 11 pet 
V. DeLazaro et al.” found that a 9 pet Mo alloy, 
when quenched from 1000° to 700°C and held for 
ec prior to water quenching to room tempera- 
showed a retained f structure, while water 


two 
ture, 


quenching directly from 1000°C to room tempera- 


ture gave a transformed £ structure. In the Ti-Mo-V 
ystem a similar stabilization apparently 
was caused by the relatively slow cooling through 
the high temperature range of the a B field. It is 
generally expected that with decreasing cooling rate, 
higher alloy contents are necessary to retain the £ 
phase completely 


ternary 


- 


Fig. 11—Micrograph shows Ti-10 pct Mo Fig 


12—Micrograph shows T:-10 pct Mo 


phase were not included in the aging work because 
brittleness is associated with this condition. Aging 
hardness data are plotted in Figs. 6 to 10 

Samples with 7.0 pet or less total alloy content, 
which duplex a-f following the solution 
anneal-alr underwent no visible structural 
changes on aging at 300° or 425°C. The hardness 
level of these alloys generally remained in the vicin- 
ity of 300 Dph. The only significantly high hard- 
ness encountered in these alloys was 392 Dph, ob- 
tained for Ti-3.9 pet Mo-1.3 pet V, aged at 300°C 
for 350 hr. There is a reasonable expectancy for 
titanium-base alloys to suffer low ductility when 
they are heat treated to a hardness of 400 Dph or 


were 


cool, 


Fig. 13—Micrograph shows Ti-10 pct Mo 


10 pct V, solution heat treated for 24 hr 
at 1100°C, air cooled, then aged for | hr 
at 550°C and air cooled. Phases were 
identified as with fine o precipitate 
Hardness was 313 Dph Specimen was 
etched with 60 cu cm glycerine, 20 cu cm 
HNO, and 20 cu cm HF. X750. Area re 
duced approximately 25 pct for reproduc 
tion 
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10 pet V, solution heat treated for 24 hr 
at 1100°C, air cooled, then aged for 50 
hr at 550°C and air cooled. Phases were 
identified as with fine precipitate 
Hardness was 312 Dph Specimen was 
etched with 60 cu cm glycerine, 20 cu cm 
HNO., and 20 cu cm HF. X750. Area re 
duced approximately 25 pct for reproduc 
tion 


10 pet V, solution heat treated for 24 hr 
at 1100°C, air cooled, then aged for 350 
hr at 550°C and air cooled. Phases were 
identified as ) with fine a precipitate 
Hardness was 301 Dph. Specimen was 
etched with 60 cu cm glycerine, 20 cu cm 
HNO., and 20 cu cm HF. X750. Area re 
duced approximately 25 pct for reproduc 
tion 
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With the 


increas in these low composition alloy 


more ingle exception noted, the observed 
hardmne 
not occur on aging 
Figs. 11 to 13 show microstructures which resulted 
10 pet Mo-10 pet V at 550°C. The 


typical of those observed for alloy 


indicates that embrittlement do 
from aging Ti 
tructure are 
with 15 pet or more total alloy content aged at thi 
After only 1 hr transformation had 
haped microconstituent present 


temperature 
begun. The needle 
after the air cool from the @ field was observed to 
In the 10 pet Mo-10 pet V alloy 
formation at 550°C was completed between 50 and 
150 hi Coarsening of the 
during aging. After 10 hr at temperature the struc 

ture could be resolved at a magnification of X1160 


nucleate a trans- 


tructure was observed 


only in the vicinity of grain boundari and the 


present in the initial structure, while after 


tructure could be resolved. No 


needle 
$50 hr the entire 
observed upon aging the 

hardening may have occurred for 


hardening wa alloys at 
50 C. However 
aging times under 1 hr 

In general, transformation in the high composi- 
tion alloys was much ke complete after 50 hr at 
425°C imilar time at 550°C. Tran 
formation appeared to be complete in all alloys afte: 
350 hr at 550°C. However, transformation did not 
appear to be complete in Ti-20 pet Mo and Ti-15.3 
pet Mo-5.1 pet V after 350 hr at 425°C. The struc- 
were very fine and could 


than for a 


tures developed at 425°C 
not be resolved at a magnification of X1160 after 
450 hr of aging. Considerable hardening was asso- 
clated with the transformation, as may be seen from 
the aging curve It was quite evident that none of 
the alloys studied were stable with respect to com- 
plete # retention 

DeLazaro and Rostoker,” in their study of the 
relations between heat treatment, microstructure, 
and mechanical properties of Ti-Mo alloys, found 
ociated with 


These are 


two microstructural conditions to be a 
impaired ductility and impact strength 
fine irresolvable «@ of nodular rather than platelike 
appearance, and grain boundary precipitation of a 
developed in early stages of transformation. Simi- 
larly, Carew et al.” found that the transformed struc- 
ture of a Ti-30 pet Mo creep 
425°C under a stress of 75,000 psi for 930 hr was 
very tine and irresolvable. The ductility character- 
istics of thi tructure were indicated by the fact 
that the creep specimen fractured in a brittle manner 
upon being removed from the creep testing stand 
The structures produced by aging the retained £ 
alloys at 425° and 550°C were similar to these very 
fine structures associated with brittleness. Conse- 
quently, although aging at 550°C did not produce 
significant hardening, these alloys would be expected 
to exhibit poor ductility properties. Aging these 
alloys at 425°C would be expected to result in poor 
ductility properties for two reasons: the hardening 
produced and the fine nodular a precipitate 


pecimen exposed at 


Conclusions 


The results of this study of binary and ternary 
titanium-base alloys with molybdenum and vana- 
dium show that, for stability of the high tempera- 
ture #8 phase with respect to transformation at 
temperatures below the 8 transus, the following 
additions are insufficient: 1) 20 pet for binary alloys 
with molybdenum, 2) 30 pet for binary alloys with 
vanadium, 3) 24 pet total for ternary alloys with 
a 1:3 Mo:V ratio, 4) 20 pet total for ternary alloys 
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with a 1:1 Mo:V ratio, and 5) 20 pect total for 
ternary alloy with a 3:1 Mo:V Also, for 
tability under stress, more than 30 pct alloy addi- 
with molybdenum 


ratio 
tion is needed for binary alloys 
ignificantly hard structures de- 
total 


In general, no 
veloped in the compositions of 7 pct or Ik 
alloy content upon air cooling from 1100°C and then 
and 425°C. As a consequence, these 
tandpoint of re- 


aging at 300 
may prove useful from the 
taining ductility under service conditions in the 
as-welded condition. However, it should be remem- 
might produce result 


alloy 


bered that aging under stress 
different from those obtained by aging without stre 

The structures 
composition alloy 


resulting from air cooling the high 

from the #8 phase region are not 
necessarily a with brittlene However, 
the fine «a which forms upon aging these alloys at 
temperatures of 425° and 550°C is associated with 
brittleness It is concluded that ternary Ti-Mo-V 
in the total alloy content range of 15 to 24 pct 
and binary alloys in the range of 15 to 30 pet offer 
no promise for a service application at 425° to 550°C 
where ductility throughout service life is required 
of members. Further, for compositions in the vicinity 
of 30 pet alloy additions, attempt stable 
ductile a + #8 structure by post-weld heat treatment 
would probably prove futile. These alloys have such 
low 8 transus temperatures that only fine a + £B 
structures such as are associated with loss of duc- 
tility could be produced by heat treatment 


ociated 


alloy 


to obtain a 
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Some Transient Effects During Creep 
And Tensile Tests of an Aluminum Alloy 


A sudden change from one constant strain rate to another during a tensile test causes 
an unusual transient in aluminum alloy 61ST. A sudden change from one constant stress 
to another during a creep test does not produce an unusual transient in this material. 
A specially devised test shows that the nature of the previous steady-state conditions, 
which the sudden change disturbs, is one of the factors affecting the transient behavior. 
Some of the observations may be explained in terms of strain aging. 


by H. A. Lequear and J. D. Lubahn 


[ ALLY a sudden change during a tensile test . er 
from one constant strain rate to another cause: 

a small, abrupt vertical shift from one stress-strain 5 wor” 


curve to another, parallel one. This behavior is ap- = 30°) RATE CHANGE (A) «~* 

parently characteristic of all metals at very low Y 50 oy 

temperatures and of many metals for wide range ra a YX 

of temperature. It is illustrated in Fig. 1 for some “ A vs 45.1 RATE CHANGE (8) 
49) 


early data on 61ST tested at 195°C, and in Fig. 2 
for some recent data on copper at room tempera- 
ture. The greater accuracy of the results of Fig. 2 
over previous ones’ is due to the equipment shown 
in Fig. 3. Three levers apply the bulk of the load, 


ONVENT | ONAL 
@ 


while the changes in the small remainder load are 476 ? 8 9 i2 6 
indicated sensitively by a low capacity load scale CONVENTIONAL STRAIN~ MILS PER INCH 
Refs. 2 and 3 describe the recording equipment 
A test like those in Figs. 1 and 2 provides the 
information necessary to determine the rate sensi- a % 
tivity, of the metal 
| 54} 852) RATE CHANGE (C) 
dlogS Alog S 
dlogé« AS log ¢ 
log S,— log S log S./S nm $3) 
= $2! 60 | RATE CHANGE (0) 
where S equal tress; « is logarithmic strain or z 
natural logarithm of (final gage length/initial gage > 
length):* € i train rate or de/dt: and n } rate 8 Slog 24 25 26 27 28 29 40 4 42 44 44 


CONVENTIONAL STRAIN -MILS PER INCH 


ily equal 


Fig. |—Graphs show tensile test of aluminum alloy 61ST at 


sensitivity, rate of change of log stre with log 195°C in which the strain rate was suddenly changed from 
train rate at a given strain, or (@ log S/d log e), one constant value to another 
Normally. the rate sensitivity. n, i positive which 


in a direction corresponding to the rate change, but 
then the curve gradually shifts back again. The 
initial shift is not as sudden as might be expected, 
‘ thie t lé i to i 
how rat ensitivity values are derived from the becaust , esting machine unable to achieve 
the impressed rate change instantaneously, as illu 
trate g. 2. The beh: iown in Fig. 4 will 
tivity values derivable from Fig. 1 rated in Fi The behavior shown in Fij 
a be referred to as a tensile transient, the word tensile 
In contrast to the behavior of copper in Fig. 2 ; } th be} ' , ‘ 
implying that r Wi ‘rved in a ten 
the aluminum alloy 61ST, which strain ages when 
on type of test. The corresponding test, where the 


tested near room temperature, exhibits an unusual 
train rate is maintained constant except for the 


means that an increase in stre causes an increase 


in rate. However, certain exceptions, attributed to 


train aging, have been observed. Fig. 2 indicate 


measurement Table I summarizes the rate sensi 


transient when the strain rate is suddenly changed, ‘ 
u hown in Fig. 4. Initially, there is a compara- setegy n change, will be called a ten ile transient 
tively sudden vertical shift of the stre train curve est. A creep transient, by contrast, will be defined 
as a temporarily abnormal behavior in a creep 
H. A. LEQUEAR and J. D. LUBAHN are associated with the Re transient test. where there is a sudden change from 
search Laboratory, General Electric Co, Schenectady one constant load to another. 
TP 4193E. Manuscript, Mor 30, 1955. New York Meeting, Feb In Fig. 4. a naive look at the gradually decreasing 
sony THES and then increasing load after a sudden rate incre 
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= 
er 
7 
* Logarithmic strain and conventional strain are 
for the small strair considered 
5 


NOMINAL 
STRAIN RATE 


LOG, ¢ IN MINUTES 


23268 


LOG $,/5, 06 


7 


ne 


1,45 


TIONAL STRESS -ps 


OG 


45 


(CHECKS WITH 0.0038 AT 7% STRAIN FROM REF 3) 


CHANGE IN STRESS « 


266 ps: 


CORRECTED TO 
NOMINAL STRAIN RATE 


5 16 


CONVENTIONAL STRAIN 


Fig. 2—Chart plots tensile test of OFHC copper annealed at 600°C and tested at room temperature 
Constancy was obtained by manual control, using a hydraulic test 


changed from one y constont strain rate to another 


ment would suggest that there is strain softening, 
followed by strain hardening. The question arises 
as what would follow a sudden 
change in a test. In to answer, it is 
necessary to define strain hardening and strain soft- 
ening under constant stress conditions 
First, there is the case where neither 

ening nor strain softening occurs, Fig. 5 
tion, lack of strain hardening in a constant 
rate tensile test is characterized by a constant stress 
A creep test yielding a linear strain time curve has 
the same characteristics of constant rate and 
stant stress and, therefore, also exemplifies lack of 
strain hardening 


to behavior stress 


creep ordet 


strain hard- 
By defini- 
strain 


con- 


Table |. Summary of Rate Sensitivity Values from Fig. | 


Disterb 
ance 


Rate 
Sensi 
tivity 


Strain « 


0 0040 
6 0032 
0 0047 
0 0034 


a5 
103 
260 
288 


Average 00038 


Strain hardening in a creep test can be described 
in terms of positive rate sensitivity, where an in- 
For a 
at 


stress 


crease in rate requires an increase in stress 
metal which strain hardens (increasing stress 
constant strain rate), Fig. 6 shows that the 
in a tensile test rises to values that are progressively 
higher than that in a creep test which starts at the 


498—JOURNAL OF METALS, MAY 1956 


Al 


79 


PERCENT 


7.8 


Strain rate was suddenly 


same stress and rate. Therefore, for rate 
sensitivity, the strain rate difference the 


creep test and tensile test should become progres- 


positive 
between 


sively greater as the stress difference becomes greater, 
and the strain rate in the tensile test should alway 
be larger. Since the rate in the tensile test is con- 
stant, it follows that the rate in the test is 
diminishing. Thus, a diminishing creep rate signifies 
strain hardening. Conversely, an increasing 
rate signifies strain softening, Fig. 5 

This of 
manifest themselves and tensile tests is 
consistent with on the Bauschinget 
effect in creep tests and tensile tests. These obser- 
vations reveal that a temporary softness, manifested 
by a temporarily lower stress in tension, is reflected 
constant 


creep 
creep 


how hardening and softening 
in creep 


observations’ 


concept 


in a temporarily higher rate in a 


stress test 


creep 


Creep Transient Tests—The foregoing concepts, 
based on tensile transient behavior, indicate that a 
sudden small increase in load in a creep test should 
result in a sudden large increase in rate, followed 
by a gradual increase in rate, strain softening, and 
eventually a decreasing rate, strain hardening. These 
anticipated changes failed to materialize in actual 
experiments on 61ST at room temperature, Fig. 7 
The consistently diminishing rate following the load 
increment was observed for several combinations 
of strain, load change, and the value of the 
prior to the load change. The effects were essentially 
the as those observed in a nonstrain aging 
metal. both the transient test and the 


rate 


same 


creep 
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- 
Stress 
Rate Change 
Mark Change Pet 
45:1 121 
212 
D 60.1 142 


tensile transient test there were corresponding dis- 
turbances in the test conditions—a sudden large in- 


crease in rate accompanying a sudden small increase 
in load—-but the persevering effects did not corre- 
spond. This might have been because the particula: 
kind of strain history being disturbed is the govern- 
ing factor, rather than the nature of the disturbance 
itself. To investigate this possibility, an experiment 
was devised in which both the test history and the 
disturbance would be the same as in Fig. 4, but 
where the stress, rather than the rate, would be 
constant following the disturbance 

Procedure for Special Transient Test—The speci- 
men was loaded by means of a 17.6:1 lever, which 
was specially arranged to provide either a constant 
or variable load. A pail was hung from the under- 
side of the lever weight pan, in position to receive 
water by gravity feed from a reservoir through two 
valves in parallel 

An O. S. Peters P2M1 microformer gage was at- 
tached to the specimen and connected to a Baldwin- 


Southwark stress-strain recorder with the load 
mechanism replaced by a_ time 
drive.” Thus, a chart of strain vs 
time was recorded. From this rec- 


ord, the creep curve at constant ” 
stress could be obtained, or the 

strain rate for any conditions 

could be calculated from slope 

measurements 


Before the test, the chart paper 
was provided with many parallel 
lines, corresponding to a certain DN 
desired strain rate. The valves for 
the gravity-feed water line were 
placed next to the strain-time re- 
corder to facilitate manual control 
of the 


strain rate 


the water was shut off. Simultane- 
ously, a small weight was added to 
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the weight pan. This caused the desired conditions: 
a constant strain rate, a small sudden increase in 
load, then constant load 

Result of Special Transient Test—F ig. 8 shows the 
creep behavior subsequent to a small load increment 
that terminates a period at constant rate. The gradual 
increase and then decrease in rate after the load 
increment reflects the behavior in tension following 
the same history, see Fig. 4, where the stress at con- 
stant rate decreases, then increases. Thus, the result 
conforms to the concept of transient behavior based 
on the naive concepts of strain hardening and strain 
softening in Fig. 5 

Although the creep and tensile behaviors for this 
history correspond to each other qualitatively, the 
correspondence is not quantitative in two respects 
First, the temporary strain softening in the tensile 
test —decreasing stress— persists only through a 
strain interval of about 0.003. See Fig. 4. The strain 
softening in the creep test— increasing rate— per- 
sists over the longer strain interval of 0.007. See 
Fig. 8. Secondly, the rate sensitivity value from the 


tvers arent 


The specimen was loaded into Lad 
the plastic range by adding a suffi- + 
cient number of lead weights to ry 
the weight pan. Then the strain ' 
rate was manually kept constant Lowen 
for some considerable time at the 1000 
predetermined value, using the 
two valves in combination, as fol- } 
low Small adjustments were 
made in the setting of one valve, 
thus controlling the rate of change 
of the strain rate. At the same ay 
time, discreet amounts of water 
were admitted or removed from 
the pail to change the absolute 
strain rate. By the latter device, 
when the strain rate was constant, 
but differed slightly from the de- 
sired rate, it could be changed to r 
the desired rate without having to ay 
change the valve etting that 
would maintain constancy at the 

new rate Discreet amounts of 
water could be removed from the a“ 
pail by a valve in a syphon line » * 
The manual technique for adjust- 
ing strain rate resulted in rate 
variations of almost 2:1, even after 
considerable practice Fig. 3—Diagram illustrates ex 

perimental setup for determin 
After maintaining approximate- ing the vate sensitivity in © ten 
ly constant strain rate for a time sile transient test accurately me 
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Fig. 4—Transient effects in a 


tensile test on 61ST at room 
q temperature according to Lu 
4 -24 bahn’ are plotted 
S -2% 
-28 
a 
g 
4 
a 52) 
} 
J 
4 
O15 020 025 035 040 045 
STRAIN 
aa test of Fig. 8, 0.0135, is considerably higher than 
° NO STRAIN HARDENING that obtained in any other kind of test. The n-value 
i derived from the comparatively sudden shift of the 
* | STRAIN SOFTENING tensile curve is only 0.0060. See Table II]. That ob- 
tained from a creep transient test is only 9.0038. See 
STRAIN Fig. 7 and discussion which follows 
Fig. 5—Schematic 
reer CONSTANT STRAIN diagram illustrates 


strain hardening and Table it. Load Increment and Rate Sensitivity Values from Fig. 4 
strain softening in 
creep and tensile 


Nominal Lead 


tests in Lb at Log Change in Kate 
‘ Increment Pet Load Log Strain Sensi- 
per Min in Lb Change Kate tivity 


4010 60 1.52 15 0 0044 
4020 70 1.74 14 0 0054 
4115 75 146 1.45 0 0056 
4170 BS 204 14 0.0063 
4260 216 15 0.0062 
410 95 220 1.25 0 0077 
4.595 105 20 17 0 0062 


resr sTrress 


Average 0.0060 


TES" 

TES Thus, some quantitative features of the test result 
- of Fig. 8 remain unexplained. Also, why does a 
a4 peculiar transient appear when a constant strain 
* CREEP TEST rate history is disturbed by a sudden rate increment, 
wo Figs. 4 and 8, while the same disturbance applied 
to a constant stress history does not produce such 
Fig. 6—Schematic a transient, Fig. 7? Obviously, the nature of the 
diagram illustrates train history is important, but the reason for the 
reletions between importance must await a more detailed concept of 
creep test and tensile how strain and strain aging interact when they are 

test when strain proceeding simultaneously 
hardening occurs Role of Strain Aging in Transient Behavior—The 
room temperature transients of Figs. 4 and 8 might 
be interpreted in terms of strain aging, as follows 
At constant strain rate, a steady state condition 
w | exists in which recent strain increments have aged 
2 by an amount that depends on the strain rate. Thus, 
! there would be more complete strain aging for the 
nth strain increment back if the strain rate were 
small than if it were large, because a longer time 
would have elapsed at the slower rate for a given 
strain interval. This means that for two tensile test 
STRAIN ~ at different constant strain rates, the stress-strain 


500—JOURNAL OF METALS, MAY 1956 TRANSACTIONS AIME 


—_ 
4 
5600 
3700) 
RD 
€, 
| 
& s 
| 
rime 
‘ 


Fig. 7—Creep test 
on 61ST at room 
temperature ts 


. plotted in which the 
stress has been 
changed from one 


constant value to 
another 
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STRESS SUDDENLY INCREASED 
SHERE FROM 44,900 PS! TO 
43,430 PSi 


NOMINAL STRAIN RATE 
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Fig. 8—Creep behavior following a small load increase that 
terminates a period of constant strain rate is plotted 


RATE CHANGED HERE 
FROM TO 


Fig. 9—Schematic 
diagram illustrates 
r two methods of de 


termining rate sens: 
« ‘ tivity from a tensile 
transient test 
2 
on 
LOG 
STRAIN 
f 


TEMPERATURE 


Fig. 10—Effect of testing temperature on the rate sensitivity 
of 61ST according to Lubahn’ is plotted 


curve at the faster rate would not be as much higher 
than the curve at the slower rate as would be ex- 
pected from the normal rate effect in the material 
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Indeed, the stre -strain curve at the faster rate 
might even be the lower one, as demonstrated for 
mild steel by Fisher and MacGregor. For a sudden 
change from the slow to the fast rate, the udden 
stress increase, due to the normal rate effect, should 
be followed by a gradual shift of the stress-strain 
curve downward to a steady state condition of strain 
aging characteristic of the faster strain rate, as 
ob erved 

Measurement of Rate Sensitivity For the test in 
Fig. 7 the 0.92 pet stress change cau ed an 11.2:1 
rate change. These data make the rate sensitivity 


dlogS log log 1.0092 
. ( ) 0.0038 
d loge log «./e log 11.2 


When tensile tests were used” to determine rate 
ensitivity, taking the vertical shift of the steady 
state part of the stress-strain curve as the load 
change, dimension A in Fig. 9, the rate sensitivity 
appeared to be practically zero at room tempera 
ture, Fig. 10. This abnormally low rate sensitivity 
was ascribed’ to strain aging. Apparently, strain 
aging does not seriously affect the rate sensitivity 
value determined from a room temperature creep 
transient test, Fig. 7. The value of 0.0038 from such a 
test is as high as that from a tensile test at 195°C 
where strain aging presumably is absent. See Fig. 1 
and Table I 

According to the concept that the teady state 
tress-strain curve depends both on the strain rate 
per se and on the level of strain aging as gove rned 
by the strain rate, the steady state stress level could 
be either raised or lowered by an increase in strain 
rate. This would depend on the relative importance 
of the strain aging effects and the normal rate sensi 
tivity effects. Consequently, it is meaningle to try 
to derive a true rate sensitivity value from the shift 
in the steady state, stre train curve. It would be 
more proper to take the instantaneous stress change 
B in Fig. 9, so that no opportunity is given for the 
metal to adjust to a new steady state flow condition 
at the new rate. Table II shows the load increment 
values obtained from Fig. 4 in this way, and the 
resulting rate sensitivity value 

The results show that the rate sensitivity at room 
temperature, 0.0060 according to Table II, is highes 
than that at low temperature, 0.0038 according to 
Table I. This result is in accord with results on a 
wide range of metals covermg a considerable range 
of temperature. No explanation can be offered for 
the lower room temperature value of 0.0038 ob 


tained from the creep transient test of Fig. 7 
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A YY mechanism proposed to explain hydrogen 
embrittlement in titanium and its alloys must, 
of course, be consistent with the experimental data 
that characterize this embrittlement. Unfortunately, 
however, the mechanical behavior of hydrogen- 
bearing titanium, at least a-f titanium, has not been 
unequivocally defined. Lenning, Craighead, and 
Jaffee have clearly shown that hydrogen embrittle 
r-titanium by elevating its transition temperature 
probably as the result of the formation of titanium 
hydride Therefore, in these alloys, hydrogen act 
like at least one other interstitial contaminant, 
namely, nitrogen On the other hand, A#-titanium 


ha been shown by these ame investigator to 
tolerate very large amounts of hydrogen without 
uffering severe mechanical damage Mixing these 
two phase however, to form the most important 
cla of commercial alloy the a-f alloy again 
results in severe hydrogen embrittlement, although 
the mechanism by which the embrittlement is pro 
duced is not of the same type as that which cause 
brittlene in «@ alloy Ductility damage due to 


hydrogen increases as the strain rate is reduced in 
o-B alloys, while embrittlement in « alloys increase 
us the strain rate is increased, since the latter ts a 
transition temperature behavior 

Steel, like the a-8 alloys, becomes more hydrogen 
ensitive at slow strain rate uggesting that the 
mechanism producing the embrittlement in these 
two metals | immilar 

trown and Baldwin’ described the hydrogen- 
produced ductility depression in steel as a function 
of testing temperature and strain rate by defining 
the slope of the two surfaces that produced the 
depression in a three dimensional chart, Fig, 1. One 
of these surfaces was given by the equation 


(—-)>0 (—-)<0o m 


while the other was defined by the pair of equation: 
0 ) 0. {2 
{ —) (— (2) 


Surfaces of the type given by Eq. | are suggested 
in two way One is an embrittlement mechanism 
wherein the diffusion rate of hydrogen is competi- 
tive with the rate at which the material is being de- 
formed, as suggested by the planar pressure theory 
of Zapife and his co-worket The other is the 
diffusion controlled extension of Orowan’s theory 
on delayed fracture in glass by Petch and Stable 
Surface of the type given by Eq 2 are also com- 
patible with a mechanism of pressure build up in 
poids, according to de Kazinezy, since the solubility 
of hydrogen in the metal increase with testing 
temperature so that as the temperature is raised, 
the pressure in the voids is reduced 
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Hydrogen Embrittlement of a Commercial 
Alpha-Beta Titanium Alloy 


by E. J. Ripling 


4. 
‘4h, < 
¢ 


Fig. 1—Diagram illustrates fracture strain of spheroidized 
SAE 1020 steel with and without hydrogen embrittlement as 
o function of temperature and strain rate.’ Open circles, 
uncharged; closed circles, charged 


Kotfila and Erbin recently presented some data 
on the dependence of ductility on testing tempera- 
ture and strain rate for the a-f8 3 pet Mn complex 
alloy at four different hydrogen level Although 
data were presented for only three testing tempera- 
tures at three different strain rates, their results 
indicated that surfaces of the types defined in Eqs 
1 and 2 are produced in the alloy when the hydrogen 
level is sufficiently high—200 and 300 ppm—Fig. 2 

Jaffee and his co-workers presented data on a 
number of different a-8 alloys which indicated the 
existence of surfaces of the type described by Eq. 2, 
but the ductility recovery at low temperatures a 
given by Eq. 1 was not found 

In an attempt to aid in crystallizing this descrip- 
tion of the ductility dependence of hydrogen-bear- 
ing a-f8 alloys, tests were conducted by the author 
on a«-f titanium 140A with three different hydrogen 
contents 

The tensile properties of two as-received rods and 
one vacuum annealed rod* were obtained over a 


* Specimer were rough machined from this rod. Then they were 
wouur mnenaled, at less than 5x10 mm Hg, for 4 hr 


range of testing temperatures and strain rates a 
hown in Figs. 3 and 4. Hydrogen analyses were 
made by the Battelle Memorial Institute on four 
pieces of the rod whose properties are shown as 
olid circles in Fig. 4. The hydrogen content of 
these pieces, taken at widely spaced intervals within 
the rod, were 280, 270, 289, and 270 ppm, indicating 
that the hydrogen content within a single as-received 
rod was quite uniform. One of the broken test 
pieces whose properties are shown in Fig. 3 as solid 
cirele was also analyzed, and found to have a 
hydrogen content of 310 ppm. The analyses obtained 
on two of the vacuum annealed specimens were 92 
and 170 ppm 
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Fig. 2—Diagroms illus 
trate the effect of hy 
drogen level on the duc 
tility of 3 pet Mn com. 
plex alloy at a variety 
of testing temperatures 
and strain rates.” 


CONTRACTION IN ARE 


Fig. 3—Diagram illustrates ductility of titanium 140A in the 
as-received, 310 ppm H, and vacuum annealed condition vs 
testing temperature and strain rate Open circles, vacuum 


annealed, closed circles, as-received 


Hydrogen embrittlement in this alloy was atten- 
uated if the hydrogen content was high, or elim 
inated when the hydrogen content was only mod- 
erate, by stretching at a high strain rate. Hence, 
the hydrogen embrittlement in this alloy follows the 
description given by Eqs. 1 and 2. The embrittle- 
ment seems to result from the ame mechanism 
which produces hydrogen embrittlement in steel 
and is consistent with a competitive rate theory such 
as suggested by Zapffe and his co-workers, or by 
Petch and Stable 
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Measurement of Grain 


Growth Rates in Recrystallization 


The rate of growth of a single grain growing into a strained aluminum single crystal, 
measured by the conventional heat-cool-etch technique, is shown to decrease with time 
at temperature. The growth rate measured by means of X-rays, with the sample con- 
tinuously at temperature, is found to be linear. Evidence is presented to show that the 
decreasing growth rate obtained by the conventional technique is due to abnormal re- 
covery in the strained -* and thot the recovery in turn results from the heating and 


cooling cycles, rather t 
described in an appendix. 


an from the effects of etching. The experimental apparatus is 


by C. D. Graham, Jr. and R. W. Cahn 


REQUENTLY, the rate of grain boundary motion 

during recrystallization is determined by heat- 
ing a sample to a known temperature for a given 
time, cooling to room temperature, and etching to 
reveal the boundary position. The cycle of opera- 
tions is repeated as many times as necessary to 
establish the rate of boundary motion. Although thi 
heat-cool-etch technique has been used by a number 
of workers over a period of many years,” other 
investigators have encountered difficulty with the 
method They have attributed the erratic results 
to the effects of repeated heating and cooling, or of 
etching, or both, and have adopted an alternative 
experimental procedure in which a number of iden- 
tical samples are employed, each sample being cooled 
and etched only once. This alternative method over 
come ome difficulties, but introduces other In 
particular, the incubation periods of the observed 
yvrains are unknown; any effect of crystal orienta- 
tion on growth rate cannot be determined easily 

A preferable method would be to measure the 
motion of a reerystallizing grain boundary with the 
ample at temperature without etching,” but such 
measurements have in the past been restricted to 
nonmetal This paper describes the construction 
and operation of a device, the goniometer furnace, 
with which the position of a moving grain boundary 
between a recrystallizing grain and the strained 
ingle erystal into which it grows can be measured 
by means of X-rays, with the sample maintained 
continuously at temperature 


Goniometer Furnace 

The operating principle of the goniometer furnace 
hown in Fig. |. The sample, in the form of a 
bicrystal strip, is surrounded by a furnace, not shown 
in the sketch, and can be rotated about the two axes 
1 and B which intersect at the point where the 
X-ray beam strikes the strip. The strip is oriented 
© that one of the two grains gives a strong Bragg 
reflection, which is detected by a suitably placed 
Geiger-Miller counter coupled to a counting-rate 
meter. When the strip is moved parallel to its own 
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Fig. |—Diagram illustrates operating principle of goniometer 
furnace 


length in the furnace, arrow C, so that the X-ray 
beam strikes the second grain, there is in general 
no strong reflection. By noting the position of the 
strip at which the drop in Geiger counter reading 
occurs, it is possible to determine the position of 
the boundary. Measuring the change in boundary 
position with time at temperature gives the rate of 
growth of the recrystallizing grain 

Details of the construction and operation of the 
voniometer furnace are given in the Appendix 
Measurements showed that the temperature in the 
furnace was uniform within +10°C over its work- 
ing length of about 28 cm. The temperature at the 
measuring position, ie. at the point where the 
X-ray beam struck the sample, was estimated to 
be constant within +2°C. Using the goniometer 
furnace, the position of a stationary boundary could 
be measured with a reproducibility of +0.3 mm. At 
elevated temperatures, 500° to 625°C, with the 
boundary in motion and the X-ray reflection less 
sharp, the estimated accuracy of each measured 
boundary position dropped to about +1 mm 


Experimental Results 

The test pieces were single crystals of 99.6 pet Al 

principal impurities 0.19 pet Fe and 0.12 pet Si 
1 mm by 1 em in cross section and 6 to 10 cm in 
length, grown by the strain-anneal method. This 
relatively low purity material was used because of 
the difficulty encountered in producing strain-anneal 
single crystals of very high purity—99.996 pct 
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The strain-anneal method was considered 


necessary to obtain crystals free from substructure 


aluminum 


and with accurate external dimension 

The single crystal strips were extended 10 to 15 
pet, and heavily etched to prevent spontaneous 
nucleation.” After this treatment, heating normally 
resulted in the growth of new grains only from 
regions of severe local deformation, such as grip 
marks or sheared edges. If all such regions except 
one were eliminated by etching, it was possible to 
confine all the recrystallization nuclei to one small 
area. Of the many grains nucleated in this region, 
only one grew to the full width of the strip, creating 
a bicrystal strip in which one new grain was grow- 
ing into a strained single crystal. See Fig. 2. In such 
a specimen the grain boundary cannot decrease in 
area by migration, so that the driving force for 
grain boundary motion must be the difference in 
energy between the two grains 

When the rates of growth of such new grain 
were determined by the heat-cool-etch method, the 
rates decreased steadily with time, and eventually 
growth stopped completely. A typical example is 
shown in Fig. 3. If, however, the growth rate was 
measured in the goniometer furnace, an approx! 
mately linear plot resulted, with no tendency for 
a later decrease in growth rate, Fig. 4. These effects 
were observed for crystals extended both 10 and 15 
pet, and showed no correlation with the orientations 
of the strained and growing grains. The limited 
length of the goniometer furnace made it difficult 
to continue a run for a long period of time, but a 
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Fig. 2—Top drawing shows new grain growing into strained 
single crystal. Bottom: after original new grain stops grow 
ing, the strained grain will not support the growth of other 
new grains nucleated separately 


4 C000 0 


Fig. 3—Diagram plots growth rate at 550°C, measured by 
heat-cool-etch method. Crystal was extended 15 pct 
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Fig. 4—Diagram 
plots growth rate at 
500°C, measured in 
goniometer furnace 
Crystal was extended 
10 pct. Growth rate 
was 1.20x10 * cm 
per sec 
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OUNDARY Pos/ 


TIME, min. 


number of runs lasting up to 2 hr were made with 
out any evidence of a decrease in growth rate 

Each crystal tested in the goniometer furnace 
howed a fairly sharp critical temperature below 
which the growth rate was zero. This temperature 
was different for different strips, but generally lay 
between 500° and 600°C. If a growing crystal wa 
cooled to just below its critical temperature and 
then reheated to the original temperature, growth 
was normally resumed at the same rate as before 
cooling. These phenomena are illustrated in Fig. 5 

The difference in growth behavior between a 
crystal which is alternately heated, cooled, and 
etched, and one which remains at temperature | 
ignificant. The decreasing growth rate which re 
ults from the heat-cool-etch method must be due 
to one of three mechanism an effect (some form 
of recovery) on the strained grain; an effect on the 
vrowing grain; or an effect, such as the collection 
of impurity atoms, on the boundary itself. The fol 
lowing evidence indicates that the decreasing growth 
rate is due to recovery of the strained grain 

1) If a region of severe local deformation wa 
upplied in a strained grain in which the growth 
of a new grain had stopped, the nuclei so provided 
would grow only in the region of severe local strain 
and not into the body of the trained grain, Fig. 2 
It is therefore clear that the trained grain had 
recovered to a point where it could no longer sup 
port the growth of a recrystallizing grain If the 
decreasing growth rate were due to a change in the 
new grain, or to impurities collecting at the grain 
boundary, these newly nucleated grains should have 
yrown readily 

2) The loss of capacity to support the growth of 
a new grain was accompanied by a measurable de 
crease in the hardne of the strained grain, indi 
cating recovery of the strained matrix 

These facts led to the conclusion that the decrea 
ing growth rate observed by the heat-cool-etch 
method is the result of recovery in the strained 
grain. This knowledge, however, did not permit a 
decision between the effects of heating and cooling 
and the effects of etching as the cause of recovery 
Some difficulty was encountered in separating these 
variable ince it was not readily possible to etch 
a specimen without also cooling it to room tempera 
ture. It was neverthel possible to establish the 
following facts by measuring growth rates in the 


goniometer furnace 
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Fig. &—Diagram plots effect of single temperature cycle 
and of single temperature cycle plus heavy etch on growth 
rate at 550°C. Crystal was extended 10 pct 
to room temperature for 10 min; C.D, air cooled to room 
17 pct wt loss) in hot 10 pet NaOH 
Growth rates) 285, 2.77, and 262x10° cm per sec 


A single heating and cooling cycle did 


A.B, air cooled 


90 


not 


1 growth rate, within the experimental error 
pet. A heavy etch (at room temperature) 
affect the growth rate either. These obser- 


are illustrated in Fig. 6 


Although a single cooling cycle had no effect, 
five consecutive cycles (air cool from 550°C to room 


iture, reheat to 550°C, no etching) decreased 


than the experimental error, Fig. 7 


the growth rate about one third—considerably more 


ncereasing the number of temperature cycle 


from five to ten caused a more marked decrease 
the growth rate, Fig. 8 


in 


From these experiments, it is possible to say that 
temperature cycling alone causes a decrease in 
growth rate of the right order of magnitude to 
account for the observed decrease in growth rate 
as measured by the heat-cool-etch method, and that 
the effect of etching is probably small. About five 
to eight temperature cycles were necessary to pro- 
duce an appreciable decrease in the growth rate in 
all cases where the rate of boundary motion was 
determined by the heat-cool-etch method, see Fig. 3 
This is in agreement with the finding that a single 
temperature cycle had no appreciable effect, but 
that a number of successive cycles could produce a 
marked change in the growth rate 


Discussion 

The recovery produced by temperature cycling 
is especially remarkable in view of the fact that 
normal recovery—the recovery which takes place 
on annealing at constant temperature below the 
recrystallization temperature—apparently has no 
effect on the growth rate of a recrystallizing grain 
Growth rates measured in the goniometer furnace 
remained unchanged after almost 2 hr at tempera- 
tures above 500 °C, Fig. 5, by which time any normal 
recovery process should have been virtually com- 
plete.” Other workers have also found that growth 
rates are not affected by normal recovery 

The recovery caused by temperature cycling must 
be different from normal recovery, since this cycling 
recovery has a marked effect on subsequent re- 
crystallization behavior. The exact nature of the 
process is not clear, but it is possible that air cool- 
ing the thin aluminum strip samples introduces 
quenching stresses of sufficient magnitude to affect 
the recovery process. There is considerable evidence 
that recovery takes place to a greater extent than 
normal if a test specimen is strained slightly during 
the recovery treatment.” ” The question is whether 
or not air cooling introduces sufficient strain to 
cause such abnormal recovery. This abnormal re- 
covery may involve the glide of dislocations rather 
than their climb,” but the exact mechanism is un- 
certain. Further experiments on this subject are in 


progress 

It seems safe to conclude that the true growth 
rate of a recrystallizing grain, unaffected by ab- 
normal recovery, is linear. A number of investi- 
gators have observed linear growth rates by the 
heat-cool-etch method In these cases, recovery 
must have been insufficient to affect growth rate 


Summary 

1) Growth rates of recrystallizing grains grow- 
ing into strained aluminum single crystals show a 
steady decrease with time at temperature when 
measured by the conventional heat-cool-etch 
method 

2) However, growth rates measured by means 
of X-rays, with the sample at temperature, are 
linear 

3) The decrease in growth rate shown by the 
heat-cool-etch method results from an abnormal 
recovery of the strained grain 

4) This recovery in turn is primarily due to the 
heating and cooling cycles rather than the etching 


Appendix 
Construction and Operation of the Goniometer 
Furnace—A general view of the goniometer furnace 
and its associated equipment is shown in Fig. 9. The 
furnace was constructed in two halves. The lower 
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Fig. 7—Diagram plots effect of single and multiple tempera 
ture cycles on growth rate at 550°C. Crystal was extended 
10 pct. A-B, air cooled to room temperature; C-D, cycled 
550° -+ room temperature -> 550°, five times. Specimen was 
not etched. Growth rates: 243, 265, and 160x10° cm 
per sec 
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Fig. 8—Diagram plots effect of multiple temperature cycles 
on growth rate at 550°C. Crystal was extended 10 pct. A-B, 
cycled 550° -+ room temperature -+ 550°, ten times. Growth 
rates. 1.69 and 067x10 ° cm per sec 


half, which supported the specimen, was designed 
to rotate about the two axes A and B of Fig. 1. The 
upper half, which was split to permit the entrance 
and exit of the X-ray beam, rotated only about ax) 
A. Each half was constructed of Ni-Cr alloy heat 
ing coils imbedded in insulating brick and held in 
place with Alundum cement. The heating coils were 
spaced to compensate for heat losses from the end 
and sides of the brick The slit in the upper brick 
was V- haped, narrowing down to about 1 mm in 
width just above the specimen strip 

A nickel plate, approximately 11x442x'4 In., wa 
et into the upper surface of the lower brick, just 
above the heating coil The test strip was carried 
in a groove machined into the surface of this plate 
and the upper brick was located about 1 mm above 
the surface of the plate. The furnace was normally 


operated in a nearly horizontal position to minimize 


air currents between halve 
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Fig. 9—Photograph shows goniometer furnace and associated 
equipment. A, X-ray tube; B, Geiger Muller counter on arm; 
and C, slit in upper half of furnace 
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Fig. 10—Stereogram shows procedure for obtaining « Bragg 
reflection from the test strip 
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Fig. 11—Diagram shows change in counting rate meter read 
ing with position of sample strip in goniometer furnace 
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Be. 
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Power wa upplied independently to the two 
of the furnace. The temperature was measured 
located in the 


halve 
by a chromel-alumel thermocouple 
under the point where the 
X-ray beam struck the Temperature wa 
controlled by an on-off controller operating on the 
furnace half only As has been stated, the 
working length of the fur- 
uniform within *10°C, and 
control thermocouple wa 


nickel plate directly 


ample 


lowe! 
ternperature along the 
nace, about 26 cm, wa 
the temperature at the 
constant within 
The specimen strip was positioned in the furnace 
by a staink teel rod. The motion of the rod, and 
teel rule clamped 


hence of the strip, was read on a 


to the furnace frame 

The X-ray 
per radiation from a fixed tube operated at 50 kvp 
The beam was only roughly col- 


beam was composed of unfiltered cop- 


and 15 to 20 ma 
limated, 0.8° half-angle cone, to prevent the re- 
flected beam from being lost when the strip shifted 


position slightly in the carrier groove during a run 


The reflected beam was directed into a Geiger- 
Miller counter mounted on an arm which pivoted 
about axis A of Fig. 1. The counter was connected 
to a counting-rate meter and speaker unit. Scat- 
tered radiation from the sides of the slit in the fur- 
nace brick wa ufficient to obscure the reflected 
beam. so a collimator tube of about 5 mm diam wa 
installed in front of the counter 


The geometrical requirements for positioning the 
trip relative to the X-ray beam are illus- 
tereogram of Fig. 10. The plane of 
the stereogram corresponds to the plane of the test 
trip in the furnace Rotation about axis A of Fig. 1 
corresponds to rotation about the transverse axis of 
the stereogram, and rotation about axis B, to rota- 
tereogram. The vertical 


pecimen 
trated in the 


tion about the center of the 
axis of the stereogram then corresponds to the slit 
in the upper furnace brick. Both the incident and 
reflected X-ray beams must lie in this 
through the slit. Therefore, the normal 
plane 


plane in 
order to pa 
to the diffracting plane must lie in thi 
This was accompli hed in a typical cause by rotating 
the lower furnace brick with the 
the reflecting plane normal moved from position 1 
to position about axis B, as shown on the figure 
he dotted X across the stereogram shows the limit 
of this rotation imposed by the mechanical con- 


truction of the furnace 


pecimen, so that 


The strip was next positioned to give a strong 
Bragg reflection by rotating the furnace about ax! 
A until the incident beam lay a distance 90 — @ from 
the normal to the reflecting plane where @ is the 
The final step was to ad- 
Geigel tube so 


appropriate Bragg angle 
just the position of the 
that it picked up the reflected beam at an angle of 
90 — #@ on the other side of the plane normal. There 
imposed on the magnitudes and 
by the necessity of 


counter 


were certain limit 

directions of these rotation 
having both the incident and reflected beams make 
angles of le than 90° with the strip normal (in 
addition to the reflecting plane normal), by the 
excessive broadening of the reflected beam for small 
angles of incidence, and by the necessity of keeping 
the counter tube clear of the incident beam It wa 
a reflection from the same family 
This proved po ible by using 
of fairly high intensity 


convenient to use 
of planes in each run 
the {422} reflection, which | 
and sufficiently high multiplicity so one plane of the 


family always met the geometrical requirements 
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The angular settings of the furnace had to be cor- 
rected to make readings with the strip at elevated 
temperatures, because of the change in Bragg angle 
resulting from thermal expansion of the lattice This 
expansion amounts to about 1.45 pet between room 
temperature and 550°C for aluminum, which leads 
to an increase of about 1° in the Bragg angle for 
reflection from {422} planes 

When the strip wa 
Fig. 1, in the furnace, so that the X-ray beam no 
longer struck the grain which gave a strong Bragg 
reflection, there was a sharp drop in the counting- 
rate meter reading. The change in reading with 
change in strip position is shown in Fig. 11, which 
is drawn to correspond to readings with the strip at 
500° to 600°C. Because the maximum reading was 
not very constant or reproducible, it was found best 
to record the point at which the counting rate showed 
an appreciable rise over the background intensity, 
when going from the no-reflection to the strong- 
reflection grain. These readings were estimated to 
be reproducible within *1 mm Although the abso- 
lute boundary position was never determined, this 
method permitted the rate of boundary motion to 
be followed with reasonable accuracy. Accuracy was 
about +10 pet for the relatively short runs usually 
made, and increased with the duration of the run 


moved parallel to arrow «fl 
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Melting Point Determination 
Of Hafnium, Zirconium, and Titanium 


An improved technique is described for the accurate determination of melting points 
of metals in the temperature range 1500° to 2500°C. The improvements consist of gra 
dient heating and refinements in cavity preparation to obtain true black-body conditions. 
The melting point of hafnium, as determined by this method, is set at 2222° « 30°C. This 
is over 200°C higher than one of the values reported earlier. Discrepancies in the previ- 
ously reported values for the melting point of hafnium are explained. The melting points 
of zirconium and titanium are found to be 1855°* 15°C and 1668° + 10°C, respectively. 
Reproducibility of results was * 3°C. 


by D. K. Deardorff and Earl T. Hayes 


Table I. The hafnium was of the highest purity that 


tIMARILY, this report is being made to correct a 


1975 +25 C’ value for the melting point of haf- has been prepared, though not as pure as the zirco- 
nium, and to present an improved method for melt- nium and titanium. At the instigation of the Pitts- 
ing point determination. As a matter of interest, the burgh Area Office of the AEC, a special lot of HfO 
technique was also applied to determining the melt- was purified, converted to the tetraflouride, and 
ing point of zirconium and titanium bomb-reduced with calcium, all at the lowa State 

There is a wide difference in the melting point of College Laboratories. This crude hafnium metal was 
hafnium as reported by competent investigators then refined by the iodide process at the Foote Min- 
DeBoer and Fast’ reported a value of 2230°+50°C eral Co. All specimens were cut with a SiC wheel, 
and later work of McPherson, as reported by Aden- ground, pickled, and dried carefully before use 


stedt, placed the melting point at 1975 *25°C p d 

Zwikker’ calculated that the melting point wa: roce site 

2430°C. In resolving this discrepancy, improvement: General Tungsten Suspension Method —In thi 
were made in the procedure for determining the method, a small specimen 1 uspended by a fine 


tungsten wire in a slender, induction-heated tung- 
ten or tantalum cylinder, all under vacuum. The 
melting point is determined by heating the specimen 
lowly while observing it with an optical pyromete! 
focused upon a portion of the specimen that radiate: 
as a black body. This means that there should be no 
reflected radiation, either from colder objects neat 
the pyrometer or from hotter surfaces. The induction 
heater would be the only hotter object and, if itt 
lender enough, the specimen will attain the same 
temperature. Often a slender hole is drilled into the 


melting points of refractory metals in the range 
to 2500 C 

Special techniques are necessary to determine the 
melting point of these metals accurately. Since the 
metals oxidize in air above 900°C, the determina- 


tions must be carried out In an inert gas or vacuum 
Also, every known refractory contaminates them to 
ome extent. In addition, the attainment of true 


black-body conditions is always difficult 

DeBoer and Fast actually determined the melting 
point of Hf-Zr as-deposited iodide process alloys and 
extrapolated to 100 pet Hf. McPherson employed a 
tungsten wire suspension similar to that described 
by Schramm, Gordon, and Kaufmann,’ and used haf- Table |. Spectrochemical Analyses of Crystal Bar Hafnium, 
nium metal produced by the iodide proce There Zirconium, and Titanium—Ppm 


pecimen as a source of black-body radiation 


was no apparent reason for the wide spread in melt- 


ing point ince the quality of the metal was very Impurity Hafniam Zirconium Titantom 
good and the work was under the direction of highly 


competent investigator Al 20 20 20 

Retracing some of this work revealed one under- 

tandable error in the case of hafnium, and led to Fe 800 25 TD 
development of an improved technique for deter- +4 40 ca 
mining melting points of reactive metals in the range = yd > 

1500° to 2500 C Ss 150 20 2 

Material 20 20 

Crystal bar hafnium, zirconium, and titanium 00* 100 


this work, with analyses a hown in 


were used for 


D. K. DEARDORFF and E. T. HAYES, Members AIME, are Physi 
cist and Metallurgist, respectively, U. S. Bureau of Mines, North 
west Electrodevelopment Experiment Station, Albany, Ore 


TP 4169E. Manuscript, July 8, 1955. New York Meeting, Febru This was the general method used by McPherson 
ary 1956 in obtaining his value of 1975 C for the melting 
Papers by authors on the Bureau of Mines Staff are not subject point of hafnium. In trying to repeat this work, it 
to copyright was found that the points of contact between the 
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3 Fig. |—Diagram if 
lustrates vacuum 
furnace used for 
melting point deter 
mination Numbers 
represent: 1, vacuum 
line; 2, window; 3, 
vacuum head; 4, 40 
mil W wire with loop 
base; 5, 2% in. 1D 
amersil fused silica 
tube; 6, | in. diam 
0.005 wall 3 in. high 
tantalum cylinder, 7, 
35 mesh zirconia 


: powder, 8, suspended 
(not shown) zirconia 
9 crucible—moditied 

: tam cat. No. 2503. 
i 9, induction coil; 10, 


cavity type specimen 
approximately '4 in 
diam, | in. tall, with 
‘sy in. thick cap of 
same metal, II, pre 
cautionary crucible 
or quench bath; and 
12, rubber plug 


10 


12 
hafnium pecimen and tungsten uspension wire 
fused, causing the su pended specimen to drop be- 
fore any indication of melting could be detected 
elsewhere, Possibly McPherson mistook an alloying 
temperature for the melting point of a pure metal 
This re-examination led to the deve lopment of the 
gradient heating technique, a variation of the tung 
ten suspension method 

Gradient Heating and Technique Used— The pra- 
dient heating method j © designed that the only 
portion of the specimen coming into contact with 
tungsten is below the heater. This is shown at point 
No, 10 in Fig. 1, which illustrates the furnace setup 
The specimen-tungsten contact area ji kept below 
the alloying temperature, not only by receiving less 
heat, but mainly by being free to radiate heat to the 
cold silica tube. Thus, a temperature gradient is es- 
tablished along a rather slender specimen which 
permits the desired melting on one end and pre- 
vents unwanted alloying at the othe: 

By using 40 mil tungsten wire and forming a 
mall loop at one end, a rigid combination of sus- 
pension and specimen support is attained. Point No 
4 in Fig. 1 de picts the general form of this su pen- 
ton support. The indicated turns are made by flame 
heating those portions to a dull red and quickly 
bending while hot. The specimen j placed on this 
upport while outside the furnace: then the two are 
lowered simultaneously by using a piece of string 
that catches the top hook of the su pension, This 
procedure allows the specimen and its su pension 
upport to swing as a unit, and thereby eliminate 
most upsets that otherwise would be caused by 
direct contact with an unsteady hand 

Since there is a temperature gradient along the 
specimen and a heat loss from its bottom, there nec- 
essarily must be an equal heat input further up the 
specimen, This is possible only if the heater is at a 
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higher temperature than the specimen. An ordi- 
narily satisfactory sighthole drilled into the peci- 
men top was found to reflect this hotter radiation 
and give erroneously high temperatures. By actually 
constructing a black-body cavity in the upper por- 
tion of the specimen, reasonable and reproducible 
results were obtained on metals of known melting 
points. This construction is depicted at point No. 10 
in Fig. 1. The specimen is 1 in. high and approxi- 
mately ‘4 in. sq. On its top an oblique hole '% in. in 
diam and 3/16 in. long is drilled, forming the main 
pocket of the cavity. This is covered by a slice of 
pecimen material about 3/16 in. thick. called the 
pecimen cap. A smaller hole, about 1/32 in. in diam. 
is drilled through this cap, and forms the cavity 
opening. The small amount of radiation from the 
heater that reaches the main cavity is scattered 
therein 

Melting was done under a vacuum of about 0.1 yg, 
and the tested specimens emerged perfectly bright 
The particular setup described can also be operated 
under atmospheric pressure of an inert ga up to at 
least 1900°C. A Leeds-Northrup optical pyromete: 
which has been certified by the National Bureau of 
Standards was used. The induction coil was powered 
by a 12.5 kw electronic high frequency generator! 
made by Scientific Electric Co 

This gradient heating technique is well suited for 
metals such as hafnium and zirconium, which are 
poor thermal conductors. When melting occurs. it i 
ignaled by a sealing shut of the cavity opening, but 
the measured radiation originates farther down In 
the cavity. If the specimen is a good conductor of 
heat, the thermal gradient along its length will ex- 
tend up to the cavity, and the melting point so deter- 
mined will be slightly low. Here, too. the cap thick- 
ness plays an important part, and may have to be 
changed for each specimen. On a good determina- 
tion, the bottom of the cap hole seals shut. and the 
cap is welded to the specimen. If the cap is too thin, 
it remains cooler and does not weld to the pecimen 
and the melting point is reached and exceeded in the 
cavity without detection. Sometimes melting first 
occurs on the cap top and sealing of the opening 
takes place, giving a low value Rounding the cap 
top frequently obviates this difficulty 

An alternate procedure has shown that a impler 
form of specimen construction will also emit black- 
body radiation and have some advantages over the 
specimens described above. Briefly, this consists of 
drilling a conventional sighthole in a thicket peci- 
men cap, and placing this cap on a specimen pede 
tal. A 5/16 in. thick cap, having a 0.035 in. diam hole 
drilled 3/16 in. deep, now actually become the 
specimen. It is placed on a pedestal of specimen 
metal that is the same height as the cavity type 
specimen—1 in. This conventional-type sighthole 
now emits black-body radiation because the inter- 
face between the specimen and the pedestal acts as 
a barrier to heat flow, and allows the pecimen to 
approach the same temperature as the heater. Melt- 
ing is signaled by a dark reflection from the first 
drop of molten metal that forms in the bottom of the 
ighthole. Therefore. the melting point is taken a 
the last bright reading of the optical pyrometer. The 
specimen does not fuse to the pedestal. This mean 
that for work on binary alloy specimen there 
would be no reason why a pedestal of the highe: 
melting metal could not be used for the complete 
composition range. Whether this form of pecimen 
or the cavity type is used depends upon the deter- 
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mination desired. The cavity-type specimen has a 
unique use in the determination of eutectic temper- 
atures, as mentioned later in the determination of 
the Hf-W eutectic temperature 


Results and Discussion 
Hafnium was found to melt at 2222° +30 °C, zir- 
conium at 1855° +15 °C, and titanium at 1668 
+10 C. A small piece of tungsten wire was placed 
in a hafnium cavity, and observed to melt at 1965°C 
This agrees closely with the 1975°C value of Mc- 
Pherson, and must be the eutectic temperature of 
hafnium and tungsten. If a very slow heating rate 
had been used when the original tungsten method 
was tried, it is quite possible that the whole speci- 
men would have become wet with eutectic and ap- 
before the tungsten became 
specimen dropped 


pear to have melted 
completely dissolved and the 
This could explain the low value of 1975°C 


Table il. Melting Point of Refractory Metals 


Observed 


Melting Point Corrected Accepted 
Brightness Melting Melting 
Metal Temperature, °¢ Point, Point, 
Hf 2132 2222 
Hr. W 1965 2033 
Zt 1805 1855 
ri 1628 1668 
Ni 1426 1455 1455 
Pt 1728 1773.5 1773.5 
Ir 2290 2454 2454 


Table II shows the actual brightness temperatures 
observed at the melting point of hafnium, tungsten 
contacting zirconium, titanium, nickel, 
platinum, and iridium. These temperatures include 
the slight certification adjustments by the Bureau of 
Standards. Table II also shows corrected values for 
these observed temperatures, These latter were de- 
termined from a graph of true vs observed melting 


hafnium, 


temperature based upon nickel, platinum, and 
iridium determinations. The small absorption cor- 
rection, perhaps as large as 10°C, for the fused 
quartz eyepiece was automatically made by thi 


With the exception of hafnium plus tungsten 
all values were taken from determina- 


graph 
and iridium 


tions that were made by using the last described 


type of As mentioned, the hafnium plus 
tungsten determination was 
pecimen. For the iridium deter 
mination, the specimen was a 's in. diam by 3/16 in 
tall cylinder of pressed, high purity Johnson-Mat- 
they iridium powder. It had a 0.029 in. diam sight 
vacuum melted in the 


pecimen 
made on the first de- 


scribed cavity type 


hole of 's in. depth, and wa 
bottom of a slender zirconia crucible 

The melting point obtained by this new 
gradient heating method are reproducible to within 
+3°C. However, it is felt that the respective 
racies for the zirconium, and titanium 
values can be reported no closer than +30 C, *15°C, 
and +10°C. This 1 were nece 
ary for the calibration metal 
iridium that can only be attributed to 
ure from black-body conditions within the specimen 
sighthole; and it is not certain that the melting point 
pecimens propel had the ame departure from 
black-body conditions. The fact that the tridium 
value was obtained by using a different method and 
requires a correction of some 150°C ts the main rea- 
son the hafnium value is reported no closer than 
+30°C. There was insufficient iridium available to 
the authors to enable them to use the same gradient 
heating method used on the other metal 


values 


accu 


hafnium, 


because correction 
platinum, and 
light depart- 


nickel 
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Technical Note 


omewhat from pol- 
The problem is not 
suitable reagent, but rather of pro- 
urface re- 


pure zinc differs 
ishing le reactive metal 

that of finding a 
ducing the polish in such a way that the 
polished after it is removed from the polishing 
bath the anodic film that is vital to 
the polishing mechanism’ must be tightly adherent 
usually desirable that it be thin 


main 
In other word 


and nonporous It is 


J. J. GILMAN, Junior Member AIME, and V. J. DeCARLO cre 
associated with the Research Laboratory, General Electric Co, 
Schenectady 
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Chemical Polishing of Pure Zinc 


by J. J. Gilman and V. J. DeCarlo 


proportion 


olutions consist of prope 


Polishing 
of an acid and a 
the external circuit acts a 


trong oxidizing agent. In electro 


polishing the oxidizing 


agent. The proportions are critical because the e 
ential surface film must be maintained at approx) 
mately constant thickness during the polishing proc 
e In the case of zinc, chiefly two oxidizing agent 


chromic and nitric acids, have been used 
The simplest polishing 
nitric However, it has certain disadvantage 
It tends to pit; an excessive heat | 
and the oxide film that it 
o that the polished sur- 


reagent is concentrated 


acid 
amount of 
evolved during polishing 


produces is not very stable 
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Fig. |—Diagram illustrates chemical polishing baths for zinc, 
based on 2 min immersion times 


face tends to stain. To overcome some of the disad- 
vantage everal schemes have been used, such as 
a) dilution with an equal volume of water to reduce 
the rate of heat evolution, b) refrigeration to 0°C, 
and ¢) intermittent polishing and washing. None of 
these methods is wholly satisfactory 

Chromic acid has been combined variously with 
other acids to produce polishing reagents. Some of 
these are as follow a) 220 2 chromic acid, 740 ml 
water, 2.5 ml sulphuric acid, 1.5 ml glacial acetic 
acid,’ b) 200 » per 1 sodium dichromate, 6 to 9 ml 
ulfurie acid,’ ec) 160 @ chromic acid, 500 ml water 
20 » sodium sulfate, and d) 160 2 chromic acid, 500 
ml water, 10 to 30 ml hydrochloric acid. Fresh solu- 
tions of these polishes give quite satisfactory result 
However, the reagents age rapidly during use, and 
then tend to build up yellowish chromate surface 


films which must be removed with 30 pct aqueous 
chromic acid or 10 pet NaOH. Staining often results 

A superior modification of the nitric acid polish 
has recently been developed by V. J. DeCarlo. The 
quality of polish and stability of the surface film that 
this reagent produces is consistently high. Also, the 
urface oxide film is thinner than the chromate films 
that are produced by the reagents listed previously 

The new polish consists of three chemicals: nitric 
acid, ethyl alcohol, and hydrogen peroxide. The 
function of the ethyl alcohol seems to be that of 
moderating the nitric acid, while the hydrogen per- 
oxide stabilizes the oxide film that forms on the zinc 
surface. A diagram of the composition limits of the 
polishing solutions is given in Fig. 1 

Although several different mixtures might be used, 
it is convenient simply to mix equal parts of nitric 
acid, hydrogen peroxide, and ethyl alcohol to form 
an excellent polishing solution. However, caution 
hould be used. Ethyl alcohol should never be poured 
into nitric acid, although the reverse may be done 
with safety. Also, it should be remembered that this 
reagent produces painful skin burns upon contact, 
and should be mixed fresh each day 

Polishing occurs within seconds after immersion, 
but about 2 min is needed to obtain the highest 
luster at room temperature. The polished surface 
that this reagent yields has been found to be stable 
toward rapid oxidation up to approximately 350°C 
in air or in a salt bath of mixed sodium and potas- 
ium nitrate 

For pure cadmium, 2 parts hydrogen peroxide, 2 
parts ethyl alcohol, and 1 part nitric acid has been 
used successfully 


References 
1 P Hoar, J. A. 8S. Mowat Mechanism of Electro-polishing 
Nature 1950) 165, p. 64 
J Washburt Private communication 
J Rodda. Private communication 


K. Pinner: Electroplating. (Oct. 1953, Apr. 1954 


Technical Note 


M. Howe, E 


by 


HE decreasing solid solubility limit at the 
titanium-rich end of the Ti-Cu constitutional 
diagram, Fig. 1, suggests the possibility that tita 
nium-rich alloys may be age-hardenable. However, 
results obtained by Holden et al. reproduced in 
Fig. 2 show that after quenching from 790°C the 
age-hardening of an alloy containing 1.7 pet Cu ts 
very slight, while a 0.8 pet alloy decreases in hard- 
ne during heat treatment at 400°C 
It was believed possible that powder samples of 
alloys might show different results from the lump 
amples used by Holden et al., since small particles 
are often more sensitive to diffusion processes than 
larger samples. Consequently, a 1.9 pet (by weight) 
Cu alloy was made by the technique of levitation 
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Precipitation Hardening in a Ti-Cu Alloy 


Saarema, and J. Gordon Parr 


melting, checked for homogeneity, and filings 
of 48-65 Tyler screen size were cut from it for aging 
experiments 

The filings were helium-quenched (by a tech- 
nique described previously)’ from 790°C, sealed 
in vacuo in silica tubes and aged at temperatures of 
400°, 450°, and 500°C. Microscopic and X-ray ex- 
aminations failed to reveal any structural change: 
during the aging process. This is not too surprising 
since early stages of precipitation do not usually 
manifest themselves in ways that are readily de- 
tectable by metallographic methods, and the extent 
of precipitation on overaging a 1.9 pct alloy is very 
small 

However, hardness readings (taken on a Bergs- 
man microhardness tester, using a 25 g load applied 
to a diamond indenter) do show a hardness peak at 
each aging temperature, Fig. 3. About a dozen read- 
ings were taken on each heat treated sample; the 
highest reading and the lowest reading were ignored 
and an average taken of the remaining values. In 
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Fig. |—Titanium 


A | rich end of phase 
diagram for Ti-Cu 
- is plotted, after 


Joukainen et al 


Fig. 2—Effect of 
ss aging on the hard 
ness of an 08 pct 
anda l7 pet Cu 
100} alloy, both in lump 


: oon form, at 400°C, is 
| plotted, as deter 
4 & mined by Holden 
AGING TIME iN HOUR et al 


Fig. 3 the curves pass through the average readings, 
while the extent of scatter is shown by the length of 
the vertical lines drawn through each point on the 
curves 

It is generally accepted that, during aging, hard- 
ening occurs as a result of stresses set up by pre- 
precipitation processes. At low temperatures of 
aging actual precipitation never occurs, and hence 
the hardness curve is asymptotic to a line parallel 
to the time axis. At higher temperatures of aging 
precipitation occurs, stresses are relieved, and the 
hardness curves fall off 

In the Ti-Cu alloy at temperatures between 400 
and 500°C the hardness curves show characteristic 
that are typical of overaging. Experiments con- 
ducted at lower temperatures gave no positive indi- 
cation of hardness increase. Therefore, it appear: 
that the coherency between the precipitate and the 


Fig. 3—Graph shows effect of aging on the hardness of a 
1.9 pct Cu alloy, in powder form, at 400°, 450°, and 500°C, 
as determined by the authors 


matrix material is short-lived at the temperatures 
investigated—a fact which may be peculiar to the 
Ti-Cu system or to the use of samples of very small 
dimension 

Quite apart from this overaging peculiarity, the 
results indicate that the Ti-Cu specimens are readily 
usceptible to age-hardening treatments. This is in 
contrast with the behavior of lump sample which 
are reported by other workers’ to respond negligibly 
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Technical Note 


RAIN boundary migration in V-shaped thin 
pecimens of high purity silver wa tudied 
Each specimen contained two crystals having the 
relative orientation: (111),/(111) (110),/(101) 
The boundary between these two crystals varied be 
tween a continuous curved and an alternating two 
plane interface. The plane interfaces were oriented 
parallel to (101),/(011), and (121),/(211),. Trace 
of these planes are shown in Fig. 1. Evidently the 
two plane interface, although of higher area, com- 
prises lower total interface energy than the average 

curved boundary it replaced 
The plane boundaries were found to move at 
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Grain Boundary Mobilities in High Purity Silver 


by W. E. Bron and E. S. Machlin 


650 C to consume the broad se yrment of the V Oppo 
ite to the direction of interface area and energy de 
crease, On investigation, using the thermal etching 
technique of Hendrickson and Machlin,' it was found 
that the outer grain contained 8.3x10° more disloca 


tions per cm than the grain at the apex of the V 
Consequently, the boundary moved to decrease the 
train energy associated with the difference in di 

location density acro the boundary. The rates of 
motion of specific {110} and {112} boundaries were 


measured during interrupted anneals at 650°C by 
referring the position of the boundaries to each othe 
and a fiducial line on the specimen surface. The 
measured rates of motion are 0.075 and 0.025 mm pet 
hr for the {110} and {112} boundaries, respectively 
Plots of grain boundary motion vs time of annealing 
how straight lines with little deviation of data 


points from these line 
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Fig |—Micrograph shows segment of grain boundary between 
two crystals. Alternating plane sections parallel to (110) 
and (211! comprise the grain boundary. Traces of these 
planes are shown in the figure. X1000 Area reduced ap 
proximately 25 pct for reproduction 


From a knowledge of boundary migration rate and 
driving force, the mobility for boundary migration 
may be calculated using the relation 


L = M-sG [1] 


where L is the boundary migration rate, M is the 
mobility for boundary migration, and AG is the free 
energy decrease per unit volume swept by interface 


The excess free energy density SG may be esti- 
mated using dislocation theory” ‘ for the energy pe! 
unit length of dislocation and the measured disloca- 
tion density. Two independent estimates of the for- 
mer yield 1.6x10°* and 1.8x10° ergs per cm pe! 
dislocation. The boundary mobilities then become 
1.5x10° and 0.5x10° cm* per erg-sec for {110} and 
‘112} planes, respectively. These mobilities may be 
compared with those obtained by Rosi et al. for sec- 
ondary recrystallization of silver. With the assump- 
tion that the driving force for secondary recrystalli- 
grain boundary energy consumed by 
about 


zation is the 
the secondary grains, their mobility becomes 
0.5x10° cm‘ per erg-sec at 650°C, in good agreement 
with the values in this paper. It should be noted 
that the plane segments moved locally without in- 
crease in area. Therefore, no contribution of surface 
energy to the driving force was considered 
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Technical Note 


Substructures in Retained-Beta Phase of Ti-Ni Alloys 


by D. H. Polonis and J. Gordon Parr 


I° a previous study of hypereutectoid Ti-Ni alloys 
a substructure was observed in quenched powder 
when the constitution was 100 pct re- 
tained 8 body-centered-cubic phase. The alloy pow- 


pecimen 


ders were quenched from 1000°C by a blast of 
helium gas and precautions already described were 
observed throughout the work, to minimize con- 
tamination. Ogden et al.” have previously observed 
ubboundaries in the #8 phase of a Ti-Mn-N alloy; 
but this structure was attributed to nitrogen-rich 
« precipitation. The nitrogen content of the Ti-Ni 
not exceed 0.02 pet and the quenching 
ufficiently rapid to suppress precipitation 


alloy doe 


rate was 
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reactions. Since X-ray diffraction results have con- 
firmed the absence of any second phase which might 
account for this phenomenon, it seems unlikely that 
this substructure is explicable in terms of nitrogen 
content 

Fig. 1 shows the substructure in adjacent grains 
of 100 pet 8 phase in a quenched 6 atomic pet Ni 
Fig. 2 shows adjacent A grains in a similarly 
one grain contains marked intracrys- 
completely free 


alloy 
treated alloy; 
talline boundaries and the other 1 
from any substructure. The subcrystals appear to 
have fairly regular shapes, suggesting a regular ori- 
entation relationship among them. Tempering the 
retained f structure at temperatures below the 
eutectoid eliminates the substructure at an early 
stage of 8 decomposition 

At the present time it is possible only to guess at 
an explanation for this subboundary phenomenon, 
since very little work has been reported on sub- 
structures resulting from pHase changes. It is be- 
lieved that the present phenomenon is due to poly- 
gonization resulting from unrelieved stresses set up 


TRANSACTIONS AIME 


be 
953 
1953 
Ve 


Fig. 1—Microstructure of 100 pct re 
shows substructure. Specimen 


Fig. 3—Microstructure of 100 pct re 
tained-§ shows twin-like substructure 
Specimen was etched in 5 pct HF plus 


was etched in 5 pct HF plus glycerine, Fig. 2—Microstructure of 100 pct re 

then rinsed in a 5 pct aqueous solution of tained. shows substructure in one grain glycerine, then rinsed in a 5 pct aqueous 
HNO.. X800. Area reduced approximately and an adjacent crystal which is free from solution of HNO, X800. Area reduced 
30 pct for reproduction any subboundaries. Specimen was etched approximately 30 pct tor reproduction 


in 5 pct HF plus glycerine, then rinsed in 
a 5 pct aqueous solution of HNO, X1500 


Area reduced approximately 30 pct for ul 
reproduction 
during the a 8 transformation on heating. Since give the twin-like microscopic appearance, Faults é, 
ome Ti.Ni is also present, the reaction on heating 1: are generally expected when a transformation 1} iG 
TiN about to or has just begun. It has been found in a 
= Ti-Ni alloys that the Burgers shear mechanism 
In hypereutectoid Ti-Ni alloys the a ~ # reaction the transformation of a hexagonal-close-packed 
may proceed before Ti,Ni starts to decompose. If the structure to body-centered-cubic satisfies the ob- 
«a» B reaction is fairly rapid, strains may be induced served orientation relationship This process in 
in the 8 grains which could lead to polygonization volves shear on the {112} planes of the body 
during soaking. A similar type of proce is believed centered-cubic. In the retained f structures ex - 
to cause the a veining observed in ferrite.” When amined in this investigation the martensite reaction . 
Ti.Ni decomposes, nickel atoms diffuse into the £ which produces a’ occurs very readily with slower : 
phase, and the vacancy flow involved may assist in quenching rates, due to the inverse nature of 2 
the movement of dislocations necessary to form low tabilization in Ti-Ni alloys. Consequently, faulting 2 
angle boundaries. The mechanism of polygonization on {112} planes might be possible in specimens in te 
is believed to involve climbing of edge dislocation which the martensite transformation has not been J 
out of the slip planes in order to change their group- detected by X-ray methods but which may, never 
ing’—a process which involves vacancy diffusion and theless, have been initiated 
which can only occur at high temperatures where : 
elf-diffusion is rapid Acknowledgment om 
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Technical Note 
Sublimation Figures in Nickel, Copper, and Zinc 


by J C Danko and A. J. Griest 


J.C. DANKO and A J. GRIEST, Junior Members AIME, are asso N the course of vacuum evaporation experiment 


ciated with Dept. of Metallurgical Engineering, Lehigh University, sublimation figures were observed on the ul 
Bethlehem face of a pure nickel specimen. A cubic figure, typi 
TN 293E. Manuscript, June 27, 1955 cal of those observed on this specimen illustrated 
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Fig. 1—Micrograph 
of unetched sample 
shows cubic sublima 
tion figures on the 
surface of vacuum 
melted nickel. X100 
Area reduced approx 
imately 60 pct for 
reproduction 


Fig. 2-—~Micrograph 
of unetched sample 
shows hexagonal sub 
limation figures on 
the surface of a 
cleaved single crystal 
of zinc. X500. Area 
reduced approx 
mately 60 pct for re 
production 


Fig. 3—Micrograph 
of unetched sample 
shows sublimation 
figure on the surface 
of vacuum melted 
copper. X1000. Area 
reduced approxi 
mately 60 pct for re 
production 


Fig 4— Dendritic 
sublimation figures 
on the surface of 
vacuum melted cop 
per are shown in mi 
crograph of unetched 
sample. X250. Area 
reduced approx 
mately 60 pct for re 
production 


Fig 5—Diagram gives 
schematic depiction 
of a crystal surface 
Sublimation occurs 
most readily by re 
moval of atom A, 
which leaves its 
neighbor B in a simi 
lar state 


in Fig. 1. It was of interest to determine if similai 
figures were present on the surface of other metal 
from which sublimation had occurred and what 
relationship, if any, existed between the geometry 
of the sublimation figure and the crystal structure 
of the metal. Therefore, specimens of zinc, copper, 
and iron were also prepared and examined. The 


samples were melted as 40 g buttons under a resi- 
than 5x10° mm Hg. After solidi- 
were held for a short time at 
slightly below the melting 
permit sublimation, cooled in the vacuum to 
temperature, and then examined microscopically 
without further preparation 

Sublimation 
were observed on the 


dual pressure of les 
fication, the 


a temperature 


pecimen 
point to 
room 


figures of a hexagonal symmetry 


urface of the zinc specimen 


These figures were similar to those illustrated in 
Fig. 2. The micrograph of Fig. 2, however, is of a 


cleaved surface | (0001) plane] of a zinc single crys- 


tal heated to just below the melting point 


The sublimation figures observed on the copper 


specimen had a circular nature (Figs. 3 and 4). The 
dendritic segregation exhibited by this sample 1 
illustrated in Fig. 4. The dark regions of the micro 


graph represent the interdendritic areas which pre- 
sumably result from the presence of oxide impuri- 
tie Note that dendriti 
repre ented by a 
Sublimation patterns were 
the iron specimen. It ts likely that 
transformations which occur in 
urface figures that 
olidification 


in general, the areas are 


single sublimation figure 
the 
the 


iron 


not observed on 
surface of 
olid state 
would destroy 
ally present after 

In a polyerystalline material, the 
from grain to 


any were origin- 
ublimation rate 
grain be 

The 


within a 


would be expected to vary 
cause of the anisotropy of 
velopment of a well defined figure 


urface energy de- 
ingle 
a mechanism of sublimation 
be the 


tallization 


grain, however, implie 
which, in 
the spiral 
dilute vapors 


ome respects, must counterpart of 


growth proce of cry from 


Thu 


, In a certain range of tempera- 
urface 


ture, the rate of sublimation from a metallic 

will be such that removal of the atoms may occur In 
an orderly manner, much as depicted in Fig. 5. The 
atoms most easily removed will be those that are 


exposed, so to speak, on three faces, such as atom A 


in the figure. The departure of this atom leaves it 


neighbor B in a similar state and the process can be 
envisioned as continuing until inhibited by some in- 
homogeneity in the crystal. The process described 1 


Cabrera, and 


Although 


Burton, 
calculation 


for which 
detailed 


that 
made 


essentially 


Frank have 


they placed emphasis on the growth mechanism, 
their description of the equilibrium structure of a 
crystal surface implies reversibility. Thus, screw 
dislocations may be operative in permitting sublima- 
tion to occur at temperatures at which the vapor 


pressure corresponds to low supersaturation 
The stepped surface which would result from such 
not, of course, resolved by the 


is conceivable, however, that 


a process would be 
optical microscope. It 
slip resulting from contraction of the specimen 
cooling may have developed the steps of the 


limation figures to a point where they are resolvable 


on 


ub- 
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Grain Growth Rates and Orientation Relationships 
In the Recrystallization of Aluminum Single Crystals 


Two predictions of the oriented growth theory of recrystallization textures have been 
tested by measuring the orientation dependence of the rate of growth of a single grain 
into a strained single crystal of aluminum, and determining the orientations of artificially 
and spontaneously nucleated grains growing preferentially into strained aluminum single 
crystals. Growth rates are found to be insensitive to orientation, except that new grains 
with orientations similar to the matrix or to a twin of the matrix have very low mobili 
ties. Similarly, new grains growing preferentially into a strained crystal have random 
orientations, except that orientations near that of the matrix or its twins are avoided. 


The predictions of oriented growth theory are thus not confirmed. 


by C. D. Graham, Jr. and R. W. Cahn 


ASICALLY, the oriented growth theory of re- 
crystallization textures’ rests on the assumption 
that the rate of growth of a recrystallizing grain de- 


pend trongly on the orientation of the growing 
grain relative to the strained matrix into which it 
grow In particular, the theory holds that in face- 


centered-cubic metals the orientation which corre- 
ponds to maximum growth rate is one in which the 
growing grain and the matrix are related by a rota 
tion about a common < 111 direction. The amount 
of rotation, as derived from several kinds of experi- 


ments, has been assigned various values, generally 
in the range between 20° and 40 (A 111] rota 
tion of 60° Is a twin relationship.) 


The conclusion that boundary migration rates de- 
pend strongly on orientation is based almost entirely 
on indirect evidence; there have been very few direct 
measurements of boundary migration rates as a 
function of orientation The present investigation 
was undertaken to provide such measurements, to 
help make possible a decision between the oriented 
growth and oriented nucleation theories of recrystal- 
lization texture 

The basic experimental program consisted of 
measuring the rate of growth of a single recrystal 
lizing grain consuming a strained single crystal 
with the orientations of both grains preselected so 
that the effect of orientation on growth rate could 
be determined. A prerequisite for such an experi- 
ment is a strained single crystal which will support 
the growth of a new grain but which will not spon 
taneously nucleate new grains on heating. That | 
the crystal must support the growth of a grain 
nucleated artificially, but contain no recrystalliza- 
tion nucle: which will become active at the testing 
temperature Jeck was apparently the first to note 
that such a condition could exist,” and to make us 
of the condition for an experiment of the type de 
( ribe d here 

The present work was actually suggested, how 
ever, by a report of Tiedema that an aluminum 
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ingle crystal strip, oriented with a {111} plane in 
the plane of the strip and a « 112 direction parallel 
to the tensile axis, would not recrystallize after 20 
pet extension even when heated almost to the melt 
ing point, provided that the strip was heavily etched 
before being heated. This result could not be duph 
cated in the present work. In fact, it was found that 
any crystal which deformed in multiple slip (< 100 

112 and 111 orientations) underwent spon 
taneous nucleation after 15 pet extension, even if 
etched. However, crystals which deformed in single 
lip, and which did not develop heavy deformation 
bands, could be extended 15 pet without showing 
pontaneous nucleation at temperatures up to 600 C 
Crystals oriented within about 10° of « 110+ which 
developed heavy deformation bands could be ex 
tended 10 pet without showing spontaneous nuclea 
tion. In all cases a heavy etch was required to pre 
vent nucleation. Etching was necessary because of 
the presence of an oxide layer on the crystal surface 
at the time of straining, which leads to preferential 
nucleation at the surface 


Grain Growth Rates 

Experimental Procedure and Results—Aluminum 
trips of 99.6 pet purity (principal impurities 0.19 
pet Fe and 0.12 pet Si), 1 mm by 1 em in cro on 
tion, were grown into single crystals of controlled 
orientation by the strain-anneal method of Fuji 
wara A sharp temperature gradient was main 
tained in the strips during growth by lowering them 
into a salt bath controlled at 650°C. Crystal orien- 
tations were determined by the etch-pit method of 


Barrett and Levenson’ to an accuracy of *2 The 
crystals were extended by 10 or 15 pet in a simple 


hand operated tensile machine Crystal onentation 
were rechecked after extension, and were found to 
be in agreement with the orientations predicted by 
the formula of Schmid and Boa 

After extension, the grip ends of the single crystal 
pecimen were cut off with a jeweller’s saw, and the 
crystal heavily etched {at least 20 pet wt loss) in 
hot 10 pet Na or KOH solution. A region of severe 
local deformation was then introduced at one cornet! 
of the strip, usually by cutting off the corner with 
hear Heating this end of the strip caused a large 
number of new grains to nucleate at the sheared 
edge. One of these grains grew to occupy the full 
width of the strip. The appearance of the trip at 
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Fig |——-Drawing shows one large grain growing from nuclea 
tion site into strained single crystal 
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Fig 2--Orientations of tensile axes and strip normals of 
crystals tested are illustrated 


thi tage is illustrated in Fig. 1. The orientation 
of the successful new grain was determined, and the 
method of Fujiwara was again applied to bring th 
new grain into the desired orientation relationship 
with the matrix 

The rate of growth of the new grain into the 
trained matrix was measured by means of X-ray 
with the strip maintained at a constant and reason 
ably uniform temperature. The goniometer furnace 
used for these measurements has been described 
The temperature in this furnace was uniform within 
‘10°C and constant within *2°C. The position of 
the moving grain boundary could be located with 
an accuracy of +1 mm, and the estimated final accu- 
racy of the growth rates was +10 pet 

Two series of tests were made. In the first sere 
the initial orientation of the single crystal strip wa 
controlled so that it would deform entirely by single 
lip. In addition, the strip surface was grown ap- 
proximately parallel to a {100} plane. The new grain 
was then grown into the strained single crystal so 
that the two crystals had a common 111 direc 
tion, within 5 The bicrystal strip was heavily 
etched (20 pet wt loss) before the growth rate wa 
determined 

This series of tests was not a success. The growth 
rates were not reproducible and showed no clear 
correlation with the amount of rotation about the 
common lll» axi However, two facts emerged 
from the work. First, it proved impossible to grow 
test strips in which the two grains were related by 

111 rotations of le than 20° or more than about 
5 This seemed to be because new grains in these 
orientations grew extremely slowly. Second, growth 
rates were obtained for several new grains not re- 
lated to the matrix by 111 rotations, and these 
rates fell in the same range of values, 0.5 to 5x10" 
em per sec, as those for grains which were related 
by 11] rotations 

In the second series of tests, the initial orienta- 
tions of the crystals were controlled more carefully 
so that the tensile axis lay within about 7° of a 

110, and the normal to the strip surface within 
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10° of a 100 These orientations are shown in 
Fig. 2. The strips were extended 10 pct, and the 
orientation rechecked as before. In this series, the 
new grain was grown so that the two crystals were 


related by a rotation about a common <110> direc- 
tion, within 5 This 110 direction was also 
almost parallel to the tensile axis of the strip, so 
that if the grain boundary contracted to its mini- 
mum area, it lay almost in the {110}; plane of sym- 
metry between the two grains. If the boundary lay 
exactly in this plane it would be a simple twist 
boundary 

These steps led to a considerable improvement in 
the results, although the scatter of measured growth 
rate values was still large. The data are plotted in 
Fig. 3, which shows that the growth rate of a re- 
crystallizing grain is very low when the grain ha 
an orientation near that of the strained matrix into 
which it grows, or near a first-order twin of the 
matrix. Twinning corresponds to 70°32 rotation 
about 110 For all orientations between these 
two extremes, the new grain has an appreciable but 
not reproducible growth rate, under the condition 
of measurement 

Among the po sible reasons for the catter in 
vrowth rate data are 

1) Slight differences in initial orientations of the 
crystals, leading to differences in stored strain energy 
available for recrystallization 

2) Slight misalignments of the common 110 
direction, leading to variations in the structure of 
the grain boundary 

3) Deviation of the common 110+ axis from 
the tensile axis, so that the minimum area position 
of the boundary fails to correspond to the minimum 
energy symmetry position of the boundary 

4) Abnormal recovery of the strained grain re 
sulting from the temperature cycles necessary in 
the production of the test strip 

Discussion—Although the results obtained are not 
entirely satisfactory, it seems clear that the predic- 
tion of oriented growth theory has not been con- 
firmed. The dependence of growth rate on orienta- 
tion is not found to be a sharp maximum at some 
pecific value of <111> rotation, but rather a broad 
range of possible values for a number of orienta- 
tions: <1l1l rotations, 110 rotations, or no 
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Fig. 3—Growth rates of crystals related to matrix by roto 
tions about ao common ~ 110 direction are plotted Growth 
rates were measured at 550°C 
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illustrated are orentations of recrystallized grains, 
Each recrystal 


Fig 4 
with filled circles representing cube poles 
lized grain was plotted relative to the strained grain into 
which it grew, represented by the hollow squares in standard 
projection 


imple rotation. However, the growth rate drops to 
zero for orientations in which the two grains are 
nearly identical or nearly twin related (within 15 
to 20). This is precisely the behavior which would 
be predicted on the basis of present knowledge of 
the structure and properties of grain boundari 

Grain boundary mobility should be greatest when 
the structure of the boundary is most open; 1.4 

when the disregistry is greatest, for under these 


the transfer of atoms across the boundary 
Both theory and experiment show that 


must 


condition 
Casit t 
energy, which be a measure 
rise harply to an 
value at about 15° to 20 
ition.” ~ Furthermore, 


hould also be related to boundary 


grain boundary 
of disregi 
tant 
ymmetry 


diffu 


try approximately 


con rotation from a 


po grain boundary 


W hich 


mobility, seems to show analogous behavior. Diffu 
ion is slow for low angle boundaries, but rises to 
a roughly constant value for high angle bound- 
arie Thus all the available evidence, including 
the previous direct measurements of grain boundary 
mobility as a function of orientation tends to 
confirm the results of the present work 
Orientation Relationships 

The experiments described afforded an oppor 
tunity to check another prediction of the theory of 
oriented growth. It is reasonable to suppose that 


recrystallization nuclei of all possible orientation 
were created by the inhomogeneous deformation at 
the sheared corner of the single crystal represented 
in Fig. 1. Visual examination of this edge after re 

crystallization showed that the number of new grat 

which had grown to observable size was at least 
everal hundred. Of these artificially nucleated 
grains, only one grew to the full width of the strip 
The theory of oriented growth predicts that unde: 
these conditions the successful new grain should be 


rotation 


trained 11] 
and Hsun Hu have performed experi- 


related to the grain by a 


Beck, Sperry, 
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Fig. 5—The points 
of Fig. 4 are re 
plotted into one 
quadrant. Additional 
hollow squares are 
cube poles of first 
order twins of 
strained grains 

The dotted circles 
have 10° radii 


Fig. 6—The points 
of Fig. 4 are re 
plotted into one 
quadrant. Additional 
hollow squares are 


cube poles of first > 
order twins of 
spontaneously nu 
cleated grains 
Dotted circles have 
10° radii 
i: 
ments in which this prediction is confirmed,’ and 
Liebmann” has reported somewhat similar result os 
In the present work, the orientations of the strained pe 
and growing grains were determined in over 15) 
cases, using the etch-pit method. It was immed) 
ately apparent that the orientations of the growing 
grains did not fall into a small number of well de 
fined groups, but showed a very wide scatter, The 
results were first analyzed to see whether there wa 
any tendency for the growing and strained grain 
to have a common 111 direction. No such ten 
dency was found. In fact, the density of 11] 
directions of new grains found to le within 5° of 
a 111 direction of the strained matrix wa ub 
tantially less than would be expected from a com 
pletely random distribution of new grains. Far from 
a tendency to grow with a 111 direction in com 
mon with the matrix, the new grain actually tend 
to avoid such an onentation 
In a second analysis of the data, all the orienta 
tions were plotted in a composite stereogram, a = 
hown in Fig. 4. Here the orientations of the strained 
grains are represented by the cube poles in standard ; 
projection. The three cube poles of each new grain y 
each plotted relative to the strained grain into 7 
which it grew, are shown as filled circles. The strik . 
ing feature of this plot the presence of four area 
of abnormally low pole density located approx) 
mately at the {111} poles of the standard projection 
Since the choice of the cube pole of the strained 
grain to appear at the center of the stereogram | 
completely arbitrary, all the points can be replotted 
into one quadrant with no change in the significances : 
of the results. The data could be further compressed 
into a unit triangle, but this would involve excessive 
labor and crowding. Fig. 5 shows all the points of 
Fig. 4 rotated into one quadrant. The hollow square 
in the center of the quadrant are the cube pole 
of the first-order twins of the strained grain. The 
dotted lines are circles of 10° radius drawn around 
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e 
s 


each of the hollow squar¢ The varying sizes of the 


circles are a consequence of the propertie of the 
tereographic projection which are also respon ible 
for the apparent crowding of point toward the 
center of the figure 

The dotted circles of Fig. 5 define rea onably well 
the areas of low pole density The low density areas 
around the corner cube poles are apparent in Fig. 5, 
although they are not obvious In Fig. 4. Outside 
these low density areas, the pole density appeal to 
be substantially uniform, except for the small area 
between the three central circle 

The areas of low pole density are believed to re- 
ult from the low growth rate which were shown 
in the preceding section to be characteristic of the 
recrystallizing grains having orientation imilar to 
that of the matrix or its twin New grains in all 
orientations except these special cases can grow at 
approximately equal rates, so that the onentation 
distribution resulting from random nuclei ts also 
random, with a few avoided areas 

It should be pointed out that the presence of poles 
within the dotted circles of Fig. 5 does not neces- 
arily mean that there were some grain which 
actually grew in the avoided orientation Two grain 
can have one nearly common <100> direction with- 
out being in nearly identical orientation Only if 
all the cube directions are in parallel pairs are the 
orientations identical. However, if two pairs of cube 
directions are parallel, the third pair must also be 
parallel, Therefore, if new grain completely avoid 
the near identical and near twin orientations, but 
are otherwise oriented entirely at random, the pol 
density inside the dotted circles should be one third 
the overall density. This appears to be true in the 
present result 

Recker” * has examined the recrystallization of 
trained single erystals of copper, and found that 
the orientation relationship between the new and 
old grains depends on whether the new grains are 
nucleated artificially, as at a saw cut or grip mark, 
or spontaneously, in the body of a strained grain 
In this connection, it is of interest to examine the 
results of some experiments similar to those already 
reported here, but in which the new grains were 
pontaneously nucleated 

The specimens consisted of six aluminum single 
crystals of 99.99 pet purity, 2 em by 2.5 mm in cro 
ection and about 5 em long, grown from the melt 
in a covered graphite boat.” The ery stals were ex- 
tended 20 to 34 pet by single slip, and then annealed 
for short periods at increasing temperature until 
reerystallization occurred, generally in the tempera 
ture range 430° to 550°C. The orientations of the 
trained and of the recrystallized grains were deter 
mined by the etch-pit method ignoring any re 
crystallized grains which appeared to have been 
nucleated artificially at the edges o1 ends of the 
trip. As in Fig. 5, a plot is shown for these spon 
taneously nucleated grains in Fig. 6 The close re- 
emblance to Fig. 5 is obvious, although the avoid- 
ance of the twin orientations is perhap less marked 
The area of low pole density near the periphery 
would probably be eliminated by plotting all the 
points into a single unit triangle 

The evidence indicates, therefore that in mod- 
erately extended aluminum single cry tals, the orien- 
tations of recrystallizing grains whether artificially 
or spontaneously nucleated, are e entially random 
except that neat identical and near twin orienta- 
tions are avoided 
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Discussion 

Since the present results do not support the con- 
tention that a <111> rotation ts favored for rapid 
growth of a recrystallizing grain, it is worthwhile 
to examine the evidence which ha led to a belief 
in such a favored orientation Studies of orientation 
relationships in secondary recry tallization often 
reveal <111 rotations, but the relevance of 
this information to the problem of primary re rys- 
tallization is questionable. Such - 111> rotations are 
also commonly found in the primary recry stalliza- 
tion of copper and a-brass, both single crystal and 
polycrystalline, although the work of Becke 
suggests that this is true only for spontaneously 
nucleated grains. The same 111 rotations are 
found in aluminum after heavy deformations, as by 
compression” “ or extrusion Lightly deformed alu- 
minum crystals, however, are found to recrystallize 
in random or nearly random orientations. 

An especially enlightening serie of experiments 
was carried out by Chen and Mathewson who 
extended and recrystallized tapered aluminum crys- 
tals. At the large ends of the cry tals, where de- 
formation was slight, the recry stallized grains were 
randomly oriented. However, at the small ends, 
where the deformation was large, 111> rotation 
were observed 

The explanation of these results in terms of the 
oriented growth theory has been that large defor- 
mations are required to produce nuclei in all pos- 
ible orientations, and that the selective growth 
principle cannot operate until this condition is met 
In support of this contention, 3eck, Sperry, and Hu’ 
created artificial nuclei by scratching the surface 
of individual grains in lightly rolled aluminum, and 
found that the largest recry staliized grains showed 

111 > rotations. Liebmann” has reported prelim- 
inary experiments in which artificial nuclei were 
provided in single crystal aluminum wires extended 
20 pet. In 75 pet of the cases, the successful new 
grains showed <111> rotations, within 12°, but only 
about one of the four possible 111 > directions of 
the matrix 

The present results are in disagreement with these 
findings, and indicate that oriented growth does not 
play an important part In determining the orien- 
tations of recrystallized grains In view of these new 
results, it seems more reasonable to suppose that 
recrystallization textures result from oriented nu- 
cleation, and that a substantial amount of deforma- 
tion is required to produce effectively oriented 
nuclei. On this basis, lightly deformed crystals” and 


*It is difficult to base conclusior on experiment with po 
ervstals. The heavy reductions equired to produce a4 trong enough 
texture for oriented growtl to op te ‘ alse create t 


ented nuciel 


those in which artificial nucleation predominate 
should show little preferred orientation after re- 
crystallization. Heavily deformed crystal hould 
show preferred orientations 4s, for exampl 11] 

rotations. The evidence for this view ts rea onably 
adequate for aluminum, except for the unt xplained 
results of Beck, Sperry, and Hu and of Liebmann.’ 

It is less convincing for copper, In which sharpe! 
textures are observed, and for which there has been 
little recrystallization work at small deformation 


Conclusions 
1) The growth rates of recrystallizing grains in 
extended aluminum single crystals are found to be 
insensitive to the orientation difference between 
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Heat Treatment and Mechanical Properties 


of Ti-Fe Alloys 


The properties of quenched Ti-Fe alloys have been correlated with their microstruc- 
tures. For specimens quenched from equilibrium in the «-/; field, the dominant micro 
structural variable is the u-// ratio. A comparison of specimens having equiaxed «-// 
structures with those having acicular u-// structures shows that the equiaxed specimens 
have better tensile ductility, but lower impact resistance. There is evidence to show 
that specimens with acicular structures reach equilibrium in the «-/; field more rapidly 
than specimens with equiaxed structures. Both strength and ductility are lowered by heat 
treatments below 700°C. 


by F. C. Holden, H. R. Ogden, and R. |. Jaffee 


I° previous work certain principles of the based on data obtained on alloy systems which un 
physical metallurgy of a-f titanium alloys have dergo no eutectoid reaction, or in which the eutec 
been evolved. Most of these principles have been toid reaction is so sluggish as to be inoperative. The 


alloy systems previously studied included the Ti-Mn 
F C HOLDEN, H R OGDEN, and R. |. JAFFEE, Members AIME, alloy with and without «-stabilizing additions, and 


are Principal Metallurgist, Assistant Chief, and Chief, respectively, the binary Ti-Mo alloy The most important of 

Nonferrous Physical Metallurgy Div, Battelle Memorial Institute, these principles are 

Columbus, Ohio 1) The compositional factors which affect me 
TP 4089E Manuscript, Apr 15, 1955 Philadelphia Meeting, chanical properties are solid solution strengthening 


ite transformation, and instability of 
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Portion of Ti-Fe constitution diagram shows alloy 
Data are 


Fig 
compositions and annealing temperatures used 
from ret 5 


the # phase. Structural factors (grain size and shape ) 
have more influence on ductility and toughness than 
on strength 

2) The «a-f ratio dominates the strength of an 
alloy equilibration annealed in the a-£ field 

3) The martensite transformation causes an in- 

of ductility. However, 
trengthening caused by 
than that 


crease in strength with a lo 
the order of magnitude of 
the martensite transformation is much le 
found for the martensite reaction in steel 
4) Nucleation and growth of a from 8B, 
during cooling or by isothermal heat treatment, may 


eithet 


cause either an increase or a decrease in strength 
The precipitation of coherent or very fine «a from 
has a much greater strengthening effect than the 
martensite transformation. The formation of mas- 


ive «a from # causes a decrease in strength 


a) Ti 5. O0lFe alloy 
was annealed for | 
hr at 750°C and 
quenched. X250 
Area reduced ap 
proximately 45 pct 
tor reproduction 


c) Ti-7.35Fe alloy 
was annealed for | 
hr at 750°C and 
quenched. X100 
Area reduced ap 
proximately 45 pct 
for reproduction 


The research described in thi 
to provide information on how well the above prin- 
could be applied to alloys of the Ti-Fe sys- 


paper was designed 


ciple 
tem 

The titanium-rich portions of the Ti-Fe and Ti-Mn 
diagrams are similar, both being 
systems. The eutectoid 
and temperatures occur at about 15 wt pct and 
590°C for the Ti-Fe alloys, and at about 20 wt pct 
and 550°C for the Ti-Mn alloys. The eutectoid re- 
action in hypoeutectoid alloys of the Ti-Fe system 
below the 


constitution 


f-eutectoid compositions 


does occur upon prolonged heating 
eutectoid temperature, whereas the eutectoid re- 
never been observed in hypoeutectoid 

Thus, the eutectoid reaction, although 


more active in the 


action ha 
Ti-Mn alloy 
yenerally considered sluggish, | 
Ti-Fe system than in the Ti-Mn system 

The portion of the Ti-Fe diagram of interest Is 
shown in Fig. 1. Included on this diagram are data 
showing the alloy compositions and anneal- 
used in this study. Like manga- 


point 
ing temperature 


nese, iron has a very low solubility in «-titanium 
This means that most of the iron partitions to the £ 
phase in an a-f alloy. The addition of iron thus pro- 
duces solid solution strengthening of the £ phase, 
while the a phase remains practically unalloyed and 


is much softer 

When alloys containing more than about 4 pet Fe 
are quenched from the £ field, 8 can be retained; 
8 phase containing less than about 4 pet Fe under- 
goes a martensite transformation to supe! saturated 
« on quenching. The 8-transus temperature at 4 pet 
Fe is slightly above 800°C. As for the Ti-Mn alloy 
system, 800°C appears to be a critical temperature 
Any quench from below 800°C will produce a struc- 
ture consisting of a, a plus retained f, or retained £ 
for the alloy in the Ti-Fe system. For alloys con- 
taining less than 4 pet Fe, quenching from above 
800°C will produce structures containing marten- 
site 

As in the Ti-Mn alloys, the 8 phase in the Ti-Fe 
system is unstable and can transform partially to a 
by nucleation and growth processes. When massive 
a is formed, the alloy is softened; when either fine a 


b) Ti-7.35Fe alloy 
was annealed for | 
hr at 750°, furnace 
cooled to 650°C, 
held 8 hr, and 
quenched. X100 
Area reduced ap 
proximately 45 pct 
for reproduction 


d) Ti-2.56Fe alloy 
was annealed for '2 
hr at 900°C and 
quenched. X100 
Area reduced ap 
proximately 45 pct 
tor reproduction 


Fig. 2—Typical microstructures of quenched Ti-Fe alloys are shown 
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particles or a coherent precipitate (w) is formed, the 
alloy is hardened considerably. The hardening proc- 
€ss 1s more easily controlled as the iron content of 
the 8 phase is increased, because the § phase 1 
more stable at higher compositions and the extent of 
hardening is le In £8 phase containing 4 to 5 pet 
Fe, the » formation cannot be wholly suppressed 
even with a rapid quench. Because of decreasing w 
formation, as the iron content increases the hard- 
ne and strength of retained £8 alloys can be ex- 
pected to decrease with alloy content, at least 
initially 


Experimental Procedures 

Alloy Preparation—Three 275 g ingots were pre- 
pared by double inversion melting. High purity 
iodide titanium and electrolytic iron were used for 
melting stock. After forging at 1600°F to 44 in. diam 
rods, the forgings were mechanically descaled and 
vacuum annealed 6 hr at 1600 F to remove residual 
hydrogen. The alloys were next swaged to '4 in 
diam rods at 1400 F, mechanically descaled, and cut 
into suitable lengths for heat treatment 

Nominal and analyzed compositions for these 
alloys are shown in Table I 

Heat Treatments—All specimens were encap- 
sulated in Vycor under a partial pressure of argon 
for heat treatment. Anneals were done in potentio- 
meter controlled resistance-wound tube furnace 
Temperature control was maintained to within 
+2°C throughout the annealing treatments. Speci 
mens were quenched by breaking the Vycor tube 
to allow the samples to drop into the quenching 
medium 

Mechanical Testing—Test specimens and testing 
procedures have been described in previous pape! 
The evaluation of mechanical properties in this pro- 
gram was made from the following test Vicke! 
hardness, 5 kg load; tensile test; notched tensile 
test; notched bend impact test; and notched tensile 
impact test. The tests were conducted at room tem- 
perature, except for a few condition in which 
notched bend impact tests were made over a tem- 


perature range 


Solid Solution Strengthening 

To study the effects of microstructure and iron 
content on solid solution strengthening, specimen 
were quenched from the annealing temperature to 
obtain equilibrium structures. For such specimen 
the independent variables include alloy composi 
tion, quenching temperature, and thermal history 
Dependent variables include grain size, grain shape 
and the quantities and compositions of the phase 
present in the microstructure. The equilibrium 


Fig) 4—A comparison is made 
of the toughness of three Ti-Fe 
alloys quenched from 650° and 
750°C 


Notched- Bend impoct Energy, inch- pounds 
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microstructure at the quenching temperature is not 
always retained: in some instances, transformation 


of the £ phase take 
Thus, effects of 


the 
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Fig. 5—Effect of «- grain shape on the mechanical prop 
erties of Ti-Fe alloys is plotted. Closed circles represent 
specimens annealed for | hr at 750°, furnace cooled to 
650°C, held 8 hr, and quenched. Open circles represent 
specimens annealed for '2 hr at 900°, furnace cooled to 
650°C, held 8 br, and quenched 


mechanical properties, and the effect of a-8 grain 
hape on mechanical properties are discussed 
Microstructures—-The microstructures of the 
quenched Ti-Fe alloy specimens are typical of 
H-stabilized titanium alloys. Alloys fabricated and 
annealed in the a-f field are composed of equiaxed 
« and # grains. The grain size, phase quantities, and 
phase compositions are determined by the alloy 
content and heat treatment. A typical equiaxed a-f 
microstructure is shown in Fig. 2a. If the alloy is 
fabricated in or heated into the £@ field prior to an 
a-f heat treatment, the resulting microstructure is 
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not equiaxed, but is composed of Widmanstatten a 
plates in a 8 matrix. An example of such a micro- 
structure is shown in Fig. 2b. Quenching from the £ 
field results in a retained § structure for alloys con- 
taining more than about 4 pct Fe, see Fig. 2c. Alloys 
which are #-quenched and contain less than about 
4 pet Fe undergo the martensite transformation, as 
illustrated by Fig. 2d 

Effects of a-§ Ratio—Annealing temperature and 
alloy composition determine the phase quantities in 
an a-f alloy. In this study, annealing temperatures 
were chosen so that the equilibrium composition of 
the 8 phase was near that of one of the alloy com- 
positions. Equiaxed structures were used in as 
many cases as possible 

The additivity effect, in the ideal case, results in a 
linear increase in strength with alloy content as the 
microstructure changes from all a to all ~£. When 
plotted, this results in a straight line which connects 
the strength of the terminal a and 8 compositions at 
each quenching temperature. Data obtained from 
tests on the Ti-Fe alloys are presented in Fig. 3 
Mechanical properties were not determined for the 
terminal «a alloy, and curves have been plotted as- 
suming no solubility of iron in a-titanium. This 
should not introduce appreciable error, because the 
actual solubility is less than 0.1 pct Fe 

The hardness and tensile strength curves conform 
well with ideal additivity. The two sets of curves 
are nearly identical in shape, except for the low 
tensile strength of the excessively brittle 6-quenched 
Ti-5.01 Fe alloy. The 8 phase of this composition ts 
embrittled by w formation. Ductility values gener- 
ally decrease with increasing quantities of # in the 
microstructure. However, the specimens quenched 
from the two lower temperatures are less ductile 
than might be expected. This behavior may be 
caused by the presence of # of a high iron content, 
12 to 15 pet, in which ductility is lowered by solid 
solution strengthening. The effects of compound re- 
jection in specimens quenched from 550°C are dis- 
cussed later 

The notched bend impact behavior of quenched 
Ti-Fe alloy specimens is shown in Fig. 4. The tough- 
ness of the Ti-2.56 Fe and Ti-5.01 Fe alloys increases 
as the annealing temperature decreases or the quan- 
tity of a phase in the microstructure increases 
Specimens containing more a phase have better im- 
pact resistance at 25°C and below; however, at 
200°C, specimens with more f# phase have higher 
impact resistance. This effect can be related to the 
transition behavior of the 8 phase, illustrated by the 
curve for the Ti-7.35 Fe alloy quenched at 750 C 


T7355 Fe alloy 
] Fig. 6—Effect of grain 
shape on the notched bend im 


t t t 1 pact behavior of Ti-Fe alloys is 
plotted. Closed circles repre 

T t 1 sent specimens annealed for | 

hr at 750°C; open circles, 

specimens annealed for '2 hr 
at 900°C. All specimens were 

then furnace cooled to 650°C, 


held 8 hr, and quenched 
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Fig. 7—Eftect of cooling rate on the microstructures of f-annealed Ti-Fe alloys is shown. All micrographs, X100 Area reduced 
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Fig. 8—Effect of cooling rate on the hardness of Ti-Fe 
alloys is plotted 


Above the transition temperature, the impact resis- 
tance of the body-centered-cubic # phase is very 
high. The impact values for a alloys, On the othe: 
hand, are much less dependent on testing tempera- 
ture.” Thus, in «-f8 annealed specimens, a is more 
beneficial to toughness at low testing temperature 
For the Ti-7.35 Fe alloy, the 6-quenched specimens, 
750°C condition, have better impact resistance at all 
temperatures than do the a-8 quenched specimens, 
650°C condition, This shows that the single phase, 
all 8 condition has better toughness than after mas- 
ive a phase is rejected 

Effects of Grain Shape—Two distinct types of 
microstructure are commonly obtained in a-f alloy 
Equiaxed structures are formed when the speci- 
mens are fabricated and annealed in the a-f field 
If fabrication or annealing has been done in the £ 
field, the a phase forms on preferred planes of the 
body -centered-cubic lattice, resulting in the acicula! 
type of structure. Both types of structure may be 
brought to equilibrium in the a-f field 

A comparison of mechanical properties for speci- 
mens with equiaxed and acicular microstructures 1 
shown in Fig. 5. Value hown are for specimens 
quenched from 650°C. In the case of the Ti-7.35 Fe 
alloy, a true comparison cannot be made; both an- 
nealing treatments produce acicular-type structures 


The treatments originated in the £@ field. For this 
alloy, the chief difference is in prior 8 grain size 

Tensile strengths are slightly higher for the speci- 
mens with equiaxed structures. This may indicate 
that specimens initially heated into the £ field 
come to equilibrium more rapidly at lower temper- 
atures than those with previous a-f treatments. No 
appreciable difference in hardness was found. Duc- 
tilities are better for specimens in the equiaxed than 
in the acicular condition. This effect, which has been 


observed previously for Ti-Mn and Ti-Mo alloy 
specimens, is apparent in both elongation and re- 
duction in area values. Toughness, measured by the 


notched bend microimpact test, is shown in Fig. 6 
Resistance to impact at room temperature and below 
is higher for specimens with acicular e-f structures 
This effect may be caused only partly by difference 
in grain shape. If equilibrium conditions are at- 
tained more rapidly with specimens cooled from the 
B field, as indicated by the tensile strengths, this 
would also contribute to the difference in toughness 


Instability of the 7 Phase 

One of the more important features of the £- 
tabilized titanium alloys is the instability of the 
phase. All heat treatments of a-f8 alloys are based on 
the manner in which the # phase transforms. The 
possible 8 transformations in the Ti-Fe alloys may 
be listed a 1) the martensitic transformation of £ 
to a’; 2) the formation of » phase in £, or B forma- 
tion; 3) the precipitation of a, either as a fine pre- 
cipitate or as massive particles; and 4) the eutectoid 
decomposition of 8 into a and TiFe compound 

Prior discussion has been concerned with equilib- 
rium structures as produced when massive a is 
present. In this section of the paper, nonequilibrium 
structures, such as are produced during cooling or 
by low temperature treatments, are discussed 

Transformations During Cooling——One method of 
tudying the 8 transformation is to vary the rate 
of cooling from the £# field. For this purpose, £- 
annealed specimens were cooled at four cooling 
rates to room temperature. In order of decreasing 
rates, these included a water quench, an oi) quench, 
an argon cool (an air-cooling rate under an argon 
atmosphere), and a furnace cool. Typical micro- 
structures produced by these cooling rates are shown 
in Fig. 7 


Fig. 9—Micrographs show Ti-2.56Fe alloy aged at 550°C 


a) Specimen was annealed for | hr at 
750°, turnace cooled to 650°C, held 8 
hr, and quenched; aged 24 hr at 550°C, 
and quenched. X250. Area reduced ap 
proximately 35 pct for reproduction 
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b) Specimen was annealed for | hr at 
750°, furnace cooled to 650°C, held 8 
hr, and quenched; aged 24 hr at 550°C 
under ao stress of 20,000 psi, and air 
cooled. X250. Area reduced approxi 
mately 35 pct for reproduction 


c) Specimen was annealed for '2 hr at 
900°. furnace cooled to 650°C, held 8 
hr, and quenched; aged 24 hr at 550°C, 
and quenched. X100. Area reduced ap 
proximately 35 pct for reproduction 
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For the Ti-2.35 Fe alloy, the microstructure shows 
a change from martensite to a coarse basketweave 
structure as the cooling rate is decreased. The struc- 
ture of the Ti-5.01 Fe alloy changes from an ap- 
parent retained § to a basketweave a-f structure as 
the cooling rate is decreased, No a is apparent in the 
Ti-7.35 Fe alloy micrographs, except for the furnace- 
cooled specimens, in which fine acicular a particles 
are formed 

The effects of cooling rate on hardness are shown 
in Fig. 8. Maximum hardne is attained in the 
Ti-2.56 Fe alloy at the highest cooling rate; speci- 
mens cooled less rapidly show a decrease in hard- 
ness with the decrease in cooling rate. The Ti-2.56 Fe 
alloy has highest hardness when its structure Is 
martensitic. This indicates that the martensite re- 
action in the Ti-Fe system causes hardening. Since 
it is difficult to determine whether or not the mar- 
tensite transformation is complete, some of thi 
hardening may be caused by » formation in untrans- 
formed £. 

Peak hardness for the Ti-5.01 Fe specimens was 
obtained from an oil quench. This shows that maxi- 
mum hardening is obtained with a cooling rate that 
is lower than with a water quench, indicating that 
the hardening reaction is a time dependent, nuclea- 
tion and growth reaction. This effect is consistent 
with the formation of » during cooling. It was also 
noted that the hardness of the water quenched me- 
chanical test specimens was considerably higher 
than that of the small samples used for the cool- 
ing rate test, which shows that small variations in 
cooling rate resulting from section-size variation 
have a large effect on hardness 

Maximum hardness for the Ti-7.35 Fe alloy was 
obtained after a still lower cooling rate. At this high 
alloy content, the hardening associated with w» form- 
ation takes place less rapidly than at the lower alloy 
contents. This is in line with the greater stability of 
the 8 phase associated with increased alloy content 

Transformations Below the Eutectoid Tempera- 
ture—Eutectcid decomposition of the 8 phase is 
indicated by the equilibrium diagrams for many f- 
stabilized titanium alloys. For the Ti-Fe system, it is 
known that the eutectoid reaction can occur in 
hypoeutectoid alloy when isothermally transformed 


for long times below the eutectoid temperature. This 
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phase of the research was initiated to determine 
what changes in properties occur if significant 
amounts of TiFe are formed 

Test specimens were exposed 24 hr at 550°C in 
attempts to produce eutectoid decomposition, In 
addition, a specimen of each alloy was exposed at 
550°C under a stress of 20,000 psi to accelerate the 
decomposition. This stress level was high enough to 
cause plastic flow during the 24 hr period 

The effects of the 550°C treatments on micro- 
structure are shown in Fig. 9. Although some de- 
composition did take place, as shown by the dark- 
ened areas in the micrographs, the amounts were 
small in all cases, No distinction can be made be- 
tween microstructures of specimens exposed with 
and without applied stress 

The mechanical properties for these specimens are 
shown in Fig. 10. In all instances, the tensile 
strengths, tensile impact values, and ductilities are 
decreased by the 550°C aging treatment. The de- 
crease in tensile strength probably is caused by the 
decrease in quantity of 8 phase that occurs during 
the low temperature treatment. The lower tensile 
ductilities may be the result of both the lowered 
ductility of the matrix £# as its alloy content is in- 
creased and the presence of TiFe compound. 

Effects of Aging at 400°C-—The effects of low 
temperature aging were studied, using hardness as 


Fig. ll—Effect is 
plotted of aging time 
at 400°C on hard 
ness of Ti-Fe alloys 
quenched from 
750°C 
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a measure of response. Small specimens of each al- 
loy were annealed and quenched from 750°C and 
ubsequently aged at 400°C for times up to 64 hi 
This provided a series of three specimens contain- 
ing different quantities of 8 of about the same alloy 
content 

The results of these tests are presented in Fig. 11 
The curve how that both the hardne and the 
hardness increase are greater for the specimens con- 
taining more # phase. The maximum hardne in- 
crease was about 200 Vhn, and the specimens reach 
peak hardness after “% to 1 hr exposures, Over- 
aging occurs for times greater than 16 hr 


Discussion 

The data obtained for the Ti-Fe alloys show that 
the physical metallurgy principles developed for 
af alloys are directly applicable to this system. The 
Ti-Fe a-f alloys fit the a-f ratio theory even bette: 
than the Ti-Mn alloys. It is also shown that acicular 
tructures have higher impact properties and lower 
tensile ductilities than do equiaxed structures of the 
ame «a and compositions. The #-transformation 
tructures affect the properties of Ti-Fe alloys in the 
ame general way as properties of other a-f alloys 
are affected 

The new findings that are important concern low 
temperature treatments. It has been found that ten- 
ile ductilities decrease as the annealing tempera- 
ture is decreased below 700°C, even though strength 
also decrease. It is believed that this can be associ- 
ated with the increase in the alloy content of the £ 
phase. It is known that the high iron content £ 
phase is brittle. Therefore, it would be expected 
that, as the iron content of the # phase (which is the 
matrix or grain boundary phase) is increased, the 
ductility of the alloy would decrease, Also, low iron 
content # phase is brittle because of » formation 
Therefore, there should be an optimum composition 


to produce good ductility in an a-f alloy. This opti- 
mum composition appears to be that which Is pro- 
duced by annealing at about 700 C 

The eutectoid reaction in the Ti-Fe system was 
observed in specimens heated a few degrees below 
the eutectoid temperature. Accompanying the form- 
ation of a small amount of compound was a lower- 
ing of # strength and ductility. It is difficult to at- 
tribute the lowering of ductility to compound forma- 
tion alone, since it also appears to be associated with 
increased alloy content of the # phase, as has been 
ugygested 

With the exception of the foregoing low tempera- 
ture effects, the Ti-Fe alloys behaved as expected 
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High Temperature X-Ray Diffraction Investigation 
of the Zr-H System 


The phase diagram of the Zr-H system over the range 0 to 65 atomic pct was 
determined by high temperature X-ray diffraction methods. Results show a eutectoid 
between «-zirconium and the hydride phase. The eutectoid temperature was estab- 
lished at 560° 10°C with a eutectoid composition of 42°3 atomic pct H. The 
hydride phase of the lowest hydrogen content is stable only above the eutectoid tem- 
perature, but is formed and retained in a metastable state during reaction of zir- 
conium with hydrogen at temperatures below 560°C. One hydride phase is indicated 


ECENT increase in the industrial importance of 
zirconium has stimulated several investigations 
of the reaction of zirconium with hydrogen. Review 
of the literature on interpretation of absorption iso- 
therms hows that attempts were made to relate 
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that exists over the composition range 55 to 65 atomic pct H. 


by D. A. Vaughan and J. R. Bridge 


the observations to the room temperature hydride 
phases reported by Hagg.’ However, more recently 
Schwartz and Mallett’ reported the existence of a 
new hydride phase, isomorphous with the lower 
hydride in the Hf-H system described by Sidhu 
This phase was found adjacent to the metal in a 
diffusion gradient sample. In addition to the new 
phase, Schwartz and Mallett reported on only two 
of the five hydrides found by Hagg. Gulbransen’ 
confirmed the existence of only three hydrides of 
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4 
i 
at 


16 Atemic Pet H 


Intensity? 


zirconium and established the compositional limits 
of two of the phase Hage's cubic ZrH and tetra- 
gonal ZrH 

Confusion concerning the phases present in the 
Zr-H system and in the interpretation of absorption 
isotherms was believed to be due to the lack of 
X-ray diffraction data at elevated temperature. Thi 
report presents results of an X-ray diffraction in- 
vestigation of the Zr-H system up to 65 atomic pet 
H, from room temperature to 650°C 


Experimental Work 

Hydrogen alloys of low hafnium arc-melted crys- 
tal bar zirconium containing 20, 33, 40, 45, 50, 55, 57, 
60, and 65 atomic pet H were prepared by reacting 
degassed 40 mil Zr sheet with hydrogen at tempera- 
tures between 800° and 550 C. Pure hydrogen wa 
obtained by decomposing UH,. After absorption of 
measured amounts of hydrogen, the samples were 
homogenized by annealing for 17 hr at 600°C, fol- 
lowed by rapid cooling to room temperature. All 
amples except that containing 65 atomic pet H were 
given an additional homogenizing treatment at 
1000°C in evacuated fused silica capsules and were 
quenched in water without breaking the capsule 

The homogenized samples were powdered for 
X-ray diffraction examination. High temperature 
diffraction data were obtained on specimens encap- 
ulated in evacuated thin-walled fused silica tube 
The powders were annealed in the tubes at 500°C 
before examination at 100°C intervals up to 850°C 
Additional data were obtained at other temperature 
near phase boundarie 

Phase boundaries were established by the dis- 
appearing phase method, data being obtained both 
by heating and by cooling the sample to the temper- 
ature desired. Below 800°C the samples were held 
at temperature for 2 hr before X-ray exposure wa 
tarted. Room temperature patterns were taken 
after each high temperature run above 600°C to 
determine if any changes had occurred at the high 
temperature 

The 9 cm diam camera used in this study was of 
the Hume-Rothery design, but with the Straumani 
film mounting. Filtered nickel radiation was em- 
ployed. Temperature was mea ured and controlled 
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Table |. X-Ray Diffraction Data for the 400°C Isotherm in the Zr-H System 


Atomic 


65 Atomic Pet 


Intensity? 


Intensity? 


with a single 36 gage chromel-alumel thermocouple 
placed adjacent to the sample in the plane of the 
X-ray beam. The measured temperature was cali- 
brated against the thermal expansion of pure silvet 
and was known to within *5 °C, with a control of 
+1 C for any measured temperature. Control of the 
temperature was obtained by automatically cycling 
a small part of the total current required to hold the 
furnace at the desired temperature 


Results 
The Zr-H phase diagram, based on result 
of high temperature X-ray diffraction tudie 
is shown in Fig. 1. The «a and £ phases correspond, 
respectively, to the hexagonal-close-packed and 
body -centered-cubic modifications of zirconium, The 
olid solubility of hydrogen in a-zirconium, up to 
00 C, was established by Schwartz and Mallett." In 
the present investigation the solid solubility of 
hydrogen in #-zirconium was found to exceed 50 
atomic pet at 850°C. The a-f transformation tem 
perature is decreased 300°C by hydrogen addition, A 
eutectoid occurs at 42 atomic pet H. Furthermore, it 


was found that tetragonal y hydride c/a~1, the first 


/e! 
| 
77} 
‘ | Get 
. plus 
+ 
Fig 1—The Zr-H phase diagram is based on X-ray diffrac 
tion data 
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100 ] of hydrogen from ZrH,, and suggest that the 60 and 
“ 09” / i 65 atomic pet H alloys are the same hydride phase 
O80 | i The present data show a linear decrease in c/a with 
0970 1 | hydrogen content, see Fig. 2b, over the composition 
ve oat / range 55 to 65 atomic pct H, indicating the existence 
eee of one hydride phase 
’ @ owe Diffraction data for the 400° and 600°C isothermal 
3 5 080 1 sections of the Zr-H system are given in Tables I 
r a 0930 | and II, respectively, which illustrate the change in 
j 0920 7 | the X-ray diffraction pattern with hydrogen content 
| 0910 i | [oo | | at constant temperature. In addition to the phase 
changes observed, it is interesting to note the ab- 
ence of the tetragonal y hydride phase c/a>1 in the 
100 +200 «400 750 B00 406°C isotherm. This tetragonal structure can be 
Temperature, C retained at room temperature by quenching from 
; F 600°C. However, it decomposes to a-zirconium and 
ig. 2a-—-Change in axial ratio with temperature for the 65 
: atomic pct H-Zr alloy is plotted cubic hydride in approximately 48 hr at 500 ¢ 
Discussion of Results 
> ry | } The results of the present investigation are con- 
: istent with the room temperature observations re- 
ported by Schwartz and Mallett and by Gulbransen, 
and extend the information on the Zr-H tem to 
Fig. 2b—Change in 850°C. The variation in pressure with temperature 
‘ ° 1a | = axial ratio of zirco has not been considered in detail. Thi might be 
ve . nium hydride with expected to shift, somewhat, the composition limit 
; hydrogen content ot of the phase boundaries, but would not appreciably 
room temperature is alter the general shape of the equilibrium diagram 
is plotted up to approximately 60 atomic pet H. Only one com- 
ed | | position above 60 atomic pet H was studied. Thi 
sample, a 65 atomic pct H alloy, built up a hydrogen 
* pressure in excess of 1 atm on heating to above 
“ 7} a 450°C, the pressure over this sample being sufficient 
Hydrogen, a at 700°C, to burst the capsule. The shift in axial 
ratio of the tetragonal y phase with temperature 
to form when zirconium is reacted with hydrogen, indicated a decreasing hydrogen content and, there- 


eutectoid 
stable 


the 


exists as a 


temperature, 
material at 


is metastable below 
560°C +10°C, but 
higher temperatures 

The hydrogen alloys containing 60 atomic pet H 
gave a cubic pattern at all temperatures, whereas 
the 65 atomic pet H alloy was tetragonal c/a<1 at 
room temperature. However, examination of the 65 
atomic pet H alloy at temperatures above 450°C re- 
vealed that the axial ratio of the tetragonal hydride 
phase increases, approaching unity between 700° and 
800°C, as shown in Fig. 2a. These results are consis- 
tent with Gulbransen’'s® findings of a continuous de- 
crease in decomposition pressure on slow removal 


fore, a sloping boundary on the high hydrogen side 
of the y phase field 

Although previous workers have 
existence of at least three hydride 
Zr-H system, the present X-ray diffraction 
indicates these phases represent boundary 
conditions of a single 
Changes in composition shift the axial ratio of the 
tetragonal structure through unity, so that the two 
tetragonal hydrides and one cubic hydride appear to 
exist as different phases. However, the linear varia- 
tion in the degree of tetragonality from c/a>1 
through c/a 1 (cubic) to c/a<1 as a function of 


indicated the 
phases in the 
tudy 
pha 
hydride 


tetragonal phase 


Atemic Peat 15 Atomic Pet 
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Table I1. X-Ray Diffraction Data for the 600°C Isotherm in the Zr-H System 
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hydrogen content of the hydride phase suggests that 
unly one hydride of zirconium exists. This hydride 
has a composition range of approximately 60 to 67 
atomic pet H at room temperature and 55 to 62 
atomic pet H at 600°C 


Acknowledgments 
The authors expre appreciation to C. M 
Schwartz and M. W. Mallett for invaluable discus- 
sions during the course of this work, and to W. Al- 
brecht for preparing the alloys. They also wish to 
acknowledge the help of the publication committee 
in the construction of the phase diagram 


References 


MeN. A. Hall, S L. H. Martin, and A. L. G Rees: Trans, Fara 
la Son 1945 lg woe 
R. K. Edwards, P. Levesque ind Cubleciotte: Solid Solution 
Equilibria in the Zirconiu Hydrogen Syeste Technical Report 
N 13. Illinois Institute of Technic 
G. Hage fu P ih he Che ‘ 1931 118, p. 433 
‘C M. Schwartz and M. W. Mallett: Observations on the Behav 
ior of Hydrogen in Zirconiur T ns ASM 1954) 44, p 640 
S. S. Sidhu and J. C. McGuire: X-Ray Diffraction Study of the 
Hafnium-Hydrogen System. Journal of Applied Physica (1962) 23 
*E. A. Guilbranser ind K. F. Andrew Crystal Structure and 
Thermodynamic Studies on the Zirconium-Hydrogen Alloys. To be 
put hed, J Electrochemical Soctet 
Discussion of this paper sent (2 copies! to AIME by July 1, 1956 
will appear in AIME Ve ron, 1 nd in JOURNAL oF 
Merats, October 195¢ 


Phase Transformations in Titanium-Rich Alloys 
of Nickel and Titanium 


The formation and subsequent decomposition of metastable phases in Ti-Ni 


alloys containing up to 11 pct (atomic) Ni have been studied. The decomposition of 
a completely retained ; phase and of a completely transformed /{ phase in a 6 pct 
alloy has been followed by X-ray diffraction and metallographic methods and by 
hardness determinations made during the process. The possible mechanisms of the 


reactions are discussed. 


REVIOUS investigations of the Ti-Ni system 
have usually been limited to phase diagram 
tude but little attention has been given to meta 
table phases and tempering processe These are 
important, however, since equilibrium conditions are 
rarely achieved—nor, perhaps, are they desired——in 
practice. Up to the present time the available tran 
formation data for titanium alloys appear to be re 
tricted to isothermal transformation curves fo! 
elected binary and ternary system No quantita- 
tive studies have been made of the mechanism by 
which equilibrium is approached 

Several independent investigations have been ca! 
ried out to determine the Ti-Ni phase diagram 
Early work by Wallbaum’ and later by Long et al 
produced tentative phase diagrams which were not 
representative of true binary conditions, since the 
alloys were contaminated with oxygen and nitrogen 
The most recent diagram (Fig. 1) is due to Margolin 
et al and a slight modification of the a B/B 
boundary (shown dotted) has been proposed by 
McQuillan.’ The structure of the phase Ti,Ni wa 
hown by Duwez and Taylor to be face-centered- 
cubic, with 96 atoms per structure cell 

The formation of a martensitic a phase (close 
pat ked-hexagonal) in Ti-Ni alloy ha enerally 
been observed when specimens of low nickel cor 
tent are rapidly cooled from the 8 (body-centered 
cubic) range. Margolin et al. reported an increasing 
tendency for 8 to be retained in lump specimens a 


the nickel content increase McQuillan’ has studied 
the effect on the microstructure of delay time in 


quenching, and has reported the formation of pro 
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by D. H. Polonis and J. Gordon Parr 


wt PERCENT 


‘rook 
#00 
1800 
13001 \ 
\ 
2 
« 
= woo 
coe 
2 
rro® 
Te 
2 
8 6 20 26 385 


artrowmre 


Fig. |—Data for the phase diagram of the Ti-Ni system was 
taken from Margolin et al 


eutectoid a precipitate in a quenched hypoeutectoid 


In a previous study of Ti-Fe alloy experiment 
were made on powder specimens produced by filing 
alloy ingots. Techniques were devised for the prep 


aration and heat treatment of alloy and X-ray 


diffraction methods were used both for tructure 


determinations and phase ratio estimations, A simi 
lar approach has been made in this study of Ti-Ni 
alloy 
Experimental Methods 
Ten alloys ranging from 0.25 pet to 18 pet Ni* 


positior ‘ percentage ine 


were prepared from iodide titanium bar stock (hard 
re Rr 72) and Johnson-Matthey spectrograph 


tandard nickel by levitation melting As a check 
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Fig. 2-—-«' structure is seen in micrograph of a | pct Ni alloy 
quenched from 1000°C. Sample was etched in 5 pct HF 
aqueous with a nitric acid rinse. X800 


filings ranging in size from 
creen) were cut from 


of ingot homogeneity 
+65 to —325 mesh (Tylet 
different locations of the ingots and annealed until 
equilibrium was attained. Equilibrium was estab- 
lished, both here and in another aspect of the work 
by making X-ray diffraction plot 
pectrometer during annealing 


referred to later 
on a Geiger countet 
until all metastable phase 
further changes in constitution occurred. At thi 
point it was assumed that equilibrium had been 
Microscopic and X-ray diffraction exam- 
annealed powder revealed 


had disappeared and no 


rene hed 
ination of the fully 
similar phase constitution in all filing 
ingot, regardless of the location from which they 
Homogeneity is, in 
made in 


from each 


were cut and their screen size 
fact, a pleasing characteristic of alloy 
mall quantities by levitation melting and chill 
casting 

In the heat treatments to be described, powder 
specimens obtained by filing the ingots were 
quenched from elevated temperature by a blast of 
argon or helium. The technique has already been 
described.” Most of the work was carried out on 200 
to 325 mesh and 48 to 65 mesh filings. While —200 
mesh powder sintered during soaking (unless the 
amples were continuously rotated), the +65 mesh 
powder remained unsintered and therefore quenched 
more rapidly. Consequently, —200 mesh and +65 
mesh powders of a given composition, quenched 
either by argon or helium, show a different consti- 


He QUENCH 
@ 
@ We QUENCHED ALLOTS 


o- 


+ 


aTrowic 


Fig. 3—Hardness in Vpn was plotted vs composition for as 
quenched sintered alloy powders; and the percentage of re 
tained § wos plotted vs composition for helium-quenched 
specimens 
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Fig. 4—Shown in this micrograph of a 6 pct Ni alloy is the 
100 pct retained (1 structure. Sample was etched in 5 pct 
HF aqueous with a nitric acid rinse. X800 


tution due to the different quenching rate experi- 
enced by each sample. A series of experiment 
showed that these differences were not due to vari- 
ations of particle size 

Measurements made by recording thermocouple 
potential on a cathode ray oscilloscope showed the 
helium quench from 1000°C to be about five time 
faster than an argon quench. Thus three different 
quenching speeds were used: 1) helium quench 
+65 mesh (fastest), 2) helium quench 200 mesh 
(intermediate), and 3) argon quench 200 mesh 
(slowest). Obviously it is not possible to make ab- 
olute measurements of these quenching rate 

Specimens were isothermally tempered in evacu- 
ated silica tubing. Most of these treatments were 
below 600°C, but for higher temperatures molyb- 
denum linings were used to prevent reaction be- 
tween the alloy and silica 

Hardness 
pure titanium filings subjected to 
imilar heat treatments as the alloys showed that 
the extent of contamination was much the same as 
in the Ti-Fe work,” for which detailed values have 
already been given. Hardness measurements were 
made with a Bergsman microhardness tester, using 
a 10 g load applied to a diamond indentet 

Phase ratios were computed from relative line 
intensities measured from X-ray spectrometer plot 
CuKe radiation was used throughout. The ratio of 
intensities Ti,Ni™ : a,, was determined for a series 


of Ti-Ni alloys which had been heat treated just be- 
low eutectoid temperature until equilibrium was 
reached. Hence the foregoing ratio of intensities for 
a given alloy was related to the corresponding per- 
centage of Ti.Ni deduced from the phase diagram 
As the diffraction characteristics of « and a’ phase 

are very similar, subsequent line intensity ratio: 
TiNi™ : a, or a’, could be directly converted into 
In determining the amount of £ phase, 
umed, and 


measurement regularly made on 


which were 


phase ratios 
random nickel solute distribution was as 
a calculation was made of relative intensities ex- 
pected from equal quantities of a,, or a’, and B 

Line intensity ratios could then be converted into 
phase Details of this type of computation 


have already been given. 


ratio 


Experimental Results 


Constitution and Microstructure of Quenched Al- 


loys—A series of powder samples quenched from 
the 8 range was examined by X-ray diffraction and 
metallographic methods. No differences were ob- 
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roof 

20 

# 


Fig. 5—Isothermal reaction 
curves are given for the decom 
position of « im a 6 pct Ni 
alloy 


served within a given alloy when the soaking time 
was raised from 1 min upward. Alloy were 
quenched from 1000°C with the exception of some 
of the hypereutectoid compositions which required 
lightly lower soaking temperatures to avoid fusion 

Sintered and unsintered samples containing less 
than 2 pet Ni showed a completely transformed 
§# structure after either argon or helium quenching 
This structure is believed to be martensitic and i 
designated a’, Fig. 2. Compositions above 2 pet Ni 
showed differences in constitution with varying 
quenching speed. Argon quenching sintered powders 
produced 100 pct a’ in alloys containing up to 6 pct 
Ni. The microstructure becomes finer with increas- 
ing alloy content—an observation that has been 
made in the Ti-Cu system.” The more rapid quench- 
ing rate attained by helium blasting caused increas- 
ing amounts of £ to be retained in alloys containing 
more than 2 pet Ni, Fig. 3. By helium quenching, 
an unsintered specimen containing 6 pet Ni can re- 
tain 100 pet B 

A micrograph of retained £ in a 6 pct Ni alloy 
reproduced in Fig. 4 shows a substructure that wa 
frequently observed in alloys in which 100 pct £ 
could be retained. The resolution of the substruc- 
ture under the microscope seems to depend upon the 
grain orientation. Subboundaries have been ob- 
served in retained f# structures of high manganese 
alloys of Ti-Mn-N” and were attributed to nitro- 
gen-rich a precipitation. However, nitrogen con- 
tent in the heat treated Ti-Ni alloys is believed not 
to exceed 0.02 pet. No second phase was detected by 
X-ray diffraction methods 

Investigations of alloys containing between 9 pct 
and 11 pet Ni (the limit of solubility of nickel in £- 
titanium) show that Ti,Ni precipitates in powder 
no matter how rapidly they are quenched from 
950°C. Presumably diffusion rates are rapid at the 
temperature of the 8/8 + Ti,.Ni boundary. Alloy 
containing more than 11 pet Ni, quenched from the 
B+ Ti.Ni region, showed those phases in thei 
structure 

High temperature X-ray goniometry studies (the 
technique for which has already been described)’ 
confirmed the existence of 100 pct # in an 11 pet 
Ni alloy held at 950°C. Water quenching a lump 
specimen of this composition retained a completely 
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Ti,Ni is more rapid in powders than in lump 

Hardness of Quenched Alloys——Fig. 3 shows the 
variation of hardne with composition in alloy 
powders (—200 mesh) quenched in the sintered con 
dition. The more rapidly quenched samples (helium 
quench) retain £8 more readily and show highet 
hardness values than the argon-quenched powder 
In unsintered powders of alloys containing 6 pet Ni 
and above, in all sizes from +65 to — 200 mesh, the 
transformation of # is completely suppressed by 
helium quenching. The presence of mixed struc 
tures a’ 4 B leads to higher hardne values at a 
given composition. For example, in the 6 pet alloy 
a helhum-quenched sintered specimen contains 80 
pet a’ and 20 pet B with a hardness of 475 Vpn. The 
un 
quenching rate, shows 100 pet retained £ and has a 
hardness of only 390 Vpn. An argon-quenched (the 
lowest quenching rate) sintered specimen of the 
ame alloy contains 100 pet a’ and has a hardness of 
430 Vpn 

Stabilization of the # phase was not observed in 
either hypoeutectoid or hypereutectoid alloys when 
cooling rat lower than argon quench were em 
ployed. The retained # phase in a 6 pet Ni alloy 
remained untransformed on subsequent cooling to 
liquid oxygen temperature; nor could a martensiti 
transformation be induced by cold working powder! 
at room temperature prior to subzero quenching 

Isothermal Decomposition of « Phase in a 6 Pet 
Alloy—A detailed analysis of this process has been 


(© -q@ree 


ver 


Time 


(minutes) 


tructure, uggesting that the precipitation of 


intered specimen, with a correspondingly faster 


= 
40o0r 
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Fig) 6—Hardness in Vpn is plotted vs time during the iso 
thermal decomposition of « 
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Fig. 7—Structure of 
a 6 pct Ni alloy is 
shown after 90 pct 
decomposition of a’ 
at 500°C. Sample 
was etched with 5 
pct HF aqueous with 
@ nitric acid rinse 
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Figs. 8a, 8b, and 8c— 


Fraction of trans 


formed, the hardness, 


and half intensity 
line breadths of a 
are shown as a func 
tion of time during 
tempering at 8a 
(above), 400°C; 8b 
(left), 425°C; and 
8c (below), 450°C 


WED 


JOURNAL OF METALS, MAY 1956 


Q 
4600 
2 
ve 400 
$00 
200 


of equilibrium compositions; 


The decomposition produces a + Ti,Ni 
and the growth stage 
of the reaction was described quantitatively by 
measuring the amounts of Ti,Ni formed during va- 
rious stages of heat treatment. Fig. 5 shows the re- 
action curves (typical of many growth processes) 
which may be described by a generalized form of 
the Johnson-Mehl equation 

Hardness measurements at various stages of iso- 
thermal cecomposition at four different tempera- 
tures are shown in Fig. 6. With the depletion of 
nicke] in the close-packed-hexagonal structure and 
the corresponding formation of Ti,Ni, there is a 
gradual decrease in hardness values. No initial 
hardness increase was observed during the earliest 
stages of the process 

Microscopic examination revealed a precipitated 
tructure during the reaction at 450° to 525 C, 
Fig. 7. At temperatures nearer to the eutectoid, 
spheroidal precipitates were observed. This was in 
accordance with the detailed kinetic analysis 

Isothermal Decomposition of Retained § Phase in 
a 6 Pet Alloy—The mode of decomposition of re- 
tained 8 and of transformed £ could fortunately be 
investigated in the same alloy, since argon-quenched 
sintered powders produced the latter constitution, 
while helium-quenched unsintered powders pro- 
duced the forme: 

The isothermal decomposition of retained f fol- 
lows a stepwise reaction: 


published 


B (body-centered-cubic) 
«” (close-packed-hexagonal) ~ 


«a (close-packed-hexagonal ) Ti.Ni 

«” is used to designate an intermediate phase 
which is formed before the presence of Ti,Ni is 
detected. At temperatures up to 550°C an isotherm- 
ally heat-treated powder may consist of 100 pet a” 
The reaction curves are shown in Figs. 8a, b, and c 
with corresponding hardness values for isothermal 
treatments at 400°, 425°, and 450°C. At higher 
temperatures the reaction is extremely rapid; at 
lower temperatures it is very slow. There is no C- 
curve behavior. Apart from the fact that the sub- 
structure disappears, the microstructures, of which 
Fig. 9 is an example, show no evidence of the re- 
action B-»a” having occurred. Dark-field and 
failed to reveal any 


polarized-light examination 
change in microstructure 


Fig. 9—Microstructure of 100 pct a” shows the original § 
grain boundaries. The black morks are etch pits. Sample 
was etched in 10 pct HF in glycerine with a nitric acid 
rinse. X800 
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2% 
| 
| 
4 


of the a” 
formed on quench- 
early tages of the 
harp £ diffraction 
a result of the 


The 
phase corre 
ing. During the 


positions of the diffraction peak 
spond to those of a’ 
reaction there 
is a broadening of the originally 


lines; the a” reflections, appearing a 


reaction, show an initial broadening and then be- 
come progressively sharper. Fig. 8 illustrates this 
fact and also shows that the hardns curve of the 


reaction follows the same initial increase and sub- 
equent decline 
The 


yield 


tage of the >a TLN}). 
reaction curves, Fig. 10, to the 


However N 


econd reaction 


very similar 


decomposition of a’ the amount of Ti,Ni 


detected at any time ji lightly greater in a” de- 
composition than in «a decomposition. Microscopi 
examination of specimens during stages of the a” 
decomposition revealed similar structures to those 


breakdown 
made to reveal the 
not been detected 


observed during the a’ 
Attempt have 
tional w pha e, but this has 


been transi- 


Discussion of Results 

Effect of Quenching Rate on Constitution The 
diffusionle tran 
explain the fact that a more 
quenched sample tends to retain the high 
phase, while a slower quench produce 

tructure. In Ti-Ni alloys this effect 
which may yield 


generally accepted theories of 
formations do not 
rapidly 
temperature 
a martensite 
is most marked in the 
ting entirely of 
tioned whether a’ is, in 


6 pet alloy 
a structure con retained £# or of 
a’. It may, 
fact, 


the evidence can be 


be que 
favor of 
ummarized a 


of course, 
martensitic reaction 


follow 


martensite In 


1—-The structure has a strained appearance, Fig 
2, typical of a martensite, and its X-ray reflection 
are broad 

2—If the phase were a rather than a’, a second 
phase (Ti,Ni) would conceivably precipitate simul 


taneously This might not be detectable by X-ray 


technique but on subsequent tem- 


no induction period prior to 


or microscopi¢ 
pering there would be 
the growth of Ti.Ni. Fig. 5 


experienced 


hows that an induction 
period is, in fact 

3—If a diffusion reaction 
eutectoid 6 pct alloy 
Ti,.Ni rather than a. However, no Ti,Ni i 
in quenched alloy than 9 pet Ni 


occurred, the hyper- 


would probably precipitat 
observed 
containing le 


high 


lower quenching produce 


The retention of a temperature phase by 


rapid quenching (while 


martensite) has also been observed in some iron al 

loys by Kurdjumov and Maksimova,” who showed 

that shear processes might be suppressed 
Isothermal Decomposition of « « + Ti.Ni--The 


) are typical of processes in which 


curves in Fig 
nucleation does not contribute appreciably to the 
reaction after the 
how that the 
84.000 cal per 
550 C the growth of Ti.Ni in 
needle is to be expected The 
reaction, Fig. 6 


Holden et al.” for Ti-Cu alloy 


induction period. Calculation 


activation energy for the reaction } 
mol, and that at te mi pe ratureé ip to 


platelet form around a 


hardne 


analogou to the ob 


de crenuse 
during the 
ervations of 


Isothermal Decomposition of Retained (> «” 


Kurdjumov and Maksimova howed that the re- 
tained high temperature phase in some iron alloy 
decomposed isothermally to martensite on tempet 
ing at temperatures below M No M, temperature 


have yet been determined for the Ti-Ni system, but 
it is most likely that the tempering 
above M However! 


whether £6 >a transformation |} of 


temperature n 


this work are it is impossible 
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10 


Isothermal reaction curves are given for the decom 
ina 6 pct Ni alloy 


Fig 10 


position of «” 


martensitic or diffusion type The shape of the 
growth curves j imilar to that reported for some 
other systems and analyzed by Cohen et al.,"" who 


concluded that the reactions involved were marten 
ite On the other hand, it 1 


thermal martensitic process to 


unusual for an iso 
how no C-curve be 
havior, Evidence in favor of a reaction involving 
diffusion may be stronger, since the subsequent for 


mation of Ti,.Ni from «” is a little more rapid than 


its formation from a’. This implies that nuclei of 
Ti.Ni have formed during reaction, or that 
their formation during the early stages of break 


down of a” is facilitated by composition fluctuation 


reaction. The comparative 


formed 


et up during the B— a” 
ease of reaction a” — a 4+ Ti,Ni over a’ a 
borne out by the re 


(suggesting the presence of nuclei 
during the 8 a” process) 1 
pective activation energies of 71,000 (see the next 
ection) and 84,000 cal per 
It may be fairly safely concluded that nucleation 


rather than growth by diffusion is the rate 


mol 


control 


ling factor during the first stage (up to 50 pet 
transformation) of Ba” decomposition Line 
breadths increase to a4 maximum during thi tape 
Fig. &—a fact which together with the hardne in 


train due to coherency 
During the later 
growth of exist 


crease suggests a structure 


between the Band a” 
tape of the 


ing nuclei, or possibl 


two phase 
reaction incoherent 


train relief by shear, would 


account for the hardne decrease 

Isothermal Decomposition of Thi 
to be a similar process to item 2, but the in 
reduced a little as discussed pre 
Once breakdown of a” show 
characteristic to that of a’ both a” 
that imply 
and both produce similar 
how that the 


71,000 cal per mol 


appr al 
duction period 
viously inder way, the 
imilas and a’ 
yield decomposition curve growth-con 
trolled process¢ micro 
tructure Calculation 


of thi 


activation 


energy reaction 1 
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Strain-Induced Porosity and Hydrogen 
Embrittlement in Zirconium 


Pronounced porosity, decreasing with distance from the fracture surface, is found 
in the necked region of tensile specimens tested at room temperature or liquid nitrogen 
temperature. A hydrogen solution treatment followed by a quench prevents pore forma- 
tion in tests at —196°C, but has little effect on tests made at room temperature. Re- 
duction of area values at -—-196°C are strikingly improved by the same treatment, but 
show no improvement in room temperature tests. The experimental results support the 
hypothesis that strain-induced porosity results with hydride initially present or, in material 
containing less than 50 ppm H, with hydride precipitated by strain aging. 


by F. Forscher 


IRCONIUM'S advent a 
4 in 


an engineering material 
construction ha brought 
forth many investigations concerned with the prop- 
erties of this metal and its alloy Some attention 
has been given to the ductility of the metal Par- 
ticularly, the effect of impact 
trength was indicating a pronounced de 


nuclear reactor 


hydrogen on. the 
noted 
pendence of ductility on the hydrogen content and 
its distribution in the metal. Micrographic’ and 
X-ray diffraction studi have shown that a pre- 
cipitated hydride phase causes embrittlement in zir- 
a distinetly different mecha 
nism from that causing hydrogen embrittlement in 
tee! In the latter case 
to rift 
uch internal pressures 


conium,’ which implic 
it is assumed that atomic 
, Where it forms moleculat 
that it cause 
Thermo- 


hydrogen diffuse 
hydrogen under 
the rift 
dynam 
that the 
would be too low to cause any damage to the zir- 


to enlarge, leading to fracture 
tudies of the Zr-H system also indicate 
internal pressure of molecular hydrogen 


contum at room temperature, and the formation of 
a zirconium hydride (4 phase) is favored.” It is note 
worthy that thi 
tructure and nearly 18 pet large 
than close-packed-hexagonal «-zirconium 

Other features of the ductility of zirconium are 
the absence of a typical cup-cone failure upon tensile 
train-induced porosity in the 


phase has a face-centered-cubic 


molar volume 


testing, a pronounced 
necked region of a tensile bar, Fig. 1, and the asso- 
pongy appearance of the fracture surface. A 
improvement in ductility at liquid nitro- 


clated 
tremendou 
gen temperature can be observed following a heat 
treatment that retains the commonly present quan- 
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house Electric Corp, Pittsburgh 
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tities (10 to 50 ppm) of hydrogen in solution. Such 
tests show a typical cup-cone failure and the ab- 
ence of strain-induced porosity, Fig. 2. The present 
paper reports results of an investigation into the 
causes of strain-induced porosity in zirconium, Room 
temperature tensile fractures of mild steel, alu- 
minum, and titanium have also been examined for 
strain-induced porosity. In each case porosity could 
be detected, but the amount was orders of magni- 
tude less than was found in zirconium. Of the three 


metals, titanium showed the strongest effect 


Material, Specimens, and Preparation 
The greater part of this investigation was done 
on Westinghouse crystal bar zirconium, arc-melted, 
Chemical analyses of the 
along with 


forged, and hot-rolled 
hot-rolled plates are given in Table I, 


Table |. Composition of Ingots Used in Investigation 


ase 
Westing Westing 
house Crys house Crys- 
tal Bar tal Bar 


Foote Crys Foote Crys 
tal Bar tal Bar 


Spectrochemical Analysis, 0.005 Wt Pet 
oO 0024 0.030 
0016 0.016 0.008 0 015 
Chemical Analysis, Ppm 
BOO noo 200 
90 140 80 200 
i4 7 7 20 


iS 25 


those of the Foote crystal bar zirconium used in this 
The specimens were machined from the hot- 
(1550°F) of % in. thickness and sub- 
equently heat-treated according to one of the 
treatments shown in Table II 

All specimens were machined round, the 
tudinal axis in the rolling direction, with a gage 


work 
rolled plate 


longi- 
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Fig. 2—Typical differences in 
the low temperature (—196°C) 
behavior between a quenched 
specimen, bottom bar and LEFT, 
showing 0.1 pct porosity near 
fracture and 64 pct reduction 
in area; and a slow cooled 
specimen, top bar and RIGHT, 
showing 6.1 pct porosity near 
fracture and 24 pct reduction 
in area is pictured. X15. Area 
reduced approximately 35 pct 
for reproduction 

Bars illustrate the effect of hy 
drogen solution treatment on 
tensile properties at —196°C; 
bars contained 35 ppm H.. Bot 
tom bar was treated at 400°C 


Fig 1—Micrographs show 
typical strain-induced porosity 
in the necked region of tensile 
specimens of zirconium in the 
hot-rolled condition tested at 
room temperature. LEFT: Lon 
gitudinal section, attack pol 
ished, standard preparation 
X15. RIGHT: Transverse sec 
tion, diamond dust abraded 
X50. Area reduced approxi 
mately 35 pct for reproduction 


for 3 hr in vacuum, furnace 
cooled. The bar displayed the 
following properties: 2 pct yield 
strength at 22,600 psi; tensile 
strength, 62,400 psi; uniform 


strain, 23.4 pct; 24.0 pct re 

duction in area; 0.262 work 

hardening coefficient. Top bar 

was treated at 400°C for 3 hr 

ice and brine quenched. Properties displayed were: 2 pct yield 
uniform strain; 64.0 pct reduction in area; 0.238 work hard 
ening coefficient 


2 


length of 3 in. and a diameter of 0.250 in., Fig. 3 
Notched specimens were tested with an included 
angle of 45°, 90° and 150°, and a notch root diam- 
eter, 0.250 in., equal to the unnotched 
diamete! 

Evidence of porosity is presented mainly in micro- 
graphs of longitudinal and transverse 
through the strained region of tensile specimens. An 


specimen 


ection 


polishing technique for reproducible prep- 
Samples were 


attach 
aration of the sample has been used 
rough ground on a No. 180 grit silicon carbide wet 
belt, and abraded to a 4-0 emery paper finish by 
hand. Polishing was performed on a 500 rpm gamal 
covered lap using Linde B polishing abrasive. A 
few drops of acid solution consisting of 70 pet H,O, 
29 pct HNO,, and 1 pet HF were added to the cloth 
periodically. Polishing time was 2 to 3 min 

In order to describe the 
in a quantitative manner the following method wa 
adopted. An X15 micrograph was taken of the attack 
etched surface and a 50 mil grid superimposed on 
the print. By means of this grid the percent area 
in the plane of polishing could 


train-induced porosity 


occupied by the pore 


TRANSACTIONS AIME 


be determined quantitatively. Superimposing the 


grid on the same micrograph, but in a different 
direction, resulted in reproducible values of pet 
0.05 pet 


outlined will probably 


centage of porosity to within 
The polishing procedure 
modify the true geometry of the pore and result 
in an apparently higher percentage of porosity pet 
unit area of cro To evaluate this effect 
a technique had to be developed which would result 


ection 


in a quantitative agreement between mic rographi 
cally determined porosity and density change Thi 


Table Il. Heat Treatments Used in Investigation 


Time 


Medium ir (eoling 


Designation 


leed brine quench 
Fu wee 


technique consisted of dry machining, grinding, and 
diamond dust abrading of the surface. The geometry 
ubsequent to this preparation, Fig. 1, 
rounded than after the 


Porosity in this speci 


of the pore 
is more irregular and le 

attack polishing technique 
men was measured by the grid method on an X15 
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Fig. 3—Diagrams illustrate round tensile specimen and 
notched tensile specimens 


a) 
} see Out! 


Distance from (in) 


Fig. 4—-Graph plots density as a function of distance from 
fracture 


print, as well as by the cut-out method, on a series 
of sixteen X150 print Either method resulted in 
good agreement with the measured density change 
A comparison of porosity and density may be 
made from Fig. 4. In this experiment, a forged and 
hot-rolled erystal bar zirconium rod was machined 
into an oversized tensile specimen of 1.50 in. diam, 
5 in. gage length, and tested at room temperature 
Subsequently, a | in. long, 0.50 in. diam cylinder 
was machined from the necked region of the bar 
and sliced into nine disks, on which density and 
porosity measurements were performed." It is seen 
*In Fig 4 the fracture plane was defined as that plane which 
firet gave a smooth mitinuous boundar of the cross section after 
onsecutive polishing of the cross section 
that the porosity measured on the diamond dust 
abraded surface, 3.6 pet, is in agreement with the 
6.505-6.287 
average density change of the disk, - 
6.505 
100 3.4. The density of this disk was determined 
by careful measuring and weighing, and by the im- 
mersion technique, using different liquid media, The 
density of the other eight disks was determined by 
immersion in CCl,. X-ray transmission photographs 
of the disks also show the porous nature of the de- 
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formed material clearly, but no quantitative work 
has been done along this line 

Hydrogen analyses were performed by vacuum 
diffusion methods with an accuracy within about 
) pet of the reported value 


Effect of Annealing Time and Temperature 
on Porosity 

It has been observed that the strain-induced 
porosity decreases with distance from the fracture 
urface. In order to obtain a quantitative descrip- 
tion of this behavior a number of specimens were 
tested at room temperature and prepared after frac- 
ture for porosity evaluation. One half of the frac- 
tured specimen was sectioned longitudinally, Fig. 5a; 
while the other half of the specimen was mounted 
© that consecutive transverse cross sections could 
be attack etched and the amount of porosity evalu- 
ated, Fig. 5. The series of micrographs in Fig. 5b-g 
is typical of strain-induced porosity. Five speci- 
mens of different heat treatments were prepared and 
analysed in this fashion. The porosity, as measured 
from the micrographs, is plotted against distance 
from fracture in Fig. 6. It is seen that in each case 
the porosity decreases sharply with distance from 
fracture. Subsequent hydrogen analyses on sample 
from the gage length of the specimens revealed that 
the specimens with the least amount of hydrogen 
also showed the least amount of porosity 

Two conclusions may be made from this seri 
of five specimens. First, an annealing treatment in 
the a or B field of zirconium? in itself has little effect 


An allotropic transformation from the hexagonal-close-packed 
to the body-centered-cubic phase occur t 


on porosity except through the residual hydrogen 
remaining in the specimens after the treatment 
Secondly, even 1.5 ppm H can cause a measurable 
porosity near fracture in a slowly cooled specimen 

A grain size effect was found in specimen No 
H716-4, which was « annealed at 840°C for 48 hi 
This heat treatment resulted in a banded structure 
frequently encountered in zirconium, typified by the 
tructure shown in Fig. 7a. The tensile tested speci- 
men showed a predominance of pores in the small 
grained region. The experiment was repeated on 
specimen No. H716-10 with identical results, shown 
in Fig. 7. This effect of a grain size on porosity bk 
at present not understood 


Effect of Triaxial Strain on Porosity 

It may be concluded from Figs. 1, 4, 5, and 6 that 
the triaxiality of the strain in the necked region of 
the tensile specimens has a pronounced influence on 
the formation of the strain-induced porosity. Addi- 
tional evidence of the effect of triaxiality is shown 
in Fig. 8. Room temperature tensile tests were per- 
formed on a series of specimens with different notch 
angles but identical root radii and root diamete! 
In such a series the plastic triaxiality changes from 
the root of the notch in a sharply notched specimen 
to the center of the specimen with a shallow 
notch Fig. 8 indicates that strain-induced porosity 
also changes from the root of the 45° notch to the 
center of the piece with the 150° notch 


Effect of Quenching on Porosity and Ductility 
Previous investigations” ‘ have revealed that the 
impact toughness is greatly increased by quenching 
from above 316°C. A similar improvement in duc- 
tility is expected in a tensile test if the formation 
of the hydride phase is inhibited. This contention 
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is strikingly illustrated in Fig. 2, which shows the 
results of tensile tests at 196°C. The quenched 
specimen, No. H710-L-12, showing no strain-induced 
porosity, was the first specimen to show a typical 
cup-cone failure. Another noteworthy feature of 
the two specimens shown in Fig. 2 is the pronounced 
difference in ductility. The quenched specimen has 
both higher uniform ductility and better reduction 
in area, Table III. Tests on similarly treated speci- 
mens performed at room temperature show little 
difference in appearance, porosity, or ductility 
values, Table III. It is therefore concluded that 
hydride formation in the quenched specimens must 
take place during the room temperature testing, and 
that the good ductility in impact tests is due to the 
higher strain rate, which evidently was fast enough 
to prevent hydride formation. The effect of strain 
rate on the ductility at room temperature was in- 


vestigated, and the results reported in a later section 

Further evidence that strain-induced hydride pre- 
cipitation occurs at room temperature Is presented 
in Fig. 9. Two specimens containing 5 ppm H were 
quenched from 400°C and tested to beyond the local 
necking stage. The upper specimen, tested at room 
temperature, shows porosity in the necked region; 
while the lower specimen, tested at —196°C, shows 
no detectable porosity 

The effect of quenching on the porosity and duc- 
tility at —196°C is so pronounced that it is possible, 
by quenching from different temperatures, to estab- 
lish at what treatment temperature all hydrogen 
is in solution. Fig. 10 shows the results on duplicate 
specimens tested at 196°C after an iced brine 
quench from different solution treatment tempera-~ 
tures. Associated with the decrease in necking strain 
is an increase in porosity, indicating that hydride: 


Fig. 5a—Micro 


Fig. 5—Micrographs a to g were taken of 
specimen No. H716-2. Heat treatment 
600°C, '2 hr in vacuum, furnace cooled 
Hydrogen content, 23 ppm. X15. Area 
reduced approximately 35 pct for repro 
duction 


Fig. 5b—Micrograph is taken 15 mil 
from fracture. Porosity equals 95 pct 
of area 


from fracture 
of area 


Fig. Se—Micrograph is taken 90 mil 
from fracture. Porosity equals 0.9 pct 
of area 


from fracture 
of area 
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Fig. 5c—Micrograph is taken 35 mil 
Porosity equals 46 pct 


Fig. 5f—Micrograph is taken 124 mil 


Porosity equals 08 pct 


graph shows longi 
tudinal section 
near fracture of 
specimen No 
H716-2 tested at 
room temperature 


Fig. 5d—Micrograph is taken 63 mil 
from fracture. Porosity equals 1.7 pct 
of area 


Fig. 5g—Micrograph is taken 205 mil 
from fracture. Porosity equals 0.0 pct 


of area 
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Table Ill. Tensile Test Results on Quenched and Slow Cooled Specimens” 


Test 0.2 Pet 


Temperature, 


men Ne Treatment 1000 Psi 


8005 in. per min 


Vield Strength, 


Uniform Reduction 


Elengation, 


Tensile 
Strength, 
1000 Psi 


624 
68.48 
772 
66.5 
37.0 
$1.7 
15.4 
46.1 


must have been present before the low temperature 


train as the de- 
Fig. 10 was dictated by the 
observation that porosity develops during straining 
beyond the limit of uniform strain and before frac- 
From Fig, 10 it may concluded that all 
ent must have been in solution sub- 
400°C quench. This value is in 
with the reported terminal solubility 
for 34 ppm H."} 


ile te 
pendent 


The 
variable 


ten choice of necking 


in 


ture be 
hydrogen pre 
equent to a good 
agreement 


temperature 


wartz and Mallett's' data extrapolated to a value of 200°C 


Effect of Hydrogen Content on Porosity 

9 that little as 5 ppm H may 
train-induced porosity at room temperature 
feasible to eliminate all hydrogen,’ but an 


It i 


iti 


een in Fig a 


not 


va 
a 


ounmee 


FRACTURE is 


Fig. 6 —Graph plots porosity vs distance trom fracture of zir 

conium specimen. Tests are given at room temperature, 

with various heat treatments 
appreciable decrease in the hydrogen content may 
be achieved by a long A-anneal in a good vacuum 
Specimen No. H716-8 was annealed at 1000°C for 
48 hr in vacuum, < 0.03,, and furnace cooled. Fig. 11 
hows the porosity developed in this specimen dur- 
test. A sample from the 
ppm H. The pronounced 
apparent when Fig. 11 


room 
length analy 


ing a temperature 


ed 1.4 


porosity is 


decrease in Is 


compared with Figs. | and 5a 


Introducing more hydrogen into the material did 
not increase the porosity beyond the usual magni- 
tude, Fig. 6, but it did decrease the ductility, as 
discussed in the next section 

All test results are in agreement with the hypo- 
thesis that strain-induced porosity is another mani- 
festation of the effect of hydride in zirconium. This 
hypothesis is further checked by tensile tests per- 
formed at temperatures above that at which hydro- 
gen is taken into solution. Fig. 12 shows the results 
of two elevated temperature tensile tests of zir- 
conium containing 25 ppm H. The terminal solution 
temperature for 25 ppm H in zirconium is found to 
be about 260°C by extrapolation of Gulbransen and 
Andrew's data.” The absence of pores at the 300 
test and the presence of pores in the 250°C test 
in good agreement with the predicted value 


Effect of Hydrogen Content on Ductility 

Mudge’® reported that as little as 10 ppm H in 
zirconium may noticeable embrittlement, 
and that with increasing hydrogen content the de- 
gree of embrittlement These conclu- 
sions were based on impact data and correlate well 
with the tensile ductility data presented in Fig. 13, 
where reduction in area is plotted on a linear natural 
strain scale vs hydrogen content 

The data show that a hydrogen content to 
about 50 ppm has a pronounced effect on ductility, 
and is particularly noticeable in —196°C tests in the 
quenched condition. In such low temperature tests 
the improvement in ductility by quenching is most 
striking, while in room temperature tests the data 
may be considered to fall within a band containing 
slow cooled as well as quenched specimens. With 
increasing hydrogen content the beneficial effect of 
the quenching treatment noted in tests at 196°C 
for specimens having low hydrogen content vanishes, 
presumably because even the fastest quench used 
in these experiments was not sufficient to retain the 
increasing amount of hydrogen in supersaturated 
solid solution. Ductility evaluation as a function of 
time after quench for zirconium with 60 ppm or 
more hydrogen has not been performed 


Cause a 


is increased 


up 


Table IV. Effect of Strain Rate on Ductility of Zirconium with Low Hydrogen Content, 5 Ppm 


Test 
Temperature Heat 
‘ 


Specimen 
Treatment 


Ne 


18 Room Siow cool 
19 Slow cool 
1 oom Quench 
2 Quench 
20 Sie 
“ Slow cool 
” Quench 
7 Quench 


w cool 


Test Rate, 
In. per 


05 
0.005 
0 005 
0 005 
o5 
0 005 


Uniform Keduction 


Tensile 
Strength, 
1000 Psi 


$2.1 
2489 
29.7 
29.7 
692 
684 
72.1 
72.3 
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ae 
| 
Pet Pet 
a H710-11 Slow cooled 196 25.5 24 24 
H716-2% Slow cooled 264 40 
H710-12 Que hed 196 32.46 53 
H716-21 Quenched 10.0 44 70 
H710-10 Slow « ed Koon 20.7 24 45 
1716-28 Slow oled Roor i94 24 50 
H710-9 Quenched Roon 208 26 
716-30 Quenched Roor 22.0 14 565 
4 
Deformation nt 
cd 
4 
for 35 ppm H 
« wore 
¥ 
5 
| 
Min Pet Pet 
hy 
22 
27 58 
18 61 
28 48 
61 4 
56 67 
68 75 
60 72 


Fig. 7—Micrographs show effect of grain size on strain-induced porosity in partially dehydrogenated specimens. Heat treatment 
840°C, 48 hr in vacuum, furnace cooled. Hydrogen content, 4.1 ppm. X15. Area reduced approximately 35 pct for reproduction 
LEFT: Typical banded structure is shown in the unstrained condition, transverse cross section. CENTER and RIGHT: longitudinal 
cross sections after room temperature testing 


Fig. 8—Micrographs show effect of triaxiality on strain-induced porosity. With increasing notch sharpness, the maximum tri 
axiality moves from the center of the bar to the region near the root of the notch. The specimens from ingot No. H716 were 
tested at room temperature in the hot-rolled condition. LEFT: 150° notch, CENTER: 90° notch. RIGHT: 45° notch. For orig 
inal dimensions, see Fig. 3, lower diagram. X15. Area reduced approximately 35 pct for reproduction 


Effect of Strain Rate on Ductility affected by strain rate, The precipitation rate at 


A comparison of ductility values, Table HI, fo this temperature is probably too slow. Table IV 


the slow cooled and quenched condition, and the contain the corresponding value for the low 
t that cooled condition which, as expected, shows practi 


observation on porosity shown in Fig. 9 sugge 
cally no rate effect on the ductility, since the 


a strain aging phenomenon is operative. At high 
strain rates and/or low temperature, less hydrogen 
has time to precipitate as a hydride. Consequently, 
quenched specimens of sufficiently low hydrogen 
concentration for all of it to be in solution after Reduction in area values for porous specimens |} 
quenching should show increasing ductility with only a crude measure of ductility The metal be 
increasing strain rate at temperatures where the tween pores | ubjected to much higher natural 
comparable to the strain rate train values than would be concluded from the 


hydride is already present before testing 


Effect of Porosity on Ductility 


precipitation rate 1 

To check this hypothesis, a number of specimens overall ductility measure, since the true load carry 
from an ingot of low hydrogen content (G570) were ing area is reduced by the presence of the pores, and 
quenched and tested at two testing speeds, 0.5 and the material between pores is subjected to complex 
0.005 in. per min. The results, Table IV, show the triaxial straining comparable to that present undet 
expected increase in ductility at faster rates, from a notch. To evaluate this effect quantitatively, it 
48 to 61 pet, at room temperature. At —196°C, the was first necessary to measure the true notch duc 
72 and 75 pet reduction in area, is not tility in the absence of porosity. Notched and un- 


ductility, 


Fig. 9—Micrographs show ef 
fect of temperature of test on ’ 

the porosity of quenched speci 
mens with low hydrogen con 2 
tent (5 ppm). LEFT: Specimen . 

No. G470-4 tested at room 

temperature. RIGHT: Specimen : 

No. G570-3 tested at —196°C © P 

X25. Area reduced approxi 


mately 35 pct for reproduction > 
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Fig 10-—Graph plots ductility at —196°C as a function of 
quenching temperature. Necking strain was selected as 
measure of ductility because of its significance with respect 
to strain induced porosity 


Fig. 11 —Micrograph 
shows longitudinal 
section after a room 
temperature test of 
dehydrogenated 
specimen No 
H716-8, showing 
little porosity. Heat 
treatment: 1000°C, 
48 hr in vacuum, 
furnace cooled. Hy 
drogen content, 1.4 
ppm. X15. Areo re 
duced approximately 
35 pet for repro 
duction 
notched specimens of the design shown in Fig. 3 
were dehydrogenated at 640°C for 48 hr in vacuum, 
which left a residual hydrogen content of about 4.0 
pecimens. The were quenched 
from 400°C in iced brine to retain the residual hy- 
olution, then tested at 196 C. Subse- 
quent examination of a longitudinal section through 
revealed no porosity. Therefore, the 
taken as a measure of the 


ppm in the pecimen 


drogen in 


the fracture 
reduction in area wa 
true notch ductility of the material. Another 
of specimens of identical geometry, but in the as- 
rolled condition, 25 ppm H, was tested at room tem- 
perature, and showed typical strain-induced poros- 
ity, Fig. 1 The results of these two 
given in Table V. It is seen that a 90° notch causes 
the most pronounced decrease in ductility in both 
heat which implies a mini- 
mum of energy needed to fracture. In the case of a 


SCTICS 


series are 


treatment conditions, 
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90° notch, the reduction in area in a porous room 
temperature test differs by about 24 pct from the 
reduction in area of a nonporous low temperature 
test. The necking strains of the unnotched speci- 
mens differ by 21 pct. If this series of specimens is 
considered typical of the porosity vs ductility re- 
lation, it may be concluded that the inherent duc- 
tility of interpore zirconium is not affected by po- 
rosity. Strain-induced porosity—internal notches 

only affects ductility through its introduction of 
triaxiality on the interpore metal, and through in- 
herent localization of deformation in such a process 


Discussion 
The test results and observations reported in this 
with the hypothesis that 
manifestation of the 


paper are in agreement 
strain-induced porosity is a 
effect of hydride in zirconium, It is believed that 
because of the difference in crystal structure and 
molar volume existing between a-zirconium and 
the hydride, the formation of hydride in a-zirco- 
nium is detrimental to the ductility, particularly 
under multiaxial straining. Either because of non- 
coherent interfaces with the zirconium matrix oO! 
because of an inherently low cohesive strength of 
the hydride platelets, strain discontinuities develop 
within the deforming metal. Under triaxial strain 
conditions the discontinuities must into 
pores, not necessarily round, by virtue of the plastic 
flow of the matrix. These discontinuities and inter- 
nal notches are not readily propagated because of 
ductility of the zirconium matrix 


open up 


the excellent 


However, the strain-induced pores have some effect 
on the overall ductility, since they localize the strain 
in the interpore material, which may be considered 


tensile 
tubby, notched 
Con- 


notched specimens 


as a multitude of tiny 
The total elongation to fracture of a 
specimen is very low even in ductile metals 
sequently, the overall ductility of a specimen with 
strain-induced porosity is similarly decreased. As 
pointed out, this effect is only present under multi- 
axial straining, and should not affect the uniform 
ductility or forming operations in which triaxiality 
in tension is absent 

A complication arises because the hydride phase 
is likely to form during heat treatment and/or dur- 
ing straining. It has been shown by experiments 
that for the commonly encountered hydrogen con- 
tent (10 to 50 ppm), hydride precipitation may be 
prevented by iced brine quenching from 400°C, at 
which temperature all hydrogen is in solid solution 
This is an unstable condition at room temperature, 
where hydride will precipitate if the material 1s 
strained: but if straining is done at —196°C, where 
atomic mobility is much decreased, the tensile test 
nonporous fracture in a quenched 


will lead to a 


Fig. 12—Micrographs show 
longitudinal sections through 
specimens tested at elevated 
temperatures in the hot-rolled 
condition. Hydrogen content, 
25 ppm. LEFT: specimen was 
tested at 250°C, below the 
terminal solution temperature 
RIGHT: Specimen was tested 
at 300°C, above the terminal 
solution temperature X15 
Area reduced approximately 35 
pct for reproduction 
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Table V. Comparison of Ductility With and Without Porosity* 


Hydrogen 


Treatment Ppm Appearance 


Deh ydrogenated 
and quenched 
As-rolled ) Pores 


No pores 


med at the rate of 0.05 tr 


Temperature 


Reduction in Area, Pet Necking 
for Netch Angle Pet 
nnotched 
Specimen 


Test 


sample. As expected, quenched 
ade pe ndence of 


specimens show a 
deformation rate when 
tested at room temperature, where the atomic mo- 
bility 1 
Such 
quantitative 
porosity 1 


ductility on 


comparable to the strain rate 

makes it apparent that a 
relation between hydrogen content and 

too complex to be of practical use. That 

is, hydrogen must be precipitated 

phase, which may by slow cool- 


consideration 


present as a 
be achieved either 
During straining, the deformation 
the amount of hydride 
and hydrogen content 
influence on the amount of the 
turn, causes porosity if tri- 


ing or straining 
expected to affect 
the test temperature 


have a 


rate 1 
Also, 
will 
precipitate 
axiality is 


majo! 
which, in 
present 


Conclusions 
1) The hydrogen content up to 50 
effect on the ductility of zirconium, 
ubatmospheric temperatures. Hy- 
treated pecimen 
failures at 196°C and over 70 pet 
reduction in area, while slowly cooled specimens 

show le than half this ductility at —196°C 
2) The ductility difference between 
low cooled specimens vanishes with 


ppm has a 
pronounced 
particularly at 
and quenched 


drogen solution 


show cup-cone 


quenched 
and increasing 


wer 
QESIGNAT ION 
SLOW COOLED 


MEAT TREATMENT 
400°C, SHR, FURNACE COOL 
400°C SHR, ICED BRINE QUENCH o 


. 


QUENCHED 


OF FORMATION FATE +005 “/min 


Reduction in Areo (% 


Hydrogen Content (ppm) 


Fig. 13—Graph plots effect of heat treatment and test 
temperature on the ductility as a function of hydrogen con 
tent. The reduction in area scale is based on a linear 
notural strain scale 
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room tem 
Rate 
result of a 


and cannot be observed at 
conventional testing 
ensitive ductility is believed to be the 
strain aging phenomenon Faste! straining of 
quenched specimens results in ductile be- 
havior at room temperature 

3) The fracture 
room temperature has a spongy appearance 
ections reveal a pronounced porosity near fracture 
which seems to be the result of hydride precipitate 
and triaxial straining 

4) Qualitatively, the strain-induced porosity in 
zirconium is associated with the hydrogen content 
The presence of hydride due to slow cooling ot 
strain aging alway rise to porosity, while 
hydrogen in solution leads to fractures, 
e.g., tests at —196°C of quenched specimens 

5) The amount of strain-induced porosity which 
proportional to the hydrogen 


temperature, 


perature unde! rates 


more 


tested at 


Cy OSS 


urface of zirconium 


Rives 
nonporous 


may be developed 1 
content, at least up to 30 ppm 

6) Strain-induced porosity appear in 
tested at a temperature at which hydro 
260°C for 25 ppm H 

7) Strain-induced trongly affected 
by triaxial tensile strain, the root of a 
harp notch or in necked region of tensile specimen 


does not 
pecimen 
ven is taken into solution, e.g 
porosity 1 


such as 1s at 
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Mechanism of Intercrystalline Fracture 


Microscopic observations during creep tests were made on Al-20 pct Zn, 80 pct 
Ni-20 pct Cr, and 2S and 35 aluminum specimens. All these materials failed in an inter- 


crystalline manner under certain stress and temperature conditions. 


Particular atten- 


tion was given to the initiation and propagation of intercrystalline cracks in coarse- 
grained Al-20 pct Zn specimens. The geometry of the grains and grain boundaries 
in these specimens was known before the tests. On the basis of the observations and 
a knowledge of the interaction between grains and grain boundaries, a mechanism of 
intercrystalline fracture and propagation of the fracture has been proposed. 


by H. C. Chang and Nicholas J. Grant 


ETAL and alloy fracture occurs essentially in 
two ways: transcrystalline and intercrystalline 
In the past most of the work done in this field was 
centered on the determination of stress criteria for 
fracture. The specimens used for these studies were 
tested under varying conditions of stress state, tem- 
perature, and strain rate. Unfortunately, very little 
attention was given to the initiation and propagation 
of the fracture, whereas the nature of fracture was 
examined closely only after failure. Several exten- 
ive reviews of these studies have been published by 
Orowan, Smith, Barrett, and Petch 
It is well known that a material which exhibits a 
ductile and transcrystalline fracture can be made to 
exhibit a brittle and intererystalline fracture by 
modifying its composition and by heat treatment 
This modification may or may not result in micro- 
wcopically observable precipitation in the grain 
boundaries 
In the creep of any one alloy the transition of 
transerystalline to intercrystalline fracture is a 
function of stress, strain rate, and temperature.” The 
tendency for interecrystalline fracture to occur in- 
the strain rate decreases and the testing 
temperature Extensive work on high 
purity aluminum (99.995 pet) under creep condi- 
tions showed the importance of the interaction be- 
tween grains and grain boundaries, and the different 


Increases 


responses of grain and grain boundaries to the vari- 
ables: stre train rate, and temperature. * It was 
also shown that grain boundary deformation neces- 
warily has to be accommodated in the grains by 
various deformation means as, for example, fold 
formation. The type of fracture resulting from the 
creep of high purity aluminum was invariably found 
to be transerystalline. On the other hand, 2S and 3S 
aluminum were, under certain conditions, found to 
fracture in an intercrystalline manner.” One reason 
given for this was that the grains could accommo- 
date to a lesser extent the deformation of the grain 
boundaries 

It was decided to examine this line of reasoning in 
greater detail and to investigate the particular in- 
teractions between grains and grain boundaries that 
result in the incidence and progression of inter- 
crystalline fracture. It is also the purpose of this 
paper to show where and how intercrystalline cracks 
start and how they propagate to result in fracture 
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Fig. 1—Development drawing shows a coarse-grained Al-20 
pct Zn specimen tested at 500°F and 2000 psi 


Al-20 pct Zn, 80 pet Ni-20 pet Cr, 
were used for this study, but 


Several alloys 
2S and 3S aluminum 
attention was paid mainly to the behavior of an 
Al-20 pct Zn alloy, since its general creep behavior 
has been established 

From the results of this study a mechanism of 
intercrystalline fracture is proposed 


Experimental Procedure 
The experimental procedure was similar to that 
used in previous work and has been detailed else- 
where.’ Two parallel flat surfaces were milled from 
an originally round specimen, giving a gage portion 
which was 1 * 0.09*0.17 in. Some round specimens, 

', in. round by 1 in., were also tested 
The Al-20 pct Zn specimens, which were annealed 
at 1030°F for 24 hr, showed two to four grain 
across the width of the test bar, and most of the 
grains occupied the whole thickness of the speci- 
mens. Before some of the specimens were subjected 
to creep, the grain arrangement was mapped out in 
a development drawing, Fig. 1. The initiation and 
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Fig) 2—AI-20 pct Zn was 
tested at 500°F and 2000 psi 
LEFT: Oblique light. Note fold 
formation in grain C due to 
sliding on boundary between 
grains A and B. X100. RIGHT 
Polarized light. Same area as 
in the micrograph at left 
showing initiation of intergran 
ular crack at triple point. X75 
Area of Fig. 2 reduced approxi 
mately 40 pct for reproduction 


propagation of cracks were followed by microscopic 
examination during the actual hot creep tests. Six 
such flat Al-Zn specimens were subjected to creep 
at 500°F at stresses of 2000 to 5000 psi, the load 
being applied after the specimens were at tempera- 
ture for 45 min. The rupture times were from 10 sec 
to 3 hr, although some tests were stopped before 
fracture took place 

The 80 pct Ni-20 pet Cr alloy was prepared by 
melting under a helium atmosphere in a tungsten 
are furnace in a water-cooled copper crucible. The 
chromium for this alloy was hydrogen-reduced 
electrolytic chromium (about 0.01 pet O and 0.03 pet 
Ni); the nickel was Mond nickel. These Ni-Cr speci- 
mens were annealed at 2400°F for 24 hr in an inert 
atmosphere, Several such specimens were subjected 
to creep at 1200 °F and 15,000 to 20,000 psi 

Micrographs were taken both during and after the 
tests. Polarized light was used for some of the 
micrographs taken after the tests 

Polarized light is very useful for studying frac- 
ture if it is used in conjunction with bright field 
microscopy. It reveals only cracks, holes (mounds), 
or fresh crystalline surfaces caused by boundary 
sliding, which appear as white areas in the micro- 
graphs. It does not reveal slip lines and surface 
curvatures resulting from kinking and inhomogene- 
ous deformation in face-centered-cubic material 
Therefore, the appearance of cracks, viewed with 
polarized light, is not masked by the other deforma- 
tion patterns. It should be pointed out, however, 
that some of the white areas in the micrographs 
taken with polarized light are not cracks, but fresh 
grain boundary surfaces revealed as a result of 
sliding 


Experimental Results 

Initiation of Intercrystalline Cracks——-Careful ob- 
servation of the specimens both during and after the 
tests (some of the tests being stopped prior to frac- 
ture) showed that the initiation of intercrystalline 
cracks occurs from either of these two mechanisms 
1) crack initiation directly associated with grain 
sliding, or 2) crack initiation associated 
bending grain 


boundary 


with tensile and stresses across 
boundaries 

Examples of each of these methods of crack initia- 
tion, shown in Figs. 2 and 3, are presented by means 
of micrographs and schematic drawings, the axis of 
tension in these figures being vertical 

Crack Initiation from Grain Boundary Sliding 
There are three basic cases to be considered in this 
type of crack initiation. Although more complicated 
cases were observed, they are nevertheless thought 
to result from a combination of the following three 
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The first of the three basic cases is illustrated in 
Fig. 2, left and right. It is clear from Fig. 2, left, that 
extensive boundary sliding along the boundary be- 
tween grains A and B has taken place. Fold forma- 
tion associated with boundary sliding can be seen in 
grain C. In Fig. 2, right, the shape and location of 
the intercrystalline crack is shown (polarized light) 
It can be noted that the shape of the crack on the 
specimen surface is triangular. Its depth was rathet 
small since the bottom on the cavity could be seen 
clearly by only a slight change of focus, The location 
of the crack is such that the two long sides of the 
triangle are formed as a result of separation of the 
horizontal boundary between grains B and C; the 
short side of the triangle is along the boundary be 
tween A and BK. This, the first of the three common 
cases, wherein sliding on one boundary takes place, 
is clearly described in schematic drawing Fig. 3a 

The remaining two basic cases of crack initiation 
are best described by means of schematic drawings, 
Figs. 3b and 3c. The shear directions along the 
boundaries which undergo sliding are indicated by 
arrows, and the shapes and locations of the inter- 
granular cracks are indicated by the shaded area; 
In Fig. 3b, there is sliding at two grain boundaries, 
which results in a crack somewhat different from 
that shown in Fig. 3a. In Fig. 3c, sliding again occur: 
on two boundaries, but the geometry of the bound- 
aries is such that an intercrystalline crack of the 
type shown in Fig. 3c takes place, resulting in two 
triangular-shaped cracks 

Two of the more complicated shapes and locations 
of cracks encountered are shown schematically in 
Fig. 4. These can be followed directly from the case: 
shown in Figs. 2 and 3 

Crack Initiation from Bending Stress across the 
Grain Boundary—A tensile and bending stress ts 


created across a grain boundary when the grain on 


Fig. 3—Schematic 
views show three of 
the simple basic 
means of 

imitiating intergranu 
lar cracks due di 
rectly to grain 
boundary sliding 
The arrows along a 
grain boundary ind: 
cate this boundary 
underwent sliding 


MAY 1956, JOURNAL OF METALS—545 


. 
y 
_* 
. 
: 
A \ a 
‘ 
8 8 a) 
C 
A 
8 8 (bo) 
4 
Cc 
. 
C C 
x 


Fig. 4-Schematic views show the more complex initiation of 
intercrystalline cracks which are based on the simple cases 
shown in Figs. 2 and 3 


boundary deforms more than the 
been observed fre- 


one side of thi 
side, as ha 
quently in the past A similar 
for grains which are close to the fractured zone 
Crack initiation could also occur by bending, in an 
effort to restore the axial misalignment caused by 
extensive grain boundary deformation or prior sur- 
face cracks in other parts of the test specimen. Thi 
can give rise to cracks situated far from the frac- 


grain on the other 
ituation may arise 


tured zone 

Fig. 5 shows a specimen whose deformation was 
topped just prior to fracture at 500°F, The propa- 
gation of the intergranular cracks had advanced to 
the greatest extent in section 1-1, and had the test 
would undoubtedly 
It can be seen that 
2 and 3 are on the tension sides of the local 
region It was in these latte: that 
were observed rather than on the compres- 


been continued the specimen 


have fractured along this zone 
repion 
bent 
crack 
ion side 

As would be expected, nearly all of the crack 
tension, with superimposed 


along grain boundaries perpendicular 


region 


which developed by 
bending, are 
perpendicular to the tension axis, 
are exerted on bound- 


it would also 


or nearly since 
the highest tensile stresse: 
of thi Furthermore 
be expected that severe tensile bending would occur 
more frequently in close to the fractured 
zone. This is why many cracks were observed close 
to the fractured zone when the specimens fractured 
in an intererystalline manner 


arie ornentation 


regions 


Fig pct Zn round 
specimen was tested at 
500°F and 2300 psi Crack 
formation is associated with 
the bending of the speci 
men. Approximately X15 
Area reduced approximately 
35 pet for reproduction 
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Propagation of Cracks——Since the propagation of 
cracks is very much influenced by the orientation 
of the grain boundaries (with respect to the tension 
axis) and the arrangement of the grains, it is best 
to describe the propagation of cracks in a specimen 
by using the development drawing shown in Fig. 1 
In this drawing capital letters are used to designate 
the grains. The front surface is a flat surface which 
was observed continuously during the actual creep 
test. This specimen was subjected to creep at 2000 
psi and 500°F. The test was stopped (after 12.5 pct 
elongation in 95 min) when the cracks had devel- 
oped to such an extent that fracture was imminent 
It should be emphasized that the discussion of the 
mechanism of crack propagation leading to fracture 
is by no means based on this one specimen. This 
specimen is used only as an example to illustrate the 
sequence of stages observed in the formation and 
propagation of cracks; the observations are typical 
of other 

Fig. 6 is a micrograph of the triple point of grains 
D, E, and B, which was taken during the test after 
creep for 75 min when the elongation was 8.7 pct 
In this region, it was observed that fold formation 
and severe general deformation first occurred in 
grain D, and the boundaries between grains D and 
E, and B and E became darker and thicker. This in- 
dicated that both boundaries had undergone sliding 
and that severe granular deformation in the neigh- 
borhood of these boundaries had also occurred. The 
more extensive sliding along the boundary between 
grains B and E resulted in the more fold 
formation in grain D referred to previously. Fig. 7 
shows a schematic view of the steps in the initiation 
and growth of the intercrystalline cracks de 
stage it was observed that the re- 


specimens 


evere 


cribed 

In the second 
gion around the triple point, particularly around the 
corner of grain E, became darker and wider. At thi 
stage, an inverted V-shaped crack developed at the 
triple point. The appearance of this region is very 
similar to Fig. 3c 

During stage three, the crack opened along both 
grain During this crack enlargement 
period, sliding occurred extensively 
boundary between grains D and E. The combination 
of crack enlargement and accompanying sliding 
caused the tip of grain E to shift to the left. Though 
the back surface of the specimen could not be ob- 
served during deformation, it was fairly certain that 
at this stage the crack had progressed through the 
thickness least along the edge 
where the three grains meet 


boundaries 
along the 


of the specimen, at 


Fig. 6—AI-20 pct Zn was 
tested at 500°F and 2000 
psi (see Fig. | for grain ar 
rangement), taken on the 
front surface after creep for 
75 min (8.7 pct elongation) 
Crack formed along bound 
aries between grains D and 
E and B and Approxi 
mately X32. Area reduced 
approximately 35 pct for 
reproduction 
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Before deformation (1) Heavy sliding and fold 
formation in grain 0, 


less severe in grains 


E 


(3) Growth of intercrystailine 
crack at the triple point and 
shift of tip of grain € 


(2) Initiation of mtercrystaitine 
crack at the triple point 


Left Side Front Surface 


Bock Surface 


(4) Growth of the intercrystailine crack in the cross section 


Fig. 7—The sequence of initiation and propagation of an 
intercrystalline crack across the cross section (see Fig. | for 
complete development drawing) is shown ’ 
which the test was 


During stage four, after 


stopped, the crack progressed to the vicinity of the 


triple point of grains C, D, and E on the side surface 
of the specimen, as shown schematically in Fig. 7 
The specimen was carefully examined after it was 
taken out of the creep furnace, and Fig. 8 is a mi- 
crograph of the front surface taken after the test 

It will be seen from Fig. 1 that grain D occupied 
only about half of the thickness of the specimen; 
consequently, the close proximity of the 
boundary between grains C and D restricted the 
extensive development of the fold in grain D It 
can be seen in Fig. 6 that the fold in grain D did not 
even extend to the side surface of the specimen, Le., 
the left edge of Fig. 6. In comparing Fig. 6 with 
Fig. 8, left, it can be seen that the deformation pat- 
tern in grain D did not change, although the speci- 
a whole had been strained by an additional 
period. This indicated that no 


grain 


men a 
3.8 pet during thi 
further deformation occurred along the fold after 
the micrograph in Fig. 6 was taken. The crack for- 
mation relieved the stresses in the region. However 


Fig. 8—Development of inter 
crystalline cracks along bound 
aries between grains D and E 
and B and E is shown. Area is 
the same as that shown in Fig 
6 after creep for 95 min and 
12.5 pet elongation (see Figs 
1 and 7). LEFT: Oblique light 
Note that the boundary of 
grain D at crack is ragged 
whereas the same boundary of 
grain E is sharp. X100 
RIGHT: Polarized light. Note 
the shape of the crack. X75 
Area of Fig. 8 reduced approxi 
mately 40 pct for reproduction 
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during this same period, as the crack became wide 
and sliding along the boundary between grains D 
and E continued, the crack also continued to grow 
along the inclined boundary between grains B and 
E. The extension of the crack along this inclined 
boundary (with respect to the tension direction) 
was a comparatively slow process because simul 
taneous opening up of the crack and shearing in the 
direction of the boundary between grains D and FE 
brought the two ends (grips) of the specimen out 
of axial alignment. Realignment of the specimen 
axis took place during each stage of the crack en 
bending of the specimen 
bending, in 


largement, so that gross 
resulted from it. As a result of thi 
homogeneous deformation occurred in grain E in 
the vicinity of the fracturing boundary (between 
grains B and E), as noted in Fig. 6, and severe in 

homogeneous deformation and kinking occurred in 
grain B. Fig. 8a shows clearly this heavy inhomo 
geneous deformation and kinking of grain B 

The progress of the crack stopped at point 1, Fig 

7 and 8, right, along the boundary between grain 
Band E. It can be seen from Fig. 7, stage 4, that a 
line joining point 1 (front surface) and the triple 
point of grains B, E, and F (back surface) is ap 

proximately normal to the front and back surface 

As seen from the arrangement of grains in Fig. 1, 
further extension of the crack along the boundary 
between grains B and E beyond point 1 would have 
to be accommodated by deformation in grain F and 
between grains B and F, and FE and 
hown 


along boundarie: 
F on the back 

in Fig. 9, this deformation in grain F had already 
occurred to a extent when the test wa 
Apparently, further deformation the 
hown in Fig. 9 would have been 


urface of the specimen. A 
great 
topped 
region of grain F 
necessary for progression of the crack beyond point 
1 along the boundary between grains B and E on 
the front surface 

The other two ends of the crack which developed 
D and E 


along the 


along the grain boundary between grain 
on the front surface, Figs. 6 and &, an 
boundary between grains C and FE on the back su 
face, Fig. 7, occur on the side surface of the speci 
men. The plane view of thi 
matically in Fig. 7, stage 4 
boundaries between grains D and E and between 


grains C and E are such that they change rather 


crack 1 hown sche 


The curvatures of the 


abruptly in the vicinity of the triple point of grain 
C, D, and E. The crack developed along the in 
clined boundary between grains D and E ends after 
this point of change of curvature of the boundary 
whereas the crack developed along the horizontal 
boundary between grains C and E ends almost 
exactly at the change of curvature of thi 


Fig. 10, from a 


boundary 
pecimen which was tested unde 
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Fig. 9—( Back sur 
face, Fig. |). Heavy 
deformation oc 
curred as a result of 
sliding and enlarge 
ment of the crack 
along the boundary 
between grains B 
and —. X75. Area 
reduced approx: 
mately 40 pct for 
reproduction 


imilar conditions, shows another example of an 
intergranular crack ending at the region of a 
change of curvature of an inclined boundary Slid- 
ing along this boundary at the straight portion 
caused severe deformation in the adjacent grain at 
the change of curvature, the path and direction of 
the deformation pattern being continuous with the 
traight portion of the boundary which underwent 
liding. The appearance of the deformation is very 
imilar to a fold at a triple point. These foldlike 
deformation patterns and folds at triple points are 
alike because both are caused by boundary s iding 
and, in fact, are evidence of grain accommodation 
of grain boundary sliding. It is interesting to note 
that a new crack was formed at the concave side of 
the curved boundary in the region of the rathe: 
abrupt change of curvature, Fig. 10, right. This ts 
not unexpected, since the grain material in the 
neighborhood of the concave side of the boundary 
is restricted in deformation similarly to that around 
a triple point 

Crack propagation along an inclined boundary 
very often ends at a triple point when the other two 
boundaries meeting it at this point are also inclined, 
or parallel, to the tension axis Such an occurrence 
is shown in Fig. 11 

Fig. 12 shows a typical example of intercrystalline 
cracks in an 80 pet Ni-20 pet Cr alloy tested at 
1200°F. For this alloy, the lack of extensive defor- 
mation in the grains near triple points as well as 
along the grain boundaries is clearly evident on 
comparing Fig. 12 with the micrographs for the 
Al-20 pet Zn alloy. As in the latter alloy, the cracks 
in the 80 pet Ni-20 pet Cr alloy tended to stop at a 
triple point or in regions of abrupt curvature changes 
of the grain boundaries. The tendency of cracks to 
follow nearly horizontal boundaries was always 
observed. Cracks were never observed to form along 
twin boundaries, Fig. 12 

It should be pointed out that it is rather difficult 
to follow the propagation of cracks in this alloy 
because the rate of crack propagation 1s much 


faster than in the Al-20 pct Zn alloy. This must be 
associated with the comparative lack of ductility of 
the grains. No appreciable necking wa found at 
fracture in either of the alloys; however, the total 
elongation of Al-20 pct Zn was about 14 pet, whereas 
that of Ni-Cr alloy was about 6 pct 
Discussion 

Type of Fracture—The fracture of high purity 
(99.995 pct) aluminum, deformed under creep con-~- 
ditions, is always transcrystalline up to the melting 
point In a previous paper” this phenomenon was 
explained on the basis of the experimentally ob- 
erved fact that recovery, as manifested by grain 
boundary migration, can take place rapidly enough 
in the boundary deformation zone (created by 
deformation in the grains in order to accommodate 
boundary sliding). It has also been shown that 
impurities or a second phase may completely elim- 
inate. at a given temperature, the ability of the 
grain boundary to migrate or the boundary defor- 
mation zone to recove! This fixing of grain 
boundaries has been stated as a reason for the fact 
that intercrystalline fracture was found for 2S and 
3S aluminum 

In coarse-grained aluminum, which fails in a 
transcrystalline manner in tensile tests at room 
temperature, local strain measurement: have shown 
that the strains are continuous both within the 
grains and across grain boundaries.” In creep of 
coarse-grained high purity aluminum at high tem- 
peratures it has been found metallographically that 
grain boundary sliding 1s inevitably accompanied 
by deformation in the grains, by subgrain formation 
along the slid boundary, and by fold formation in 
the plane of the slid boundary 

These facts, in conjunction with the results of 
local strain measurements,” show that in high purity 
aluminum the strain is not only continuous across a 
grain boundary, but also continuous In the plane of 
the boundary surfaces, particularly around the 
triple point. In other words, boundary deformation 
can be accommodated by deformation in the grains 
or vice versa. In comparing the deformation micro- 
structures of high purity aluminum’ with those of 
the Al-20 pet Zn alloy, the lack of cooperative ad- 
justment of grain deformation to grain boundary 
deformation is very apparent in the latter. The 
sharpness of the fractured boundary surface is a 
further clear indication of this fact. This lack of 
cooperative deformation Is even more evident in the 
case of the 80 pct Ni-20 pet Cr alloy, Fig. 12 

It has been repeatedly observed that wherever 
and whenever folds can develop extensively, inter- 
crystalline cracking is minimized, delayed, or pre- 
vented. Fig. 13 is an example of the importance of 
fold formation in avoiding or minimizing crack for- 


Fig. 10—AI-20 pct Zn alloy 
was tested at 500°F and 2300 
psi. LEFT: Oblique light. Fold 
in the direction of the arrow 
formed in the lower gram as a 
result of sliding along the 
straight portion of the grain 
boundary. X75. RIGHT: Polar 
ized light’ New crack formed 
at the concave side of the 
curved boundary. X75. Area of 
Fig. 10 reduced approximately 
40 pct for reproduction 
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Fig. 11—Al-20 pet Zn was 
tested at 500°F and 2300 psi. A 
crack stopped at triple point 
a) Oblique light. X75. b) Po 
larized light. X75. Area of 
Fig. 11 reduced approximately 
40 pct for reproduction 


mation for the Al-20 pet Zn alloy. No cracks were 
found in this region in spite of extensive sliding, 
although intercrystalline cracks were found in other 
portions of the same specimen. In contrast to this, 
very limited fold formation was observed in the 
Ni-Cr alloy. Thus the ability of mutual accommo- 
dation of deformation in grains and along grain 
boundaries is the fundamental factor which deter- 
mines the type of fracture and the amount of strain 
before fracture. 

Initiation of Cracks—Work on hexagonal and 
rhombohedral single crystals” showed that a crys- 
tallographic plane can resist a certain critical re- 
solved shear stress before slip can occur along this 
plane. A plane can undoubtedly also resist a critical 
normal stress before cleavage can occur across it 
Whether the crystal breaks due to normal stresses 
or deforms by slip depends on which of the two 
Although an atom 
at a grain boundary surface has a surrounding dif- 
ferent from an atom on a crystallographic plane, it 
is expected that both boundary sliding, by the ac- 
tion of a shear stress, and separation of the two 
crystals along their common boundary, under the 
action of a normal stress, can occur 

There is no reliable information available on the 
cohesive stress of grain boundaries. Since the sep- 
aration of the two grains along a common boundary 
involves the creation of two new surfaces, the co- 
hesive stress must be related to surface energy. It 
is known that surface energy, as well as the critical 
normal stress for cleavage, is practically independ- 
ent of temperature. Therefore, the cohesive stres 
of a grain boundary may also be almost independent 


critical stresses is reached first 


of temperature 

As pointed out by Zener,” 
created around the triple point if a shear stre 
along the inclined boundaries relaxe 
zero. He also pointed out that this hydrostatic ten- 
sion cannot be relieved by plastic deformation in 
the grains around the triple point, but instead in- 


hydrostatic tension i 


viscously to 


Fig. 12, left—80 pct Ni.20 pct 
Cr was tested at 1200°F and 
15,000 psi. Note the sharpness 
of the crack which stopped at 
the triple point. No cracks 
formed along twin boundaries 
X150. Area reduced approxi 
mately 40 pct for reproduction 
Fig. 13, right—Al-20 pct Zn 
was tested at 500°F and 2300 
psi. Extensive fold formation 
was not accompanied by crack 
formation at and near the 
triple points. X75. Area re 
duced approximately 40 pct 
for reproduction 
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creases the stress concentration. In creep at high 
temperatures, where appreciable boundary sliding 
is involved, it is not expected that the shear stress 
along a sliding boundary is completely relaxed 
Therefore, the stress state around a triple point is 
one of tension, in the direction of the applied force, 
with superimposed hydrostatic tension. This stress 
state, in the corner of the grain at the triple point, 
would make deformation in this immediate region 
difficult but by no means impossible. Deformation 
in this region is further restricted by the presence 
of the two other grain boundaries 

The principle of the continuity of total strain re- 
sulting from sliding along a grain boundary requires 
that deformation must occur in the grains, mainly 
in the plane of the sliding boundary, ie., by fold 
formation. In a fold lip plus kinking must 
train 


lip o1 


occur. If, as in high purity aluminum, the 
along a slip plane can be transmitted (no matter by 
what processes’) acros the grain boundary, the 


stress concentration factor at the grain boundary 
around the triple point will not be large. If thi 
transference of strain across a grain boundary i 
very much restricted, as in the Al-20 pet Zn alloy, 
in the Ni-Cr alloy, the stre 

large at the grain 


and even more so, as 
concentration factor will be 
boundary around the triple point 

Fig. 14 illustrates schematically the normal stres: 
distribution along the horizontal boundary between 
grains A and C. It is assumed that the boundary 
between grains A and B has deformed by sliding, as 
indicated. As a result of this, the shaded area in 
grain C has been heavily deformed plastically, the 
cro lines representing fold formation. Regions 1 
and 2 undergo light deformation—the size of these 
ketch for the sake of 
greatest at the 


areas is exaggerated in the 
clarity—the 
triple point and 
izontal boundary. «, represents the hypothetical co- 
he tre of the boundary. Thi 
egment of the grain bound- 


normal tre being 


mallest near the center of the hor- 


value of stre 
reached in the 
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Fig. 14—The normal 
stress distribution 
(schematic) along 
boundary between 
grains A and C asa 
result of sliding 
along boundary A, B 
1s shown 


ary close to or at the triple point, corresponding 
to the experimentally observed fact that cracks are 
initiated in the immediate neighborhood of a triple 
point. The observed shapes of the initiated cracks, 
as for example in Fig. 2, right, are also explained 
on this basis 

Though a normal stress of the same order of mag- 
nitude may develop and act across the inclined 
boundary between grains B and C, Fig. 14, cracking 
is not likely to occur along this boundary. This i 
© because the formation of a crack along a hori- 
zontal boundary causes elongation in line with the 
direction of applied tension, whereas crack forma- 
tion along an inclined boundary and along bound- 
aries parallel to the applied tension causes elonga- 
tion transverse to the applied tension. This follows 
from Bridgeman’'s general observation: “the condi- 
tion that energy must be released during the process 
of fracture is a necessary condition that applies to 
any possible fracture. If the fracture is in the direc- 
tion of the stre then that component of stress doe 
work during the fracture, and the principle of en- 
ergy release is satisfied.” 

Propagation of Cracks——The experimental evi- 
dence thus far presented indicates that: 1) the 
propagation of an intercrystalline crack along a 
nearly horizontal boundary is promoted by a nor 
mal stre acting acro the boundary, and 2) that 
propagation along an inclined grain boundary is 
essentially a result of shear stress along the bound- 
ary. As shown in Fig. 4b, the crack initiated at one 
ection of a specimen, such as the crack formed 
along the boundary between grains A and C, can 
cause another crack to form at another section of 
the specimen, such as along the boundary between 
grains B and D. The specimen may eventually frac- 
ture by shearing along the inclined boundary be- 
tween grains B and C. The zigzag appearance of the 
intererystalline fracture surfaces is thus a result of 
the separation of a nearly horizontal boundary and 
of shearing along an inclined boundary 

The rate of propagation of cracks which leads to 
fracture is closely related to the ability or inability 
of the surrounding grains to deform, i.e., to the duc- 
tility of the grains. As shown previously, for metals 
with some ductility, deformation within the grains 
along the cracked boundaries always occurs, and 
this is particularly obvious in the regions where the 
cracks stop. Thus the strain energy can be released 
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in two ways: by intercrystalline cracking and by 
plastic deformation in the grains. Therefore, it is 
understandable that Al-Zn alloy, in which the grains 
can deform more than in Ni-Cr alloy, shows a slow- 
er rate of propagation of intercrystalline cracks than 
does the Ni-Cr alloy. 


Summary 

The initiation and propagation of intercrystalline 
fractures of the alloys—Al-20 pct Zn, 80 pct Ni-20 
pet Cr, 2S and 3S aluminum—tested under certain 
creep conditions, has been followed by a microscope 
during the tests. Particular attention has been given 
to the study of coarse-grained Al-20 pct Zn speci- 
mens with known geometry of grains and grain 
boundaries. On the basis of this study, the follow- 
ing observations are made: 

1) Regarding intercrystalline cracking: a) To 
achieve continuity of strains, deformation by bound- 
ary sliding must be accomodated by deformation in 
the grains, and strain in one grain has to be trans- 
mitted through the grain boundary to the othe! 
grain. When this accommodation of deformation is 
not realized, intercrystalline cracking can occur 
b) Boundary sliding gives rise to three-dimen- 
ional stresses at the triple point. The largest tensile 
stress normal to the grain boundary surface may 
reach or exceed the cohesive stress of the grain 
boundary. c) The lack of ability of a grain boundary 
to transmit strain from one grain to the other may 
result in intercrystalline cracking by bending stresses 

2) The propagation of intercrystalline cracks is 
caused primarily by the action of normal stress 
The enlargement of a crack by the action of a shear 
stress is a relatively slow process, because the re- 
ulting lateral displacement has to be accommodated 
by deformation in other parts of the specimen 
However, when cracks have developed to a great 
extent across the cross section of the specimen, 
shearing along an inclined boundary plays an im- 
portant role in leading to complete fracture 

3) Intererystalline cracks, which start at triple 
points, usually also stop on reaching other triple 
points or positions where there are large changes in 
grain boundary curvature 

4) The rate of propagation of intercrystalline 
cracks depends strongly on the ability of the grains 
to deform. In the 80 pet Ni-20 pct Cr alloy, granu- 
lar deformation was small (a total gage elongation 
of 6 pet) and the rate of intercrystalline cracking 
was high: whereas in the Al-Zn alloy, the total duc- 
tility was considerably higher and intercrystalline 
crack propagation correspondingly slower. 
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Influence of Boron on the Rate of Transformation 
of High Purity Iron 


The effect of boron on the austenitic transformation rate of iron is smaller than 
on low carbon steels. The influence of austenitizing temperature on B-Fe is the 


reverse of its influence on steels. 


by M. E. Nicholson 


HERE have been many studies made of the in- 
fluence of boron on the hardenability of steel, 

but apparently none has been made of its influence 
on the y-a transformation of pure iron. There are 
everal fact uggesting that boron should have a 
pronounced effect on the transformation rate of iron 
First, Simcoe et al.’ indicated that boron reduces the 
nucleation rate of ferrite and bainite. Second, they 
showed, along with others, that the lower the 
carbon content of steel the greater the influence of 
boron on hardenability. If this trend extends to pure 
iron, the influence on rate of ferrite formation should 
be considerably greater for iron than for medium 
carbon steels. According to Rahrer and Armstrong, 
the multiplying factor for boron in pure iron should 
be about 2.40, compared with 1.50 in a 0.35 pet C 
teel. According to an extrapolation made by Grange 
and Mitchell,’ the effect should be even greater, and 
the multiplying factor should be about 3.5 in iron 

Many investigations of the boron influence in- 
dicated that boron is effective only when in solid 
olution. On the other hand, Chandler and Bredig* 
uggested that boron increase hardenability by 
combining with nitrogen, thereby preventing forma- 
tion of AIN, which catalyzes the decomposition of 
austenite. If their hypothesis is valid, boron should 
have no effect on an alloy free from nitrogen. Digge 
et al” showed that so far as low nitrogen high purity 
Fe-C alloys are concerned this is not the case. No 
experiment however, have been made on low 
nitrogen iron 

To determine whether or not boron has an effect 
on low nitrogen iron and, if an effect exists, to de- 
termine whether it is as large as predicted from the 
investigations of boron treated steels, the following 
work was performed 

Because of the rapidity with which iron tran 
forms from austenite to ferrite at even a moderate 
degree of supercooling, it was decided to study the 
influence of boron on the transformation rate of iron 
by determining the effect of quenching rate on the 
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Fig. |—Influence of cooling velocity on the temperature of 
the »-« transformation of iron and iron alloys is plotted 


temperature of the beginning of transformation. The 
technique, essentially that used by Greninger’ and 
Duwez,’ consisted of heating small specimens, 0.1 in 
q and 0.010 in. thick, in an atmosphere of purified 
helium with a resistance heater coil, and then 
quenching the sample in a jet of helium gas. At the 
time the jet was applied, the heating coil was re 
moved from around the sample. The sample wa 
uspended in the furnace on 30 gage chromel and 
alumel wires, one welded to each side of the speci 
men, which also served as a thermocouple for mea 
uring the specimen temperature 

Specimens were prepared from vacuum-melted 
iron obtained from the National tesearch Corp 
which was rolled to a thickne of 0.060 in. and then 
decarburized in wet hydrogen for 5% hr at 700°C 
This treatment also removed any boron present in the 
iron. The resulting iron contained 0.001 pet C, 0.0002 
pet N, and 0.005 pet O. One half of the piece was then 
boronized by urrounding it with 325 mesh boron 
powder and heating it for about 2 hr at 900°C in H 
The boronized tron was then homogenized at 1100 °C 
for 24 hr. The iron boride case formed by boronizing 
was removed by grinding 0.010 in. from each side 
of the plate, and the piece was finally rolled to a 
thickness of 0.010 in. The resulting alloy contained 
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0.007 pet B. The decarburized iron was rolled to a 
similar thickness 

For the purpose of comparison, a 0.5 pct Ni-Fe 
alloy was prepared by vacuum melting, using Mond 
99.95 pet Ni and high purity iron from National Re- 
earch Corp 

Specimens were heated to the austenitizing tem- 
perature for 5 min, during which time the tempera- 
ture could be maintained within *5°C. Just prior to 
quenching, the thermocouple was switched from a 
portable potentiometer, used to measure the austen- 
itizing temperature; to a Hathaway Model SI14A 
oscillograph, having a type OC-2 galvanometer. The 
galvanometer had a de sensitivity of 130 mm per ma 
per m, an undamped frequency of 800 cps, and at 220 
cps a response 6 pet down from maximum signal 

An austenitizing temperature of 950°C was used 
for most test 
minimum temperature which would allow attain- 
ment of maximum quenching velocity above the 
equilibrium transformation temperature. The B-Fe 
alloy was also tested at 1000°C to determine if the 
influence of boron on transformation rate was a 
function of austenitizing temperature 


because it was considered to be the 


The quenching curves were similar in shape to 
those of Greninger. At temperatures above the 
transformation the curves were nearly linear. At 
the transformation temperature the slope of the 
curve changed abruptly. This change was most pro- 
nounced at cooling rates of about 500°C per sec, but 
it was easily visible at 6000°C per sec. The pro- 
nounced recalescence observed by Duwez" in many 
of his specimens quenched at high velocity was not 
observed. This was probably due to the difference in 
location of thermocouples. His arrangement con- 
isted of a sandwich of metal around the thermo- 
couple instead of one in which the specimen was 
located between the thermocouple wires. Although 
the thermocouples reacted differently when heat 
was evolved as the iron transformed, the average of 
Duwez'’ data and that of the present investigation 
were equal within 5°C at all cooling velocities. Thus, 
it was concluded that the difference in thermo- 
couple position did not have any marked effect on 
the observed temperature of the start of trans- 
formation 

Specimens of all but the B-Fe alloy were used 
several times. However, the B-Fe specimens were 
not used more than twice, since it was found that 
tests on specimens that were used longer occasion- 
ally transformed at temperatures above those ob- 
served during the first or second quench. This was 
presumed due to oxidation of the boron 

Results of the experiments are summarized in 
Fig. 1, in which transformation temperature for the 
various alloys is plotted as a function of cooling 
velocity. Each point in the figure represents a single 
quenching test 

It is evident that boron significantly reduced the 
rate of the y-a transformation of iron. After aus- 
tenitizing at 950°C, the B-Fe alloy transformed at 
about the same rate as the 0.5 pet Ni-Fe alloy. In 
these alloys, a lowering of the transformation tem- 
perature equal to that for iron was produced with 
slightly less than half the quenching velocity re- 
quired for pure iron. After austenitizing at 1000°C, 
a cooling velocity only about one quarter of that 
used for pure iron was required to produce the same 
lowering in the B-Fe alloy. In hardenability nomen- 
clature, the boron (and nickel) at 950°C would be 
said to have a multiplying factor of about 1.3 and 
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at 1000°C about 1.5. This factor is about what would 
be expected for 0.5 pct Ni,” but it is only about one 
half of that expected for boron.” *‘ On the basis of 
these results, it appears that boron has a smaller 
effect on the rate of the y-a transformation in pure 
iron than it does in Fe-C alloys 

More important than the comparative effective- 
ness of boron in iron and steels is the difference in 
the effectiveness of boron as a function of austen- 
itizing temperature between iron and steels. After 
austenitizing at 1000°C, the y-a transformation rate 
was less than after austenitizing at 950°C. This is 
the reverse of what is found in boron-treated steels, 
where a loss in hardenability is generally above 
900°C for boron contents higher than 0.001 pct B 

To determine whether or not the reduced trans- 
formation rate at 1000°C could be a grain size effect, 
similar samples were heated for 5 min at 950° and 
1000°C, and quenched with brine. The resulting 
Widmanstatten ferritic structure clearly showed 
that prior to the austenite, average grain diameter 
was about 0.1 mm for both specimens. It is therefore 
believed that the reduced transformation rate is not 
a grain size effect 

The current theories’ “ of the influence of form on 
hardenability propose that maximum hardenability 
is associated with a critical boron content in the 
grain boundaries. If the critical boron content is 
exceeded, the nucleation rate of the austenite de- 
composition products increases—hardenability de- 
creases. It is suggested that, as the austenitizing 
temperature is increased, the grain boundary con- 
centration of boron content is exceeded. An increase 
in austenitizing temperature increases the nuclea- 
tion rate of the austenite decomposition products 

For these theories to explain the foregoing results, 
it is necessary to assume either that the grain 
boundary boron concentration content for the Fe-B 
alloy is less than the critical boron content, or that 
the grain boundary adsorption decreases with in- 
creasing temperature. If the first assumption is 
made, it must be concluded that the critical boron 
concentration is an order of magnitude greater than 
it is in steels and that the effectiveness of boron is 
far less in iron than in steels. If the second assump- 
tion is invoked, it may be argued that the effective- 
ness is the same for iron and steels, and that the 
reduced effectiveness is due to the high boron con- 
tent of the iron. Either of the assumptions might be 
reasonable for the Fe-B alloy alone. However, since 
neither of these is a condition believed to exist in 
boron-treated steels, adoption of either assumption 
requires that the critical boron content or tempera- 
ture coefficient of adsorption change markedly as 
carbon content increases from essentially 0 to about 
0.20 pet C 

Another hypothesis is based on the assumption 
that boron has the effect on the y-a transformation 
predicted from the extrapolation of the data on 
boron-treated steels, but this is concealed by the 
catalizing effect of iron boride, Fe,.B, which is pres- 
ent in a 0.007 pct B at these temperatures.” In terms 
of this hypothesis, since at 1000°C less Fe.B is 
present than at 950°C, a greater reduction in trans- 
formation rate is observed. Because the iron boride 
was present in the form of a few large particles as a 
result of slow cooling after vacuum annealing, it is 
believed that the Fe,B had little or no effect on the 
rate of transformation 

The simplest explanation is based on the hypothe- 
sis that in Fe-B alloys the influence of boron on the 
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rate of nucleation is proportional to the amount of 
boron in solid solution. Such a hypothesis would 
predict a higher rate of nucleation at 950°C, where 
the solid solubility of boron is 0.002 pet; than at 
1000°C, where the solubility is 0.003 pct B." This 
hypothesis leads to the conclusion that the effective- 
ness of boron is less in pure iron than in steel 

It is clear, therefore, that 1) the effect of boron 
on iron is smaller than predicted based on the ex- 
trapolation of boron-treated steels and 2) the boron 
is more effective at 1000°C than at 950°C. From 
these results it is concluded that 1) boron reduces 
the y-a transformation rate in iron by forming a 
solid solution with it and not by a scavenging action, 
2) current theories of the influence of boron on steel 
hardenability cannot explain the foregoing results 
without assuming that conditions exist in iron that 
are not believed to exist in steels, and 3) a simple 
hypothesis of boron in solid solution appears to ex- 
plaif the observed results. 
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Solid Solubility of Lithium in Aluminum 


The lithium solubility limit in solid aluminum was determined by the use of micro 
graphic techniques. The solubility limit thus established was shown to be a true 
equilibrium by checking the reversibility of AlLi phase precipitation and dissolution 
around the equilibrium temperature. The experimental results fit a straight line by 


plotting log 


HE solubility limit of lithium in solid aluminum 
was determined by Shamray and Saldau’ by 
micrography and by Grube et al.” and also Voss- 
Kihler’ by measurement of electrical resistivity 
Since the addition of lithium induces extremely 
small changes in the aluminum lattice, X-ray tech- 
niques could not be employed for this purpose; in 
fact, the addition of lithium does not cause an ex- 
pansion of the lattice as might be expected from a 
consideration of atomic radii, but small 
contraction from 4.040 to 4.037A° * when the solvent 
aluminum is saturated with this element 

An analysis of the results from previous investiga- 
tions shows that with improvement of investiga- 
tion techniques the solubility limit tends toward a 
lower lithium content. Again, some of the author's 
own experimental results on the action of atomic 
hydrogen on Al-Li alloys seemed to indicate that the 
solubility of lithium should be much lower, i.e 
about 0.3 pet at 300 °C instead of 1.15 pet, the lowest 
published value 

For the foregoing reasons it was decided to in- 
vestigate this problem. The aluminum and the 
lithium used for this purpose were of the highest 
The lithium solubility limit was determined 
in particular by the 


causes a 


purity 
by metallographic techniques, 
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against 1/T. The metallurgical reasons explaining the lack of 
agreement among previous investigations are discussed. 


by S. K. Nowak 
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Fig. |—Partial phase diagram of the Al-Li system is pre 
sented 


pecially developed for the pur- 
pose of revealing the AILi phase. The solubility 
limit thu hown to be a true equi- 
librium by checking the reversibility of AlLi phase 


use of a reagent e 
determined wa 


dissolution and precipitation around the equilibrium 
temperature 

All of the experimental work was carried out in 
1951 at the d'Etudes de Chimie Metallur- 
Vitry, France direction of 


Centre 
gique at under the 


Georges Chaudron 
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Fig. 2—Al-0.01 pet 
Li alloy was an 
nealed for 260 hr at 
110°C and etched 
at room temperature 
X150. Area reduced 
approximately 30 
pct for reproduction 


Materials and Experimental Procedure 

The materials used for this investigation were 
pure lithium and 99.99 pet Al. By the use of radio- 
activation techniques and colorimetry, the  per- 
centage of impurities in the aluminum was found to 
be: 0.0025 pet Fe, 0.0025 pet Si, 0.0006 pet Na, 0.0005 
pet Zn, and 0.0004 pet Cu 

The alloys were prepared by melting the alumi- 
num in a recrystallized alumina crucible in vacuo, 
a precaution taken in order to eliminate sodium, 
which in fact dropped from 0.0006 to 0.00005 pet 
The furnace was then filled with argon, purified 
over uranium turnings at 600°C, and hardener alloy 
was added. First, a nominal 5 pet Li alloy was 
cast homogenized in argon atmosphere for 3 
days at 595° +2°C (the melting temperature of the 
eutectic aluminum-intermetallic compound AILi be- 
ing 600°C), and then scalped and used in the prepa- 
Since extensive cold 


containing more than 2 pet Li was 


ration of more dilute alloys 
rolling of alloy 
impossible, five lower lithium alloy: 
Each alloy was cold rolled to 


were used in 
this investigation 
about 50 pet and homogenized in dry nitrogen for 
24 hr at temperatures between 450° and 500°C 
This series of treatments was repeated three time 
consecutively. The final 40x10x1.5 mm sheet sample 
were stretched 2 pet, recrystallized for 2 hr at 
600°C in dry nitrogen to produce big crystals, and 
quenched. At this stage all five alloys were devoid 
of precipitate 

The lithium content was determined by a modi- 
fied Rogers and Caley technique’ in sheet samples 
as-cast materials. The samples were dis- 
saturated 


and in 
olved in a hydrochloric acid solution and 
with gaseous HC] at 0°C, thus precipitating alumi- 
num quantitatively as AIC1,-6H,O. The control test: 
showed that no lithium chloride was lost by adsorp- 
tion on the precipitated hexahydrate. The lithium 
content was determined volumetrically by Na,S,O 
The analytical results are summarized in Table I 


Table |. Analytical Results in Percentage Weight of Lithium 


As-Cast Alley 
Ave of Samples 


Sheet Samples, 
Ave of 5 Samples 


Nominal 
Composition 


175 165 os 160 005 
120 110 012 105 
007 0088 0.008 
ool 0 002 


Since micrographic techniques were used in this 
investigation, the problem lay in developing a re- 
agent sufficiently selective to reveal the AlLi phase 
Different anodic oxidation and anodic etching tech- 
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niques and various chemical reagents were tried 
Finally a chemical attack derived from that de- 
scribed by Herenguel and Second” was adopted 
which consists in attacking the sample for 30 to 60 
sec in a solution of concentrated acids: 90 pct H,PO, 


7 pet H,SO,, and 3 pet HNO, at 60°C 


Experimental Results 
All the sheet samples were annealed for 72 hr at 
200°C, and all but the 0.01 pct Li alloy sample 
howed AILi phase precipitation. Then the 
quenched, 


amples 
were maintained at higher temperature 
electrolytically polished, and re-etched. Thi 
of operations was repeated with increasing tempera- 
tures until the AlLi phase disappeared. When the 
AlLi phase was completely redissolved, the same 
sample was annealed for a much longer time at a 
slightly lower temperature in order to detect the 
reappearance of the precipitation. This detail of 
experimental technique is of basic importance, since 
tate from both 


cycle 


only by approaching an equilibrium 
lower and higher temperatures can the result rep- 
resent true equilibrium. By means of this technique 
four points of the solubility limit were determined 

All heat treatments and subsequent micrographic 


Table II. Fig. 1 


observations are summarized in 


Table ||. Metallographic Observations on Al-Li Alloys After 
Various Heating Treatments 


Annealing 


Wt Pet Tempera 

Time, itr ture, Observations 
lf 72 200 AILJ present 
42 All esent 

‘ 440 AlLiy ent 

4,10 All bsent 

10 72 200 All present 
a5 260 present 

17 110 AILi present 

16 wen LILI present 

21 170 AILi present 

17 present 

4 190 ent 

4.8 400 ent 

12 410 All bsent 

2 420 AILi absent 

2 470 All ibsent 

1 10 absent 

72 200 present 
120 240 AILi present 

21 200 AILi present 

20 105 present 

20,48,100 412 AILi present 

an 20) All ibsent 

12 absent 

4 190 absent 

0 068 72,150 200 AIL’ present 
72 215 AlLi p ent 

72 250 AlLi present 


hows a partial phase diagram of the Al-Li system 
as it results from the present investigation, and in- 
cludes previously published experimental results 

The case of 0.01 pet Li alloy must be considered 
separately, as no precipitation could be detected by 
the technique used previously. Nevertheless, a dif- 
ferent behavior was observed when this alloy was 
annealed for 260 hr at 110° and 125°C. In the first 
case, the sample, immersed for a few seconds in the 
same reagent at room temperature, developed etch 
figures in some grain boundaries, Fig. 2. These etch 
figures were not present on the sample annealed at 
125°C. In order to eliminate a possible influence of 
other impurities present in aluminum, the samples 
of base metal without lithium were annealed for the 
same time at 110° and 125°C, and none developed 
such etch figures. Although this result is not used as 
evidence, the author thinks it might be considered 
an additional point of lithium solubility limit 
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a) Alloy was annealed for 72 hr at b) 
200°C 240°C 


Fig. 3—AI-0.29 pct Li alloy 
was annealed, quenched, elec 
trolyticaliy polished, and 
etched at 60°C. X400. Area 
reduced approximately 30 pct 
for reproduction 


a 


d) Alloy was annealed for 48 hr at 


312°C 


The micrographs in Figs 
tive of the four alloys investigated, 
aspect of AlLi phase distribution in an equilibrium 
state at different temperatures in the case of Al-0.39 
pet Li alloy. It is interesting to note that the sub- 
grain boundaries are revealed only by precipitation 
with a small degree of supersaturation, Fig. 3b 
Higher supersaturation, Fig a uniform 
precipitation inside the grains with impoverished 


ja to 3e are representa- 
showing the 


3a, produces 


Table Hl. Lithium Solubility in Aluminum 


Temperature ( 100 200 100 400 
Lithium, Wt Pet 0.005 0 062 0.317 1.02 


zones around the grain boundaries. The directional 
precipitation shown in Fig. 3c is probably due to 
accidental deformation of the 
quent AlLi precipitation on the traces of slip planes 


sample and conse- 


Discussion of Results 
Two points should be discussed briefly: 1) the 
lack of agreement among different investigations, 
and 2) the extent to which the present results can 
be considered as approaching the real equilibrium of 
lithium solubility in solid aluminum 
Lack of agreement such as seen here has fre- 
quently been attributed to differences in the purity 
of the aluminum—the solubility being lowered by 
the presence of impurities. Vosskuhler and Shamray 
used aluminum containing, respectively, 0.08 and 
0.03 pet Fe, and 0.10 and 0.16 pet Si. The fact that 
the use of the purest metal resulted in the lowest 
solubility limit indicates that the impurities present 
cannot account for the discrepancies in the result 
Several samples with the AlLi phase present, in 
particular that shown in Fig. 3a, were repolished 
and etched in the solution (1 cu cm HF, 1.5 cu cm 
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Alloy was annealed for 120 hr at 


c) Alloy was annealed for 20 hr at 
290°C 


e) Alloy was annealed for 48 hr at 
320°C 


HCl, 2.5 cu em HNO, in 100 cu cm H.O) used by 
Shamray to determine lithium solubility. Since none 
of them revealed any precipitate, it would appear 
that this reagent was not selective enough to reveal 
the AILi phase, which explains the much higher 
apparent solubility found by the present author 

In order to compare the present results with those 
of Vosskuhler, log N was plotted against 1/T, 
where N is the lithium mol fraction in the solid 
olution, and T is the absolute temperature, Fig. 4 
traight line in the case of the great 
olubility limits in) aluminum, 
aluminum-rich binary alloy 


This graph is a 
majority of solid 

which indicates that 
thermodynamically speaking, as regulat 
olution A een from Fig. 4, the five 
mentally determined points fit a straight line, and 
traight line extrapolated to higher tem- 
passes through four of Vosskuhler’s point 
This indicates that perhaps he carried out hi 
temperature, electrical resistivity measurements on 
material which had not reached metallurgical equi- 
librium at the time of measurement, This statement 
1 upported by the fact that the solubility limit 
by heating 


behave 
experi- 


the same 
perature 
lowe! 


was approached from one side only, Le., 


Fig. 4—Lithium solu 
bility in solid alu 
minum is shown in 
the diagram 
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At higher temperatures when the metallurgical 
equilibrium has been reached by use of a heating 
rate of 1°C per hr, the four points obtained by 
Vosskihler show the real solubility limit. it is in- 
teresting to note that the lithium solubility of 5.2 
pet at the eutectic temperature 600°C had already 
been determined by Grube et al 

In conclusion, it is proposed that Shamray’s ex- 
perimental results and part of Vosskuhler’s do not 
how, for well defined metallographic and metallur- 
gical reasons, the true lithium solubility in alumi- 
num, Since, in the case of the present experimental 
results, the reversibility of AlLi phase precipitation 
and dissolution around the equilibrium temperature 
was carefully checked, it is further proposed that 
these results represent the true equilibrium of 
lithium solubility limit within smaller limits of ex- 
perimental error 


Conclusions 

By approaching the equilibrium from both lowe: 
and higher temperatures, the author has determined 
the solid solubility limit of lithium in aluminum up 
to 1.6 pet Li by micrographic techniques, The extra- 
polation of the straight line obtained by plotting log 
Nw, against 1/T coincides with the four experi- 
mental points determined by Vosskihler for 2.5 to 


5.2 pet Li. The values of the solubility for various 
temperatures, as derived from Fig. 4, are sum- 
marized in Table HI. 
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Pressure-Temperature-Composition Relations in The 


Cr-N Terminal Solid Solution 


The pressure and composition of the solid solution of nitrogen in chromium has 
been investigated as a function of temperature. The partial molal heat of solution, 


the activity of nitrogen in solid solution, and the partial molal free energy have been 
computed. The enthalpy of three reactions is summarized: 
N + 2Cr.., = Cr.N.., sH° = —28,500 cal per mol 


+ 2Cr.., = Cr.N..,, AH° = —23,500 cal per mol 


who have investigated the problem 
of the preparation of ductile chromium have 
been concerned with the effects of minor amounts of 
impurities upon this refractory metal. In particular, 
gaseous impurities such as oxygen and nitrogen 
have been suspected of causing trouble because of 
many known cases where brittleness in transition 
elements has been definitely traced to these ele- 
ments. In order to evaluate the possible effects of 
the nitrogen impurity in chromium, it appeared de- 
sirable to learn something of the dependence of the 
nitrogen solubility upon temperature and pressure 


Previous Work 
Maier’ in 1942 in his treatise on sponge chromium 
reviewed the thermodynamics of the chromium ni- 
trides Cr.N and CrN, both of which are well-estab- 
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VQN.,, = N, AH® = 5,000 cal per mol. 


by A. U. Seybolt and R. A. Oriani 


lished compounds, but which apparently have not 
been studied in much detail. Maier presented some 
free energy-temperature expressions for the reac- 
tions 
2Cr.N=4Cr+N [1] 
and 
4CrN = 2Cr.N + N [2] 

based mainly on the work of Satoh’ and Sano.’ 
Pearson and Ende’ in ‘1953 briefly reviewed the 
thermodynamics of Cr-N using the same data avail- 
able to Maier, and also derived a free energy-tem- 
perature expression for reaction | 

Of the two nitrides mentioned previously, the 
present investigation was only concerned with Cr.N, 
since this nitride is in equilibrium with the metal 
phase, at least over most of the temperature range 
Blix' in 1929 established the structure of Cr.N 
(close-packed-hexagonal) by X-ray diffraction 
methods, and indicated that its homogeneity limits 
extend from 11.2 pet to 15.1 wt pet N 

At a temperature of 1200°C, 38 mm Hg from the 
Maier expression and 43 mm Hg from the Pearson 


TRANSACTIONS AIME 


Fig 1—Schematic diagram 
shows the layout of the con 
trolled nitrogen pressure ap 
paratus 


sion are calculated as values for the 
The thermodynamic 
investigations of Satoh’ and Sano’ apparently were 


and Ende expre 
equilibrium nitrogen pressure 


not concerned with solubility data and, as far as can 
be ascertained, no one has ever reported any solu- 
bility data for the terminal solid solution. Hence 
this work was commenced with only the knowledge 
that the di aturated solid 
solution was of the order of many millimeters of 


ociation pressure of the 


mercury in the temperature region around 1200°C, 
and that it would be expected to vary with tempera- 
ture in the Experi- 
mentally, this requires the measurement and control 
well as of temperature 


familiar logarithmic manner 


of pressure a 


Materials and Experimental Apparatus 
Two lots of electrolytic chromium obtained from 
the Electro Metallurgical Corp. were used. The sup 
plier’s analysis of the flake is indicated in Table I 


Table |. Chemical Analysis of Electrolytic Chromium Flake 


Lot No. 44788, Pet Lot No. 44521, Pet 


99 40 
J 
b 


b 


It will be observed that the impurity in largest 
amount is oxygen. This is fortunate, as it is possible 
to reduce the oxygen content to a few thousands of 
one percent by dry hydrogen treatment at high tem- 
peratures in the range from 1300° to 1500°C. It ap- 
peared from a few tests that the microscopically vis- 
ible oxide constituent was reduced to practically 
nothing after about 20 hr at 1500°C. Hydrogen of 
80°F and purified of most of the small 
a calcium getter furnace 


dew point 
nitrogen impurity by using 
at 600°C was passed over the electrolytic flakes in 
a molybdenum boat in a molybdenum retort placed 
in a hydrogen tube furnace. The bottom of the boat 
was dusted with high purity alumina powder to pre- 
vent alloying 

The oxyren and nitrogen analyses of chromium lot 
No. 33789 after the hydrogen purification step and 


just before use were 0.001 and 0.008 pet respective ly 


TRANSACTIONS AIME 


we 


om mer 
ren 


Thar 


However, frequently the oxygen was somewhat 
higher and the nitrogen a bit lower in other lots. In 
lot No. 34521, the nitrogen contamination during the 
hydrogen treatment was somewhat larger than 
usual, and amounted to 0.016 pet. Although no sul- 
fur. carbon, and hydrogen analyses were made 
here, the supplier informed the authors that these 
elements are normally considerably reduced by a 
hydrogen treatment of the type described; the sul- 
fur and carbon are often reduced by a factor of 
one tenth, and hydrogen to a few parts per million 

The equipment for heating the samples and for 
maintaining a desired nitrogen pressure consisted of 
ystem equipped with a liquid nitro- 
diffusion pump, and with 
which allowed pres- 
Pressures 


a glass vacuum 
gen-trapped mercury 
McLeod gages of various ranges 
ure to be measured from 0.1lp to 88 mm 
higher than this were measured with a simple mer- 
cury manometer. Fig. 1 shows a schematic layout 
of the apparatu Nitrogen gas is introduced by a 
reducing valve of a prepurified nitrogen gas cylinder 
at the upper left; a needle valve is interposed in 
order to maintain low pressure beyond this point 
The nitrogen was further purified by passage through 
a train consisting of Anhydrone, hot copper wire, 
hot CuO, and a liquid nitrogen trap. The gas was 


then introduced into the system through a pressure 


NITRIDE HOMOGENEITY 
RANGE (UNIVARIANT) 


SOLID SOLUTION +NITRIOE 
(INVARIANT) 


SOLIO SOLUTION REGION 
WHERE SIEVERTS LAW 
HOLOS (UNIVARIANT) 


TEMPERATURE |S CONSTANT 


Pc = CRITICAL PRESSURE 
x SATURATION SOLUBILITY 


Fig. 2—General representation of P percent nitrogen plot 


shows the method of obtaining saturation nitrogen solubility 
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Fig. 4—P'* is plotted vs weight percent nitrogen for the 
data obtained at 1200°C 


regulator (D) of the Cartesian diver type. From the 
regulator the gas entered the vacuum system proper 
at the manifold (E) where it found its way to the 
pecimen (F') suspended inside a Mullite tube sealed 
to a Pyrex standard ball joint. All of the connection 
between the various parts of the gas purification 
ystem were made with glass tubing and spherical 
joints. This system, while somewhat more difficult 
to make as vacuum tight as the more compact main 
vacuum system, was tight enough to pump down to 
a few micron The female part of this ball joint 
was water cooled and joined to the manifold by an 
offset as shown, to avoid warming the stopcock by 
direct radiation from the furnace 

As an added precaution against possible oxidation 
of the samples during long holding times at tem- 
perature because of inevitable small leaks in the 
ystem, a small copper furnace was used at G near 
the specimen so that any air which diffused in would 
be robbed of oxygen by the hot copper (600°C). The 
nitrogen leaking in would, of course, not be affected 
by the copper, but neither would it be objectionable, 
ince a nitrogen atmosphere was used. An atmos- 
pheric mercury manometer at 1 was needed to meas 
ure large pressures, and to indicate when the pres- 
sure inside the system was at or near atmospheric 
McLeod gages J and K_ provided three 
ure ranges up to 80 mm, and L was 


pressure 
overlapping pre 
a thermocouple gage for measuring pressures in the 
micron region. The main shut-off valve and liquid 
nitrogen trap at M were connected to the mercury 
diffusion and mechanical pump: 


Experimental Procedure 
The hydrogen-deoxidized chromium flakes were 
used as 0.030 to 0.040 in. thick weighing 1 
to 3 a. The 
A U-shaped specimen bracket was sawed and filed 
out of a low fired alumina body so that the samples 
uspended without touching any metal 


ample 
urface area was approximately 4 sq cm 


could be 
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The bracket was designed to hold the sainple at the 
bottom and sides only, and was itself suspended in 
the Mullite gas-tight tube by means of molybdenum 
wire 

After weighing on an analytical balance, the sam- 
ple was introduced into the tube and the system was 
pumped down to about 0.lp. A Pt-Rh wire-wound 
furnace was raised around the sample; in about 2 hr 
or a little longer the specimen was at temperature 
Two noble metal couples were wired to the outside 
of the Mullite tube, one for control and one for check 
measurements; these couples were frequently inter- 
changed 

During heating, a black deposit of sublimed 
chromium appeared on the upper portion of the 
pecimen tube. This circumstance was not desirable 
from the standpoint of accurate gravimetric control 
of the sample, as the chromium thus sublimed re- 
ulted in weight losses in the range of 0.02 to 0.10 g 
However, nitrogen analyses were always obtained 
and were used rather than relying upon changes in 
weight of the sample during treatment. In general, 
Kjeldah! nitrogen analyses were made, although 
occasionally vacuum fusion results were used as a 
check; the agreement was usually satisfactory 

Although a small weight loss was always observed 
in cases where the sample absorbed only small 
amounts of nitrogen, a weight gain was usually en- 
countered when the nitrogen pressure was in excess 
of that required for the saturated solid solution 
Such two-phase samples could be detected by metal- 
lographic examination or by plotting pressure vs 
percentage of nitrogen, as will be shown late: 

When the sample had reached the desired tem- 
perature, the main valve of the vacuum system was 
turned off, and the pressure set at the desired level 
By this time, both copper! furnaces had 
reached the 600° level, so that the nitrogen gas was 
purified of traces of oxygen. Since both temperature 


getter 


and pressure were automatically controlled, it was 
only necessary occasionally to check the system to 
make certain that temperature and pressure control 
were being continuously maintained 

The data obtained were first fitted to a Sieverts’ 
law plot, since this is the appropriate solubility law 
for a diatomic gas dissolving in a metal. Sieverts’ 
law may be stated as N kp, where k is a propor- 
tionality constant, p is pressure, and N is mol frac- 


7 T _ T T T T T T T ] 
1300°C 
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| 
a 
4 0.14 %N 
mn 
3 
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@ DESCENDING EQUILIBRIUM 
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wu 
WEIGHT PER CENT NITROGEN 


Fig 5—P'” is plotted vs weight percent nitrogen for the 
data obtained at 1300°C 
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Fig. 6—P'* is plotted vs weight percent nitrogen for the 
data obtained at 1400°C 


tion of diatomic gas solute, or weight percent nitro- 
gen in this case. Hence if Sieverts’ law is obeyed, 
a plot of weight percent nitrogen vs 
pre ure 
passing through the origin 

According to the phase rule, with single phase 
alloys (the region where Sieverts’ law holds), there 


quare root of 


hould result in a straight line of slope k 


would be only one solid phase and one gaseous phase 
Since F C+2—P, where F 
degrees of freedom, C is the number of 


and two components 
represent 
components, and P is the number of phases, F 
24+2-—2- 2 degrees of freedom. Hence, when a tem- 
pecified, a definite 
Sievert 
required 


perature and a pressure are 
composition must result as required by 
law. However, when the critical pressure 
to form the nitride attained, then 2 solid 


with the ga 


pha 
phases are present, which togethe: 
phase results in a univariant system until tempera- 
tipulated. When this is 
Hence, at the critical pressure (for 


ture | done, an invariant 
system result 
a given temperature) any composition which con 


olid phase 
pressure, thus resulting in a horizontal line parallel 


tains the same two produces the same 


to the composition axis and extending to the compo- 
Fig. 2. By picking off 
the composition corresponding to the intersection of 


ition of the next phase om 


aturation 
found 


the sloping line and horizontal line, the 
olubility at the temperature in question | 
It appears that equilibrium wa 
attained from the following consideration First, in 
at 1200°C and in one at 1300°C, equilibrium 
Was approat hed from above rather than from below 
That | 
nitrogen than the 


experimentally 
two 


were used which contained more 
found by 
aturating samples originally low in nitrogen In 
these three cases, the data fell on the same straight 
line established previously. Since the data generally 
fall quite well on a straight line, Sieverts’ law seem 
to be thereby 
consistency of the 
16 to 20 hr appeared to be 
1200°C: they 
at 1300° and 1400°C ince diffusion rates vary 


ample 
equilibrium amount 


demonstrating the internal 

Finally, holding times of 
adequate at 1100” or 
been more than adequate 


obeyed 


data 


must have 
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exponentially with temperature. Two-phase alloys 
were readily identified by microscopic examination 
(excess nitrogen) from 


and by large deviations 


Sieverts’ law 


Experimental Results 
Controlled Pressure-Temperature Experiments 
The results obtained in the various experiments at 
1100°, 1200°, 1300°, and 1400°C 
sures appropriate for exploring the P 
relationship, are given in Table II, and in Figs. 3 
through 6 


, using various pres- 
composition 


Table Cr-N Pressure. Temperature-Composition Data 


x Wt Pet 
Sample Pressure 


Neo Pin Mm Sample Kemarks 


Original Ny wa 
0.10 pet 
0042 


0.08 

0.090 

016 

0 080 2 

Two-phase* 

1.50 20! Two-phase* 

0.027 

0 022 

0.06 Original N 
0.24 pet 


Two-phane 
Two-phase* 


ound to be vo-phase because of sharp deviation from 


raphic examination showed tha ’ sample had two 


catter of the data, 
curve 


Because of the rather large 
particularly at 1300 °C, the lineal 
tarting at the origin which describes the Sievert 


loping 


equilibrium was fixed in each 
analysis of the data, thu 
in choosing the point of 


law portion of the 
case by a least-square 
avoiding any subjective bia 
intersection with the invariant equilibrium hori 
Nearly all of the 
peared to originate in lack of reproducibility of the 
Kjeldah! nitrogen analyses, Frequent metallographu 


examination showed reasonably uniform microstruc 


zontal catter in these data ap 


ture hence ignificant epregation on a macro 
cale appeared to be absent 

The isothermal plots just described provided both 
the equilibrium nitrogen pressure over the aturated 


olid solution and the nitrogen solid solubility limit 
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Fig. 7—Chromium 
starting material, 
shown after hydrogen 
treatment. The 
round spots are 
mostly voids where 
had been. The 
material contains 
about 0.008 pct N 
and was etched in 

3 pct NaOH, electro 
lytic. X500. Area 
reduced approxi 

mately 40 pct for 

reproduction 


at 1100°, 1200°, 1300°, and 1400°C. It did not 
appear to be practicable to control pressure below 
about 0.5 to 1.0 mm, since the percentage of error 
in pressure control in this range was quite high 
Therefore, another method was used to extend the 
pressure data to 1000°C 

Nitride Decomposition Pressure Experiments 
This method consisted in measuring the nitrogen dis- 
ociation pressure of a two-phase Cr-N sample at 
1100" and 1000°C. The sample was prepared by 
using @ nitrogen pressure at 1300°C in excess of the 
critical pressure, and by holding at temperature for 
veveral hours. Kjeldahl nitrogen analysis of part 
of the sample showed that it contained about 50 pct 
Cr.N. These experiments were carried out by seal- 
ing off about 1 g of powdered sample inside a 
imall-bore Mullite tube which was connected to a 
McLeod gage of suitable range. After several hours 
of heating at 1000" or 1100°C, an equilibrium pres- 
sure was reached, after which the temperature was 
then either raised or lowered to the other tempera- 
ture where a second reading was obtained. It was 
then the practice to return to the original tempera- 
ture to see if the original pressure was reproduced 
In this way, equilibrium was approached from above 
and below. During the course of these experiments, 
three different nitride samples were used and the 
agreement among them was reasonably good, but 
the approach to equilibrium was slow enough to 
suggest that it would probably not be possible to 
extend the work to lower temperatures. The ap- 
proach to equilibrium on cooling was apparently 
slower than on heating 

The data obtained from the controlled pressure 
runs and the nitride decomposition runs are listed 


in Table Il 


Table til. Equilibrium Pressure-Temperature-Composition Data 


Nitrogen 50° 15°05 43.5°*05 
pressure, mm 053° 18° 
1.8° 
1.8° 
Solid solubility 004 o14 0.26 


limit, wt pet N 


* Nitride decomposition method 


Since the equilibrium pressure valves obtained at 
1100°C by the two methods were in agreement, it ap- 
peared likely that the data at 1000°C obtained only 
by the nitride decomposition method were probably 
not much in error. However, it is obvious that the 
controlled pressure method used for most of the 
data is not only a more powerful method, but is 


560-—JOURNAL OF METALS, MAY 1956 


Fig. 8—Chromium 
with a layer of Cr.N 
formed at 1200°C 
and a nitrogen pres- 
sure of 9.5 mm 
/ Material was etched 
in 3 pct NaOH, 

electrolytic. X100 
Area reduced ap 
proximately 40 pct 
for reproduction 


much more reliable. No experimental estimation of 
the solid solubility limit at 1000°C could be made. 
As will be shown, Table III contains all the neces- 
sary data for a rather complete thermodynamic 
description of this system from 1000° to 1400°C. 

Metallographic Estimation of the Solid Solubility 
Limit—It was considered desirable to supplement 
the nitrogen solubility data cited in Table III with 
metallographic observations of the nitrided samples 
as quersched from the holding temperatures. Fig. 7 
shows the structure of the original chromium start- 
ing material, and Fig. 8 shows the appearance of a 
two-phase sample prepared at 1200°C. The solubility 
curve derived from metallography and from the 
data of Table III are discussed in the following sec- 
tion, 


Discussion of the Data 
The equilibrium between the compound Cr.N and 
the terminal solid solution may be written 
N + 2Cr., Cr.N,. [3] 
It is convenient to take as reference state for the 
activity of N in the solid solution a solution of 1 wt 
pet N, and since the nitrogen exists in very dilute 


1400" (300° i200°¢ 1000 900°¢ 
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Fig. 9—Solid solubility of nitrogen in chromium is shown 
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concentration, it may safely be assumed to obey 
Henry's law. Hence, a,—W. where W is the weight 
percentage of nitrogen in the saturated terminal 
solution. Since the phases Cr and Cr.N are of essen- 
tially constant composition, the equilibrium con- 
stant, K,, for reaction 3 may be simply written 
[4] 
ay Ww, 
The variation of K, with temperature is given by 
the van’t Hoff relation 
dink, 


[5] 

d(1/T) R 
where R is the gas constant, T the absolute tempera- 
ture, and AH’, is the enthalpy change for reaction 3, 
that is, for the formation of 1 mol of Cr.N,,, from 2 
g-atoms of solid chromium and 1 g-atom of N at 
1 wt pet concentration. Then from reactions 4 and 5 


dinW AH’, 


[6] 
d(1/T) R 
Fig. 9, using the metallographic data and the data of 
Table III shows that the van’t Hoff equation is obeyed, 
although the controlled pressure datum at 1100°C is 
somewhat unprecise. This curve has been drawn by 
considering only the controlled pressure runs; it 
is seen that all of the metallographic results are in 
agreement with this curve, except for a small num- 
ber of the open circles which are disregarded be- 
cause of the serious difficulty of ascertaining the 
total absence of the nitride phase. The curve of Fig 
9 leads to a value of AH”, of —28,500 cal per mol as 
the best value between the limits of —28,000 and 
33,500. The saturation solubilities taken from the 
smooth curve of Fig. 9 are plotted on normal co- 
ordinates in Fig. 10. The nitrogen solubility is a very 
steep function of temperature, increasing by about 
a factor of 10 between 1000° and 1400°C 
The equilibrium between the Cr.N compound and 
the gas phase is 
2Cr, + Cr.N, [7] 
for which 
K, = [8] 
and the standard free energy of formation is AF 
RTinK where py, is the equilib- 
rium pressure of nitrogen over the compound, that 
is, over the saturated solid solution. The pressure- 
temperature data are plotted in Fig. 11. Table IV 
presents values of AF’, calculated for the five ex- 
perimental temperatures. Since d AF°,/dT AS 
the negative of the slope of this curve yields the 
standard entropy of formation, AS 11.2 cal per 


degree mol. Furthermore, from dln(p,.) %/d(1/T) 
SH”./R (Fig. 11) a standard enthalpy of formation, 
AH°., is calculated for the compound of —23,500 cal 
per mol. Subtracting reaction 3 from reaction 7 
N, AH, SH 4H”, [9] 


is attained so that S4H,~-5000 cal per g-atom N. This 


is the heat of solution of a % mol gaseous nitrogen 
at 1 atm to form 1 g-atom of dissolved monatomic 
nitrogen at 1 wt pet concentration in chromium. It 
is the algebraic sum of two energetically rich proc- 
esses, the dissociation of the diatomic nitrogen gas 
to the monatomic gas, and the dissolution into the 
solid chromium of the monatomic gas. The AH, also 
reflects the variation of the logarithm of the Henry’s 
law parameter with reciprocal temperature for the 
nitrogen in the terminal solid solution. The low 
accuracy of the data within the range of the solid 
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solution prevents obtaining an independent check 
for AH, by the relation [© In(p,,)'*/0 (1/T 
SH,/R, W’ being some composition completely with- 
in the solid solution range 

The value of 28,500 cal per mol for the decomposi- 
tion of Cr.N to the saturated solid solution may be 
compared to the corresponding values of 9,700, 15,- 
500, 8,000, and 12,500 cal per mol for Fe,C,” FeO, 


Fe.N,” and CbO,° respectively. The relatively large 


number for Cr.N reflects the unusually large tem- 
perature dependence of the saturation solubility of 
the Cr-N terminal solid solution 


Table 1V. Resume of Thermodynamic Data 


Cal 
‘ W Wt pet N i Atm an* per Mol 
1000 O28 “66x 0026 
1100 0 056 10 0051 8130 
1200 0.097 10 0.091 7000 
100 0.14 232% 10 0.152 
1400 0.24 10 


«a ip and is referred to gae at 1 atm 


The case of Fe.,N furnishes an interesting com- 
parison with the present data for Cr.N. The energy 
relationships for these two compounds and their 
respective saturated solid solutions are diagrammed 
in Fig. 12. The value of —2600 cal per mol for the 
enthalpy of formation of Fe.N is taken from Quill 
It is clear that the heat absorbed by the solution of 
nitrogen (reaction 9) into either of the two body- 
centered-cubic solvents is about the same, + 5000 


cal per g-atom N. The uniformity of the AH, is in 
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| | 


keeping with the very similar lattice parameters of 
, and with the similar nature of the 
about the closed shells in the 
eparated atom (3d)°(4s8)° for iron, and (3d)°(4s) 
for chromium. It would thus appear that the elec- 
tronic distribution about the nitrogen is essentially 
the same in both the Fe(N) and Cr(N) solid 
olution 

The situation is very different with respect to 
the compounds, which differ markedly in stability 
and in the enthalpy of formation. Although the posi- 
tions of the nitrogen atoms have not been deter- 
mined by any diffraction technique, the most likely 
ites for the interstitial solute atoms are the octahe- 
dral holes in both the face-centered-cubic Fe,N and 
the hexagonal-close-packed Cr,N. Both lattices 
possess one octahedral hole per substitutional lattice 
ite, so that the nitrogen atoms occupy one quarter 
of the available holes in Fe,N, and one half in Cr.N 
From the a, of 3.789 for Fe.N," the radius of the 
octahedral hole, i.e., the distance between the center 
of the hole and the nearest lattice site, is calculated 
as 1.89A; the corresponding radius for the octahedral 
hole in Cr.N is 2.13A, from the lattice parameters of 
Blix.’ It would appear then that the smaller volume 
available for the nitrogen in Fe,N is responsible for 


the two metal 
electronic orbital 


ihe much lower stability of Fe.N, as well as for the 
lower degree of occupancy of the octahedral holes 
This should not be construed to mean that strain 
energy in Fe,.N is to be blamed for the lower stability 
of Fe.N, since the electronic distributions may be 
very different in the two compounds as a conse- 
quence of the difference in available volume In 
conclusion, it may be pointed out that the solubility 
of nitrogen in a—Cr(N) in equilibrium with Cr.N 
being lower than in a—Fe(N) in equilibrium with 
Fe.N is simply a consequence of, and consistent 
with, the greater stability of Cr,N over that of Fe,N 
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Magnesium-Uranium System 


A summary of analytical, X-ray, thermal, and metallographic data obtained in the 
study of the Mg-U system is presented. No intermetallic compounds are formed by these 
two elements, and their mutual solubility is limited at temperatures up to 1255°C. The 
compositions of the liquids which coexist at 1135°C under a pressure of 3 atm are 
0.14 + 0.05 wt pct U in magnesium, and 0.004 wt pct Mg in uranium. The solubility of ura- 
nium in magnesium decreases to 0.05 + 0.03 wt pct at 675°C, and to about 0.0005 wt pct 
at 650°C. Due to the reactivity of both uranium and magnesium toward crucible mate- 
rials, the choice of a suitable crucible presented a problem. Crucibles made from high 
purity magnesia to which 10 wt pct MgF. was added to reduce porosity proved to be satis- 


HIS investigation was made to establish the 
phase diagram for the Mg-U system. Ahmann. 
formerly of the Ames Laboratory, did some work 
on the system. He used several methods in an at- 
tempt to prepare Mg-U alloys. One of the methods 
involved the reduction of UF, with a large excess 
of magnesium. In these experiments, the magnesium 
wet the surface of the uranium, but there was no 
evidence for compound formation. The maximum 
Olubility of magnesium in uranium was indicated 
to be 0.01 wt pet. In another set of experiments, 
uranium chips as well as uranium powder were 
heated in contact with molten magnesium in a 
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factory. Some observations made with the use of other crucibles are given. 


by P. Chiotti, G. A. Tracy, and H. A. Wilhelm 


graphite crucible for periods of time up to 48 hi 
A reaction layer was found at the Mg-U interface 
in several instances. X-ray analysis of the layet 
material showed the presence of UC and some addi- 
tional unidentified lines which were interpreted as 
indicating the possibility of an intermetallic com- 
pound of uranium and magnesium. These studie 
indicated the maximum content of magnesium in 
uranium to be 0.043 wt pet. One sample of mag- 
nesium which had been heated at 1025 C in contact 
with excess uranium was found by chemical analysis 
to contain 0.275 wt pet U 

Rules, based on empirical or semitheoretical con- 
iderations, which attempt to predict the alloying 
behavior of metals have been presented in the lit- 
erature. Although these rules are not infallible, they 
nevertheless serve as useful guides. Using them, 
several generalizations can be made concerning the 
Mg-U system. According to Hume-Rothery’s’ atom 
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Fig. |—Details and 
arrangement of 
heating chamber are 
illustrated. A, rub 
ber O-ring; B, water 
cooling coil; C, to 
vacuum pump or gas 
outlet; D, stainless 
steel; Kanthal 
wire wound resis 
tance furnace; F, re 
tractory crucible; G, 
refractory block; H, 
thermocouple; /, re 
tractory block; J, 
thermocouple protec 
tion tubing; and K, 
gas inlet 


ize factor, no extensive solid solubility is expected 
According to Axon’s* empirical classification of a 
number of alloy systems, the Mg-U system could 
now liquid immiscibility, or it could have a eutectic 
w.th a composition near pure Magnesium Hilde- 
brand and Scott’ give an equation which expresst 
the conditions for liquid miscibility. According to 
this equation, the Mg-U system would be expected 
to show liquid immiscibility 


Materials 
The uranium, as well as all other material and 


made available by the Ames Lab 


equipment, wa 
used in thi 


Uranium from several lots wa 
An analysis of each lot was not ob- 
tained. Several analyses of material equivalent to 
that used indicate the major impurities to be 0.0035 
wt pet Fe, 0.020 to 0.040 wt pet C, 0.001 wt pet Mn 
and 0.0005 wt pet Mg 

The magnesium used in thi 
obtained from two source The greater portion wa 
magnesium. The manufacture! 
but a qualitative 


oratory 


investigation 


investigation Wa 


Dow pure ingot 
were not available 


howed the presence of a 


pecification 
pectrographic analysi 
mall amount of iron, and lesser amounts of bery! 
lium. aluminum, calcium, copper, and silicon. Chem! 
cal analysis showed 0.0275 wt pet Fe. The presence 
of copper could not be detected chemically The re 
maining portion of the magnesium ised was pro 
duced at the Ames Laboratory by a double distilla 
tion of less pure metal. A chemical analysis of thi 
magnesium showed the presence of 0 0013 wt pet Fe 
and no detectable amount of copper 

The crucibles used in this investigation were made 
at the Ames Laboratory berylhia 
Magnorite, a commercial magnesia; and pure MgO 
to which 10 pet MeF, had been added to reduce the 
of the finished crucible. Uranium crucible 
were also used for some phases of this study 


from graphite 


porosity 


Apparatus 
Due to the high vapor pressure of the magnesium 
and to the reactivity of both magnesium and ura 
nium toward atmospheric gas¢ a system was de 
amples to be heated under an inert 
ure of 3 to 4 atm 
a practical method of re- 


igned to allow 
‘as at a total pre The increase 
in external pressure wa 
ducing the rate of distillation of the lquid mag- 


nesium 
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Heating System 
The details of the stainless steel, AISI 309, heat- 
ssel used as a part of the experimental ap- 
A mechanical vacuum 
system before flush- 


Ing ve 
paratus are shown in Fig. 1 
pump was used to evacuate the 
ing and filling the system with an inert gas, either 
helium or argon. The ; was passed through a 
heated, 600°C, nickel tube packed with zirconium 
turnings and calcium chips in order to eliminate 
any reactive impurities. An arrangement of valve: 
allowed the use of hydrogen when desired, A Kanthal 
wire-wound resistance furnace was used to heat the 
stainl steel chambet to the gas inlet 
and outlet on the heating chamber were made with 
vacuum hose in order that the 


Connections 


lengths of rubber 
chamber and its contents could be easily removed 
from the furnace and quenched in water. This pro 
cedure was used to cool molten samples rapidly in 
order to prevent possible segregation of constituents 
with a high density, such as uranium, which might 
precipitate and settle out on normal cooling The 
heating vessel was used for some of the liquidu: 


tudies and for thermal analyses 


Experimental Results 

The phase diagram for the Mg-U system is shown 
in Fig The diagram is based on analytical 
metallographic, thermal, and X-ray data obtained 
in the course of this investigation 

Preparation of Alloys——It was found that the use 
of certain crucibles for alloy preparation gave mis- 
microstructures resulting from 


2 and 3 


leading extraneou 
the interaction of the magnesium or uranium with 
the crucible material 

Heating uranium and magnesium in a graphite 
crucible to above the melting point of magnesium 
in the formation of UC and UC, on the surface 
even though the uranium 


result 
of the uranium. This occur 
does not make direct contact with the crucible, The 
diffusion bands formed on a piece of uranium held 
uspended by means of a tungsten wire for 6 hr in 
magnesium bath contained in a graphite crucible 
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Fig. 2—Mg-U phase diagram is illustrated at a pressure of 
3 atm 
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Fig. 3—Liquidus at magnesium-rich end of Mg-U system is 
illustrated at a pressure of 3 atm 


at 700°C are shown in Fig. 4. The identity of the 
diffusion bands was determined from their X-ray 
diffraction patterns 

Uranium and magnesium heated to 1075°C for 
several hours in a Magnorite crucible contained in 
the stainless steel heating chamber previously de- 
scribed gave an alloy consisting of two liquid layers, 
one rich in magnesium and the other rich in ura- 
nium. The crucible was sufficiently porous to permit 
the magnesium to filter through the crucible walls 
and make contact with the stainless steel chambet 
Chemical analysis showed that both alloy layers 
were contaminated with nickel. The nickel from the 
stainless steel chamber apparently found its way to 
the charge inside the crucible by diffusing through 
the magnesium and the crucible wall. The uranium- 
rich layer in Figs. 5 and 6 shows what might be 
interpreted as a eutectic structure and evidence of 
a peritectic reaction, respectively 

Fig. 7 shows the microstructure of the uranium- 
rich layer of an alloy heated in a Magnorite crucible 
fitted inside a graphite crucible for 1 hr at 1215°C 
Chemical analysis showed the major impurity to be 
silicon. X-ray diffraction data showed the presence 
of the compounds U,Si, and USi in addition to ura- 
nium. The source of silicon was traced to the Mag- 
norite crucible. Beryllia crucibles were also unsat- 
isfactory 

Contamination by impurities was overcome by 
the use of crucibles made from high purity MgO 
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and MgF.. Approximately 10 wt pet MgF, was added 
to the MgO to reduce the porosity of the sintered 
crucible These crucibles as prepared at the Ames 
Laboratory proved to be impervious to magnesium 
and uranium up to 1255 °C, the highest temperature 
attained in this investigation. Heating magnesium 
and uranium together in these crucibles to above 
the melting point of uranium gave no evidence of 
the formation of intermediate or extraneous phases 
In each case two liquid layers were formed. The 
interface area of two of these alloys 1 hown in 
Figs. 8 and 9. Likewise, magnesium heated in heavy 
walled uranium crucibles fitted with a uranium 
crew cap to temperatures below the melting point 
of uranium showed no evidence of the formation of 
intermediate phases. Chemical analyses of samples 
quenched from above the melting point of uranium 
howed that the uranium-rich layer contained only 
a small amount of magnesium, about 0.004 wt pet, 
and the magnesium-rich layer contained approxi- 
mately 0.2 wt pet U 

Solubility of Uranium in Magnesium—lIn the de- 
termination of the magnesium-rich liquidus an 
excess of uranium was heated in contact with liquid 
magnesium for sufficiently long at the desired tem- 
perature to saturate the melt with uranium. The 
melt was then quenched and the amount of uranium 
dissolved determined by chemical analyses 

Several procedures were used. Except as other- 
wise noted, the crucibles used were made from high 
purity, USP grade MgO containing 10 wt pet MgeF 

In one procedure, 500 g Mg were melted under an 
atmosphere of argon. Approximately 100 g of clean 
uranium shavings were then immersed in the melt 
After holding the charge at temperature for 1 hr 
or more, a 5 g sample of the melt was taken. Thi: 
was accomplished by immersing a small graphite 
crucible into the melt and quenching in oil im- 
mediately upon removal from the melt. Samples 
were taken at temperatures up to 1110°C and on 
cooling to 650°C 

Another series of samples was prepared by heat- 
ing small individual charges, 30 g Mg and 60 g U, 
in the same type of crucibles under 3 to 4 atm of 
helium pressure in the stainless steel chamber pre- 
viously described. These samples were all heated 
to above the melting point of uranium. In each case 
the alloys formed two liquid layers. Five samples 
were heated for from 1 to 4 hr at temperatures in 
the range of 1145°C to 1255°C, then rapidly cooled 
by removing the stainless steel chamber from the 
furnace and quenching the base of the chamber in 
water. Fifteen other samples were heated for from 
\% to 1 hr above 1135°C, then furnace cooled to the 
desired temperature and held at constant tempera- 
ture for periods ranging from 2.3 hr at 1080°C to 
48 hr at 680°C, and then quenched as described 

Other samples were prepared by machining 15 g 
cylinders of magnesium and forcing them into ura- 
nium crucibles. Each crucible was fitted with a 
uranium screw cap which was tightened firmly 
against the top of the magnesium. This assembly 
was heated at temperatures ranging from 690° to 
980°C and rapidly cooled. The central portion of 
the magnesium was drilled out and analyzed. A 


new magnesium rod was inserted as before and an- 
other sample prepared in the same manner 

This latter procedure was resorted to on the sup- 
position that UO, films, or other films resulting from 
impurities in the helium or outgassing of the heat- 
ing chamber, might be acting as diffusion barriers 
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Fig. 4—Diffusion bands formed on uranium 
surface on heating in contact with mag 
nesium in a graphite crucible for 6 hr at 
700°C are shown in micrograph. Uranium 
is at bottom. Specimen was etched with 
1 part aqueous solution saturated with 
sodium fluosilicate and potassium tartrate 
and | part nitric acid. X250. Area re 
duced approximately 25 pct for reproduc 
tion 


Fig. 7—Micrograph shows uranium con 
taminated with silicon after heating | hr 
with magnesium in a Magnorite crucible at 
1215°C. Specimen was etched with | part 
aqueous solution saturated with sodium 
fluosilicate and potassium tartrate and | 
part nitric acid X500. Area reduced ap 
proximately 25 pct for reproduction 


Fig. 10—Micrograph shows uranium used 


to prepare samples. Cathodic etch was 
used on specimen. X120. Area reduced 
approximately 25 pct for reproduction 
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Fig. 5—Micrograph shows uranium con 
taminated with nickel from stainless steel 
heating chamber after heating in contact 
with magnesium in a Magnorite crucible at 
1025°C. Specimen was etched with 10 pct 
HF in Methanol etch. X50. Area reduced 
approximately 25 pct for reproduction 


Fig. 8—Micrograph shows Mg-U interface 
of sample heated in MgO-10 pct MgF 
crucible to above the melting point of ura 
nium, then cooled and held 90 hr at 680°C 
Uranium is at bottom. Specimen was etched 
with | part aqueous solution saturated with 
sodium fluosilicate and potassium tartrate 
and | part nitric acid) X250. Area reduced 
approximately 25 pct for reproduction 


Fig. 11—Micrograph shows uranium after 
melting in MgO-10 pct MagF. crucible and 
quenching. Cathodic etch was used on 
specimen. X250 Area reduced approxi 
mately 25 pct for reproduction 


Fig) 6—Micrograph shows reaction ring 
around crystallite in uranium Alloy is 
same as in Fig. 5. Specimen was etched 
with cathodic etch. X1000. Area reduced 
approximately 25 pet tor reproduction 


Fig. 9—Micrograph shows Mg-U interface 
of sample heated in MgO.10 pct MgF. cru 
cible to above the melting point of ura 
nium, then cooled and held 6 hr at 980°C 
Uranium is at bottom. Specimen was etched 
with | part aqueous solution saturated with 
sodium fluosilicate and potassium tartrate 
and | part nitric acid. X100. Area reduced 
approximately 25 pct for reproduction 


Fig. 12——Micrograph shows uranium melted 
in contact with magnesium in a MgO 10 
pct MagF. crucible, then cooled and held at 
680°C for 90 hr and quenched Cathodic 
etch was used on specimen. X250 Area 
reduced approximately 25 pct for reproduc 
tion 
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between the uranium and the magnesium, prevent- 
ing the attainment of equilibrium between the melt 
and the uranium in a reasonable period of time, and 
contributing to the widely scattered values obtained 
ior uranium content of the melt. However, re- 
ults obtained by this procedure still showed con- 
iderable scatter 

In order to plot the liquidus curve shown in Fig 
4, the results from the various procedures were 
combined. The mean values of the analytical results 
over a temperature range were calculated. An effort 
was made to keep the temperature range as small 
ufficiently large number of 
values to give a meaningful average value. The 
results obtained are given in Table I. The tempera- 
ture values given are the mean values for the tem- 
perature ranges considered, with the average devia- 


as possible, including a 


all reduced to the nearest 


tion from the mean value 
>C. The composition 
corresponding average deviations from mean values 


represent mean values and 


The reason for the variation of the individual 
for the percentage of uranium in magnesium 
A polarographic’ method and an am- 
spectrophotometric’ method 
were used in analyzing the samples. Both are con- 
idered good for the determination of uranium in 
dilute Part of the variation in the results 
might be due to inhomogeneity of the samples due 
to their becoming segregated or contaminated dur- 
ing preparation for analysis. The liquidus curve 
obtained by plotting the mean values indicates that 
ome type of random error is mainly responsible for 
the large deviation of the analytical results 


value 
is not known 


monium thiocyanate 


olution 


Solubility of Magnesium in Uranium——-The ura- 
nium-rich layer from a series of samples prepared 
in the study of the solubility of uranium in mag- 
nesium was analyzed spectrographically for mag- 
The uranium, initially in the form of mas- 
havings, was heated in contact with 


nesium 
ive metal or 
magnesium to above the melting point of the ura- 
nium, and either quenched directly from this tem- 
perature or cooled and held at some lower tempera- 
ture for a period of time and then quenched. The 
results obtained are given in Table Il. Since these 
amples weighed approximately 60 g and were in 
the form of flat disks approximately 1 in. in diam, 
it is doubtful that the composition changed appre- 
ciably after solidification. Further, considering the 
large difference in density, it would be expected 
that very little, if any, magnesium separating from 
the uranium liquid is retained in the uranium as 
the charge is cooled to the freezing point of the 
uranium. However, some entrapped magnesium in 
the uranium near the Mg-U 
under the microscope in some specimens, see Fig. 9 
Samples for analysis were taken after machining 
off the outer surface. It may, therefore, be con- 
cluded that the solubility of magnesium in uranium 
at its freezing point is of the order of 0.0042 wt pet 
This is the mean value obtained from the data in 
Table Il if the 0.0155 and 0.021 wt pet values are 
discarded 

No evidence of precipitation of magnesium was 
detected in the microstructure of these samples. Fig 
10 shows the microstructure of the uranium used as 
a starting material. Fig. 11 shows the microstruc- 
ture of a control sample of the same metal melted 
in a MgO-10 pet MgeF, crucible under the same con- 
used to prepare the above samples. Fig. 12 
shows the microstructure of another sample of the 
same metal melted in contact with magnesium and 


interface was observed 


dition 
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then held at 680°C for 90 hr. The large impurity 
crystallite seen in Fig. 12 is apparently an agglom- 
eration and growth of smaller impurity crystals 
evident in Fig. 11. Crystals of this type have been 
observed in uranium by Mott and Haines, and are 
believed to be due to UO 


Table |. Solubility of Uranium in Magnesium 


Aver Selu- Aver- 
Mean age bility of ace 
Tempera- Devia ranium in Devia- 
ture, tien, Magnesium, tien, 
Wt Pet Wt Pet 


0 0005 0 0004 
0.008 0.006 
0.055 0.028 
0.061 0.024 
0.069 0.024 
0.074 0.026 
0.101 0.036 
0.098 0.028 
0.112 0.065 
0.124 0.051 
0.190 0.040 


Thermal Analysis—Considering the limited solu- 
bility of magnesium, its effect on the allotropic 
transformations of uranium should be smail. Dif- 
ferential thermal analysis failed to show any meas- 
urable effect, and showed the usual hysteresis on 
heating and cooling. At a heating rate of 5°C per 
min the a-to-f8 transformation took place at 666° + 
2°C and the A-to-y transformation at 771°+2°C 
On cooling, the corresponding transformations took 
place at 655° *+2° and 766° +2°C 


Magnesium Content of Uranium Heated in Contact 
with Magnesium 


Table 


Magnesiom, 
Wt Pet 


Time at Tempera 
ture, Hr 


0.0155 
0.0030 
0.0020 
0 0095 
0.0210 
0 0035 
0.0110 
0.0015 
0.0015 
0.0040 
0.0025 
0 0040 


Dahl and Van Dusen” used electrical resistivity 
measurements to establish the transformations In 
uranium, and obtained 667° and 772°C for the 
a-to-8 and B-to-y transformations respectively on 
heating, and 645° and 764°C respectively on cool- 
ing. The results obtained in this investigation on 
uranium saturated with magnesium are in good 
agreement with these values 

Because of the difficulty of protecting thermo- 
couple leads from magnesium vapors, no accurate 
determination of the effect of magnesium on the 
melting point of uranium was made. However, an 
external thermocouple, see Fig. 1, indicated that the 
melting temperature was in the range of 1130°+10°C 
In drawing the phase diagram, the value of 1133°C 
determined by Dahl and Cleaves" was accepted as 
the melting point for uranium 

The melting point of the magnesium used in this 
investigation was measured as 647°*+2°C. Magne- 
sium in contact with an excess of uranium gave a 
thermal arrest at 650°+2°C on heating. On cool- 
ing, the tendency for the 8-to-a transformation to 
supercool masked the freezing point break for the 
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OOS 
Tempera 
ture 
Neo. of Range, 
Values 
650 
a 10 660 ) 
45 695 15 
40 775 10 
| 845 10 
0 920 10 
i 15 980 5 
4 10 1030 ) 
1090 15 
20 1135 5 
60 1225 20 
i 
ture, 
655 165 
HBO 48 
755 28 
785 11 
900 5.4 
45 
1080 23 
1125 15 
1135 10 
1195 11 
1250 07 
1255 2.0 


However, differential analysis, 


sium as a reference against magnesium 


magnesium using 
pure magne 
containing a small amount of uranium, showed no 
significant difference in their melting points. Conse- 
quently, the accepted value of 650°C for the melt- 
ing point of magnesium was used in drawing the 
pha diagram 
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Solute Diffusion in Nickel-Base Substitutional 
Solid Solutions 


Diffusion rates of manganese, aluminum, titanium, and tungsten in nickel were 


measured at temperatures between 1100° and 1300°C. Activation energies, Q, and 
values of the frequency factor, D,, were calculated for each system. Values of Q 
were found to be within 15 pct of that for self-diffusion of nickel in agreement with 


present theories of diffusion. 


NE of the most interesting problems in diffusion 
concerns factors governing the order of diffu 
In a common ol- 
vent metal at low solute concentration An early 
uggestion by Rhines and Mehl’ was that diffusion 
coefficients might each approach that of the self- 
coefficient of the solvent itself. Late 
Thomas and Birchenall pointed out correlations be- 
tween the order of the diffusion coefficients and the 
freezing point depressions of the solvent by the 
variou Other correlations have been sought 
To settle this question it seems likely that much 
more data will be needed and, in particular, data 
type can 


sion coefficients of various solute 


diffusion 


olute 


collected at low solute concentrations. Thi 


be obtained by special analytical techniques as well 
as by use of radioactive tracer 

The following study was made of diffusion of 
aluminum, titanium, and tungsten in a 


olvent, nickel, at 


manganese 


common relatively low solute 
concentration 

1—Production of alloys of nickel with manganese 
aluminum, titanium, and tungsten at concentration 


of the order of 1 atomic pet 
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by R. A. Swalin and Allan Martin 


2—Use 
cylindrical form 
3— Diffusion anneal 


of pressure-welded diffusion couples in 


in the temperature range of 
1100° to 1300°C 
4——Lathe sectioning of the diffused couple 
5—-Spectrophotometric analyses of lathe turning 
for the solute being studied 
6—-Calculation of the diffusion coefficient for each 
of the 
7—-Interpretation of result 


of diffusion 


a function of temperature 
with current theories 


olutes a 


Experimental Work 
Materials—-Two types of nickel were used in thi 
The grade designated a 
used for all diffusion systems ex 
which the Vaeuum 
used. Analyses of the 


two grades are given in Table I 


research Vacuum melted 
Mond nickel wa 
cept the Mn-Ni system for 


melted electrolytic nickel wa 


The manganese used in making alloys was 99.9 
pet pure, aluminum 99.99 pct pure, titanium 99.9 pet 
pure, and tungsten of C.P. grade powder 

Alloy 
by melting im vacuo or 
melting, all heat except 
were poured into a cylindrical 
long and l in ID In the case of 
olidified in the 
alum- 


used in this investigation were prepared 
under a low pressure of 


argon. After those of 


nickel-manganese 
copper mold 3 in 
nickel-manganese, the alloy 
melting crucible. For nickel-aluminum heat 


were 


ina crucibles were used and for all other heat 


zirconia crucibles 
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COUPLE §-C Preparation of Materials—Disks about ‘4 in. thick 
wi -Ti were cut from l-in. diam nickel rod and alloy 
1.20 ingots. The top section of each ingot was rejected 
| C because of the presence of a shrinkage cavity. If 
porosity was detected when the disks were ex- 
amined microscopically, the entire ingot was re- 
jected 
The disks were passed successively through rolls 
in a direction parallel to the faces until an approxi- 
mate 6 pct reduction in area was obtained. Afte1 
annealing at 1300°C for 90 min, grains of 0.5 to 10 
mm diam were produced. For nickel-tungsten alloy 
disks, a 3-hr anneal at 1350°C was given 
To remove contaminated material about 0.030 in 
was machined from those faces earmarked for the 
diffusion interfaces. The faces were then machined 
carefully to obtain flat surfaces and polished care- 
fully with 0, 2/0, and 3/0 emery paper in succession 
The faces were cleaned with nitric acid and subse- 
quently rinsed with acetone 


0.80 


0,40 | 


0,00} 


0.40} 


Fabrication of Diffusion Couples—-Before the disks 
were welded together in the form of the diffusion 
couple, inert markers were placed at the diffusion 
interfaces. For all alloy systems except nickel- 
tungsten, 0.001-in. diam tungsten wire was used for 
markers. The markers were used to line up the 

} diffusion couples accurately during the subsequent 
040 920 O 020 .040 ectioning process. In the Ni-W system no markers 
had to be used, since the interface could be located 
atisfactorily due to the difference in rate of etching 
by acid of the alloy disks and the pure nickel disks 

A diffusion couple was then assembled by placing 
an alloy disk between two nickel disks or between 
two alloy disks that contained the same solute as the 
center disk, but in lesser amounts. There were thus 
T(*C) two interfaces in each diffusion couple; one side was 


OBO 


1.20 } 


x (CM) 


Fig. |—-Probability plot is given for diffusion couple 5C 


i400 1300 1200 100 used for sectioning and the other held in reserve 
8,00 T T To T — The assembly was transferred to a hydraulic press 
] where the wires were set by application of 12,000 psi 
Mn O Mn The diffusion couple was transferred to a welding 
Mn (Ni, Ti) | furnace similar to that constructed by da Silva and 
6.50| Mehl.” The couple was held at 1000°C for 3 hr under 
AT a pressure of 175 psi in hydrogen (argon in the case 
v of Ni-Ti alloys) to facilitate bonding of the disks 
9.00 ; Diffusion-Anneal Treatment—A diffusion couple 
, Xe was sealed under argon into a fused silica tube. The 
w a sealed silica tube was placed in a large kanthal- 
iw e wound furnace in contact with a sillimanite tube 
‘ containing a Pt—Pt-10 pet Rh thermocouple 
S saat | . The specimen was heated at the diffusion-anneal 
temperature long enough to obtain an effective dif- 
ra) fusion distance of about 0.025 in. except in the case 
. of the Ni-W system, where shorter distances were 
° attained. A continuous record of the temperature at 
; 4 the silica tube was maintained on a recordet 


10,50 } ° Table |. Analyses of Two Grades of Nickel in Diffusion Research 


Vacuum Vacuum Vacuum Vacuum 

° Melted Melted Melted Melted 
Mond Fleet Mond Fleet 

Fiement Nickel Nickel Element Nickel Nickel 


0.004 0 002 0 005 
0.004 Me 0.001 0.003 


| Cu 0 0225 0.004 Ca 0.001 0.001 

| Pb 0. 001 0.003 Cr 0.001 0 002 

11,50 Fe 0.001 to 6.01 0.017 Co 0.01 to 0.05 0.175 
590 6.30 6.70 7.10 7,50 Al 0 0003 0 002 Ti 0 002 


Mn 0.001 0 002 0.001 


Sectioning of the Diffusion Couple—The couple to 
be sectioned was mounted on a lathe and 0.050 in 


Fig 2—Log D vs 1/T is plotted for the Ni-Mn, Ni-Al, Ni-Ti, 
Ni W, and Ni, 5.5 atomic pct Ti-Mn systems 
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4 
| 
| 


of the metal was machined off the cylindrical sur- 
face to remove material that might have been con- 
taminated. The surface was polished and etched 
with concentrated nitric acid so that the markers 
were readily observable 

The couple was lined up in a lathe with the 
marker interface perpendicular to the lathe axis by 
using a cathetometer to sight on the markers Ex- 
traneous material at the end of the couple was 
turned off and discarded and cuts 1 ml thick were 
taken in the effective diffusion zone for chemical 
analysis. 


Spectrophotometric Analysis—The accuracy to 
which the diffusion coefficients could be determined 
depended to an important degree on the accuracy 
with which the small samples of lathe turnings, 
averaging about 70 mg, could be analyzed for the 
particular solute element employed. For each of the 
four solutes, 
successfully adapted to the conditions at hand. A 
correction was applied, of course, for the amount of 
nickel present in each sample 


spectrophotometric procedures were 


Experimental Results 

Method of Computing Diffusion Coefficients— Fo: 
the boundary conditions determined by experi- 
mental geometry, the Grube solution to Fick’s law 
was applicable, since the diffusion coefficients proved 
to be independent of concentration in the range of 
concentration being studied. The Grube solution to 
Fick’s law is 

2(C — C,) 
erf (Y) [1] 

where Y X/2\, Dt. C is the solute concentration 
at distance X from the interface, t represents the 
effective time of the diffusion-anneal, C,, is the con- 
centration at t 0 in the middle alloy disk, C, is 
the concentration at t 0 in the end disks (usually 
zero), and D is the diffusion coefficient 

The symbol t represents an effective time of 
diffusion and takes into account the diffusion that 
has occurred during the time needed to bring speci- 
mens up to the diffusion-anneal temperature, as 
well as correcting for minor temperature fluctua- 
tions during the diffusion-anneal. This was obtained 
by graphical integrating exp [—Q/RT(t)]|dt from 
t 0 to ty,..., and dividing by exp [—Q/RT], where 
T is the representative temperature, Q the activation 
energy, and R the gas constant 

Presentation of Data—Since Fq. | was found to fit 
the experimental conditions, diffusion coefficient 
could be most accurately determined from the prob- 
ability plots of Y* vs X, since such plots yield 


* Obtained experimentall fror alues of 


straight lines. This is true only when D is inde- 
pendent of C. Fig. 1 is an example of a probability 
plot for the Ni-Ti system. Diffusion coefficients were 
obtained from the slopes of the probability plots and 
were multiplied by 1.04 to compensate for thermal 
expansion of the lattice from room temperatures to 
the diffusion-anneal temperature. Values of the dif- 
fusion coefficients calculated along with the tem- 
peratures, times of the diffusion-anneal treatment 
and solute concentration limits are listed in Table II 
The diffusion coefficients were found to exhibit 


the usual temperature dependence, namely, 


D = D,exp [—Q/RT] [2] 
and the plots of log D vs the reciprocal of the abso- 
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lute temperature are shown in Fig. 2. The experi- 
mental points for the nickel, 5.5 pet Ti-Mn system 
were found to coincide with the line determined fot 
the Ni-Mn system, thus indicating that titanium had 
Titanium 
neighbor 


no effect on the diffusion of manganese 
ection 
in this 


analyses were performed on the 
ing the interface for three couple system and 


no redistribution of titanium was observed 


Table Diffusion Dota 


Tempera Compesition 
ture Range of Selute 
Atomic Pet 


Time of 
Desig Diffusion 
nation 


Equations obtained by a least squares method 
expressing D as a function of T for the alloy sy 
tems studied are given below 

Mn: D~ 7.50 exp [-—67,100/RT | cm pet 

Al D 1.87 exp | —-64,000/RT | em’ pet 

Ti: D~ 0.86 exp [-—-61,400/RT| em per 

W D 11.1 exp [| —76,800/RT | em’ per sec 

A glance at Fig. 2 discloses that at any tempera- 
ture in the range studied, the diffusion of manganese, 
ame magnitude 
diffusion 
mallet 
relatively 


titanium, and aluminum are of the 
(decreasing in the order listed) 
coefficients of tungsten are a magnitude 


wherea 
The activation energies obtained are 
close to that corresponding to self-diffusion in pure 
nickel, where the diffusion coefficient is expressed 
by:* 


D 1.27 exp | —66,800/RT | 


Consideration was given the possible effects of 
olved oxygen on the diffusion of 
Concentration of oxygen 
was not determined, but the maximum solubility in 
about 0.045 atomic pet at 1200 °C 
containing aluminum 
and titanium would be considerably Il than that 
in pure nickel, since aluminum and titanium form 
very stable oxides. Thus when diffusion couple 
were fabricated using these alloy 
of oxygen as well as the 

During the diffusion anneal, oxygen would 
toward the diffu 


the presence of di 
aluminum and titanium 
nickel 1 Concen- 
tration of oxygen in the alloy 


concentration 
gradient olute in question 
existed 
diffuse from the pure nickel disk 
sion interface and form an oxide layer there, react 


olute xarmination 


Upon microscopic ¢ 
imably ALO, were 


on the 


ing with the 
a small number of particles, pre 
noticed to have formed in the diffusion zone 
pure nickel side of couples in the Ni-Al system 
These probably resulted from the reaction of di 
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. 
1A 708x 10 12903 114% 10 Oto 40 My 
2A 937 10 110 156% 10 te 
tA 144% 10 1229 124% 10 Oto ‘4 My 
4A 7 x 10 1168 425% 10 ot 17 Ml 
iA 10 1180 x 10 Oto 17 M 
iA 146% 10 1243 158 x 10 17 Mi 
in 440% 10 1176 426% 10 07 
28 730 10 1280 168 10 Oto 07 \ 
643% 10 1142 245% 10 Ote 07 \ 
180 «x 10 1241 10 \ 
122% 10 115% 10 Oto 07 
10 124% 10 20 to 47 
126 «x 1 1104 1 10 rT 
10 1150 24% 10 09 
180 x 10 1239 115% 10 
4 260% 10 1214 475 x10 O20 09 
261% 10 1202 619% 10 
x 10 1282 x 10 oto 08 ri 
OF x 10 1252 107 10 Oto lS W 
7k 101 10 1187 10 Oto W 
SE 268 x 10 1289 185% 10 Oto 15% W 
UE 167 1154 10 Oto 15 
10F 406 x 10 1220 Ote 15 Ww 
20; >x 10 1280 146% 10 Mn* 
iG 10 1152 ox 10 0 to Mn* 
Ms 225 x 10 12534 
* In the presence of 5.5 at TY) 


“4 
= Fig. 3—Solute acti 
4 vation free energy is 
sac plotted vs Gold 
schmidt atomic 
radius 
3 4 a* 


olved oxygen with diffusing aluminum. To test the 
effect of dissolved oxygen, three special couples 
were fabricated, one in the Ni-Al system and two in 
the Ni-Ti system. Instead of pure nickel as com- 
ponents of the diffusion couples, alloy disks were 
used containing the same solute as the center disks 
but in lesser amounts. In this manner, deoxidation 
of the entire couple was faciliated. Diffusion co- 
efficients obtained for the three couples were found 
to le, within experimental error, on the straight 
line obtained by using the other couples. Conse- 
quently, it was concluded that oxygen which might 
have been present in the nickel does not alter the 
diffusion results 

Precision of Results——In drawing the best straight 
lines on the plots of log D vs reciprocal of absolute 
temperature, equal weight was given to all points 
except those obtained from couples 5A and 10E, 
which were rejected on the basis of statistical con- 
ideration For all the systems studied, the prob- 
able error in points from the best straight line was 
about +5 pet, resulting in a probable error in values 
of Q of about +1000 cal per mol and probable errors 
in values of log D, of about +0.15 


Interpretation of Results 

Darken’s Equation—Darken" has derived the fol- 
lowing equation expressing the measured diffusion 
coefficient as a combination of the individual diffu- 

ion coefficients of the solvent and of the solute 
D = N,D, + N,D [7] 
D represents the diffusion coefficient determined in 
this type of investigation, D, and D, are the intrinsic 


800) 
| 
Fig. 4—Activation 
\ energy for diffusion 
| \ in nickel is plotted 
- 68,0} \ as a function of 
solute valence 
640) 
604 4 
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diffusion coefficients of solvent and solute, respect- 
ively, and N, and N, are the mol fractions of solvent 
and solute, respectively. The validity of Eq. 7 rests 
on the assumption that vacancies are in equilibrium 
everywhere in the diffusion zone 

D,, the intrinsic diffusion coefficient of nickel in 
the alloys, was not measured, but it might be ex- 
pected to be close to the self-diffusion coefficient of 
pure nickel, values of which have been determined 
by Hoffman.’ Using his data as being equal to D 
and comparing with values of D determined in this 
research, it is observed that D~- D, for all alloy Sys- 
tems. Since N,~1 and N,~10°, then D=D.. Thus the 
values of D, in view of the assumptions made, may 
be considered to represent the intrinsic diffusion co- 
efficients of the solutes 
values of D, and Q will represent the values for 
olute diffusion in the alloys and will not be a com- 
bination of both solute and solvent diffusion para- 


Consequently, measured 


meters 

Considerations Based on the Random Walk—If it 
is assumed that solute diffusion is a random walk 
process and that diffusion takes place by means of a 
vacancy mechanism, Eq. 8 may be derived for diffu- 
sion in face-centered-cubic solvents 


AS,)/R]| exp 
| 


D~ avexp[(aS 
SH.)/RT [8] 


where a represents the lattice parameter of the 
solvent, v is the vibrational frequency of the solute 
atoms, AS, and AS, are the entropies of vacancy 
formation anu of jumping, respectively, and AH, and 
ASH, are the enthalpies of vacancy formation and of 
jumping, respectively, Comparing Eq. 8 to Eq. 2, it 
is seen that 


D a vexp[(AS AS.) /R] [9] 
and 


Q AH, + aH [10] 


Thus the entropy sum (AS, + AS.) may be cal- 
culated from experimental values of D, if a and 1 
are known. The lattice parameter of nickel is equal 
to 3.52A and v is assumed in all cases to be equal to 
the Debye frequency of nickel, calculated to be 7.9 
x 10” see 

From the values of (AS AS.) and Q, free ener- 
gies, 4G, may be calculated, since 


(AG, + AG.) (ASH, + AH.) — T(AS, + AS.) [11] 


These values of free energy calculated at 1200°C, 
along with the corresponding entropies, are listed in 
Table III 

The values of (AS, + AS,) are all positive, in 
agreement with Zener’s theory of a vacancy mech- 
anism for solute diffusion,’ but in disagreement with 
much of the past experimental work in face- 
centered-cubic alloy systems where negative values 
are obtained. It is interesting to note that if con- 
siderable diffusion had taken place along short- 
circuiting paths and low activation energies had 
been obtained, low values of D, and hence AS would 
have been obtained, since the curve on the plot of 
log D vs the reciprocal of the absolute temperature 
would be pivoted around the high temperature 
points.” 

It is also to be noted that the values of 
(AG, + AG,)listed in Table III are closer togethe 
than their respective values of Q. These values may 
be more meaningful for comparison than values of 
Q as a result of the fact that an error in picking the 
best straight line on the plot of log D vs reciprocal 


TRANSACTIONS AIME 


~ > 
ay 
$40) 
¢ 
< 
mA 
| 
‘ 


of absolute temperature will be reflected in a change 
of AS in the same direction. Using Hoffman's data‘ to 
calculate (AG, + AG.) for self-diffusion of pure 
nickel, the value 52.6 kcal per g-atom is obtained 
Influence of Atomic Size of Solute—In considering 
solute diffusion, it is necessary to take into account 
the local properties around a solute atom which may 
be very different from the bulk properties of the 
solvent. When a foreign atom of a size different 
from that of the solvent atom is dissolved in a crys- 
tal, an atomic disarrangement in the vicinity of the 
solute atom takes place, the degree of disarrange- 
ment depending on the degree of misfit. The strain 
imparted is responsible for a lowering of the fre- 
quency of atomic vibration 
to the square root of the appropriate shear modulus, 
the elastic modulus is also lowered in the vicinity of 
the foreign atom. In support of this, a lowering of 
the bulk moduli of metals by alloy additions has 
where the maximum 
solubility of a solute in a given solvent is less than 
20 pet Calculations have indicated that the 
lowering is proportional to the strain introduced by 


Since v is proportional 


been observed in the case 


the foreign atoms which in turn is a function of the 
difference in atomic radii between solute and sol- 
vent 


Table IIil. Thermodynamic Diffusion Data 


(AG 
Keal per G 


Atom 


The effect of the atomic size difference of solute 
and solvent atoms on the rate of solute diffusion 1 
apparently complex. The free energy of formation 
probably 
maller as the size of the solute atom be- 
larger than 


of a vacancy next to a solute atom, AG,, 
becomes 
comes larger (assuming solute atom is 
solvent) since the presence of vacancies next to the 
solute atom will remove local strain. The free en- 
ergy of jumping, AG,, probably consists mainly of 
strain energy expended in squeezing through the 


saddle position and may be described by Eq. 12 


AG, ~ pE’v, {12] 
where ,» is the appropriate shear modulus, E a meas- 
ure of the strain, and v the volume over which the 
As the size of solute atoms in- 
but E and wv increase. In a plot 
solute Goldschmidt atomic 


strain 1s 


decrease 


apparent 
crease 
of (AG, + AG.) vs the 
radii, Fig. 3, no correlation is observed 
further the hypothesi 
above, the G alloy series was prepared, containing 
5.5 atomic pet Ti as well as manganese. Since tita- 
nium has a Goldschmidt atomic radius considerably 
different from that of nickel, and since there was 
large concentration, internal strain 
would be expected with a corresponding reduction 
in elastic moduli. As stated before, however, man- 
ganese was found to diffuse at the same rate in thi: 


To examine proposed 


considerable 


alloy as in pure nickel 

Lazarus’ Theory of Diffusion—-Recent work by 
Tomizuka and Slifkin” indicates that activation en- 
ergies for solute diffusion in silver in the case of 
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solutes following silver in the periodic table are 
lower than that for self-diffusion in silver. Activa- 
tion energies were found to decrease linearly with 
increasing atomic numbe! 

These results were interpreted by 
terms of electrostatic screening of extra nucleat 
charge. The theory predicts an inverse correlation 
between activation energies and extra valence of the 
negative valences, 


Lazarus” in 


solutes for plus valences. For 
theoretical predictions are not as certain, but work 
in progress by Macklett and Tomizuka on Ru in Ag” 
indicates that the activation curves up 
sharply. Lazarus’ theory applies, 
solutes in the same row of the periodic table, but it 
is interesting to attempt to apply it to the present 


energy 
trictly, only to 


data 

As shown in Fig. 4, the present data, along with 
Hoffman's self-diffusion data for nickel,’ fit’ the 
theory quite well if the following valences are as 
sumed Ni, 0; Al, + 3; Ti, 4; Mn, ‘<- 2 
(the valence for titanium could, a prior, also be 
taken as — 4). It is interesting to note that the slope 
of the line of Fig. 4, from valences 0 to 4, is quite 
close to that determined by Tomizuka and Slifkin 
For the data presented in this paper, @ 66.5 
1.0Z, while for solute diffusion in silver @ 42.8 
1.13Z where Z is the excess valence. This agreement 
with the theory could well be fortuitous, particu 
larly in view of the uncertainty of the valences, and 
indicates a need for further work 


Summary 


Diffusion rates of manganese, titanium, aluminum, 
and tungsten in nickel have been determined in the 
temperature range of 1100° to 1300°C. Diffusion co- 
efficients of manganese in an alloy of nickel, 5 pet Ti 
have also been determined 

A diffusion couple method embodying low con 
centration gradients in conjunction with spectro- 
photometric methods of analysis was used. The dif 
were found to be independent of 
concentration in the range of concentration studied 
for all alloy systems. Manganese was found to diffuse 
at the same rate in the nickel, 5 pet Ti alloy as in 
pure nickel 

The usual exponential temperature dependence of 
the diffusion coefficients was found. Values of D and 
@ were calculated for each system. The values of Q 
within 15 pet of that for self- 
in disagreement with 


fusion coefficient 


were found to be 
diffusion. This observation | 
much of the older work done in other face-centered 
where activation energies for solute 
than that for 


cubic system 
diffusion were found to be much le 
elf-diffusion of the pure solvent 
Entropies and free energies of diffusion were cal 
were found to be positive in 


ba ed 


culated, The entropi 
agreement with some theoretical calculation 
on the as 
olute diffusion 
The data 
theory of diffusion, although 
be fortuitous in view of the a 


umption of a vacancy mechanism for 


Lazarus’ 
uch agreement could 


appear to correlate with 
umptions that must 


be made 
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Re-Examination of Ti-Fe and Ti-Fe-O 


Phase Relations 


The Ti-Fe and Ti-Fe-O systems were re-examined because of the controversy re- 
garding the existence of Ti.Fe, and to consider all available data points to the 
existence of Ti.Fe. The Ti-Fe-O system contains two ternary compounds: «, cor- 


responding to Ti.Fe; and y. 


by Elmars Ence and Harold Margolin 


*EVERAL authors have investigated the constitu- 
tion of titanium-rich alloys of the Ti-Fe system 
The most extensive study of titanium-rich por- 
tions of the Ti-Fe system was by Van Thyne, 
Kessler, and Hansen,’ who investigated this system 
up to 50 pet Fe and used the highest purity 
material available for their alloy preparation 
(iodide titanium was used for alloys up to 20 
pet Fe). According to Van Thyne et al., phase re- 
lationships in the region of investigation are gov- 
erned by phases a, #8, and TiFe. No evidence of an 
intermetallic compound Ti,Fe was found, although 
earlier works by Laves and Wallbaum,* and Duwez 
and Taylor reported its existence Rostoker’s 
tudy on the occurrence of Ti.X phases” confirmed 
the findings of Van Thyne et al. Rostoker proposed 
that the compound Ti,Fe found by Duwez does not 
exist but is actually a ternary compound, Ti,Fe,O, 
originated by inadvertent oxygen contamination 
The partial isothermal section of the ternary Ti-Fe- 
© system as reported by Rostoker’ seems to confirm 
this explanation 
In the course of phase diagram work conducted 
at New York University, however, certain irregu- 
lurities were observed to be associated with ternary 
ystems of the type Ti-Fe-X. The ternary phase 4, 
observed in the systems Ti-Fe-Mo" and Ti-Fe-V," 
was found to be structurally identical to the com- 
pound Ti,Fe as reported by Duwez and Taylor, and 
to Rostoker’s compound Ti,Fe.O. Since the amount 
of oxygen possibly present in the Ti-Fe-Mo and Ti- 
Fe-V systems could not account for the observed 
amounts of the compound, it appears that the 4 
phase in these systems is not Ti,Fe,O. On the other 
hand, considering the amounts of the 46 phase, parti- 
cularly in the Ti-Fe-Mo system, the location of the 
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phase was uncertain. It was felt that the introduc- 
tion of the Ti,Fe phase would alleviate some of the 
inconsistencies of the two systems 

Because of the uncertainties relating to the phase 
Ti.Fe, or Ti,Fe,O, it appeared worthwhile to re- 
examine the Ti-Fe and Ti-Fe-O systems in the 
vicinity of these compounds with highly sensitive 
metallographic techniques and with X-ray methods 


Experimental Procedure 

Alloy Preparation—For the study of the binary 
system four alloys were prepared, containing 26.9 
(30 wt pet), 34.0 (37.5 wt pet), 41.2 (45 wt pet), 
and 56.3 (60 wt pct) atomic pet Fe, and for the 
ternary Ti-Fe-O system 18 alloys were prepared in 
the composition range of 1.6 to 16.9 atomic pet O 
and 24.3 to 55.7 atomic pet Fe 

The materials used for the Ti-Fe alloys were 
iodide titanium (99.98 pct Ti, 0.002 pet O) and Ferro- 
vac-E iron (99.95 pet Fe, 0.0052 to 0.0072 pet O). For 
the Ti-Fe-O study the materials used were sponge 
titanium containing less than 0.06 pet O, Ferrovac- 
E iron, and Baker’s analyzed TiO,. The nominal 
weight and atomic percentages of the ternary alloys 
prepared are shown in Table I 

Melting—Charges of 10 to 15 g were melted in a 
nonconsumable are furnace in argon atmosphere ac- 
cording to the technique described elsewhere 
Since there was practically no weight loss through 
the various stages of melting and oxygen losses have 
not been observed previously, it appeared justifiable 
to use nominal composition for interpretation of 
data. lodide titanium control buttons, of the same 
mass as the Ti-Fe charges, and melted under the 
same conditions, were used to check hardness pick- 
up during melting. A hardness increase of 2 to 3 
Vhn was found 

Heat Treatment—The specimens were annealed 
in quartz capsules under argon. To avoid contact 
between the specimen and capsule material all 
specimens were wrapped in titanium sheet. The 
annealing times are given in Table II. The attain- 
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ment of equilibrium under these conditions will be 
discussed later, with the presentation of results 


Table |. Nominal Weight and Atomic Composition of Ti-Fe-O Alloys 


Wt Pet Fe 

At pet F 0.5 26.¢ 33 6 40.8 55.7 
At pet oO 0.5 16 16 
At pet F l 26.3 33.3 404 5.1 
At pet Oo 3.1 $1 3.1 42 
At I Fe 2 25.8 26 
Ator pet Oo 2 6.0 61 
Ato pet F ; 25 ig 18.8 
Ato oO BE 89 90 
At t Fe 1 
Ate pet Oo 117 
Ate pet Fe 24 0.7 $7 
Ato pet O ) 14.1 14.3 l4 
At ic pet F 6 02 
Ator pet 6 16.9 


No noticeable contamination occurred during heat 
treatment, since iodide titanium specimens in the 
same capsule with alloyed specimens did not change 
in hardness. As an additional check the binary 41.2 
atomic pet Fe alloy after heat treatment was an- 
alyzed for oxygen, tungsten and copper. In duplicate 
analyses the weight percentages were: 0.032 O, 0.02 
Cu, and 0.08 W 


Table II. Annealing Times 


Alloys Temperature, Time 
Ti-Fe 1050 l and 2 days 
1000 l and 5 days 
900 2 weeks 
BOO i week 


Ti-Fe-O 1000 2 and 7 days 


Metallography—Specimens were prepared for mi- 
croscopic examination by first electropolishing and 
etching with Remington A etch (25 pet HF, 25 pet 
HNO,, and 50 pet glycerine). Subsequently they were 
electrolytically etched by the cumulative stain etch- 
ing procedure described elsewhere.” The color rela- 
tions of the individual phases as observed in the 
Ti-Fe and Ti-Fe-O systems are listed in Table II] 

The binary Ti-Fe alloys did not photograph well 
in some cases, and to eliminate surface roughness 
while maintaining distinction between phases an 
alkaline-type etchant was used.” The composition 
and conditions for use of this etchant are as follows 
10 ml 40 pet KOH, 5 ml 30 pet H.O,, and 20 ml H.O 
at 70° to 80°C for 30 to 60 sec 

X-Ray— X-ray identification of phases was car- 
ried out on powdered or solid wedge-shaped speci- 
mens. Powder was prepared by crushing previously 
annealed samples and sieving through a 200 to 230 
mesh screen. Powders were either unannealed or 
annealed before exposure. To be annealed, powder 
were wrapped in titanium sheet, sealed in quartz o1 
titanium capsules, annealed for 5 or 20 min as indi- 
cated in Table IV, then water-cooled in the capsule 
Solid wedge-shaped specimens were used several 


time When prepared from previously annealed 
samples, they were reannealed after being placed in 
sealed argon-filled titanium capsules. After heat 


treatment and prior to X-ray exposure, the surface 
was removed by electropolishing. For the as-cast 
pecimens no annealing was carried out after prep- 


aration of the wedge 
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Nickel-filtered CuKa radiation and a 114.6 mm 
diam powder camera were used in all cases 


Ti-Fe System 

As-Cast and 1050°C Structures—The as-cast and 
1050°C microstructures of the four Ti-Fe alloys 
were examined and showed £ and TiFe for composi- 
tions below TiFe. The phases TiFe and TiFe, were 
found above TiFe. A microstructure showing £ and 
TiFe in a 41.2 atomic pet alloy annealed 48 hr at 
1050°C is shown in Fig. 1 

As a check on microstructure identification, 
Debye-Scherrer photograms were obtained for pow- 
dered and solid wedge-shaped specimens taken from 
an as-cast 41.2 atomic pet Fe alloy. Both photograms 
revealed 8 and TiFe as the only phases 

Structures 1000°C and Below-——-Specimens an- 
nealed at 1000°C tended to show a mottling of the 
TiFe phase; and, as annealing temperatures de- 
creased, the TiFe revealed a second phase, Fig. 2. It 
was not possible from stain-etching characteristic 
to determine whether this was f. This precipitate, 
without other evidence, could be considered as § 
precipitating, resulting from decreased solubility of 
titanium in TiFe. At temperatures of about 800°C, 
in addition to the phase appearing within TiFe, an- 
other phase appeared, Fig. 2. This phase had the 
same stain-etching characteristics as the ternary « 
phase, Table II. The new phase was always found 
to lie between, and to be in contact with, the TiFe 
and f. This indicated that it formed by peritectoid 
reaction between #8 and Tike. Since the new phase 
was not £, this suggests that at 800°C the phase pre- 
cipitating in TiFe and the peritectoidally formed 


phase are the same 


Table Il. Stain Etching Colors for Ti-Fe and Ti-Fe-O Alloys 


Phases 
Cycles Electrolyte (-Titantum ‘ Tite 
4x03 sex HG Orange Hed Violet Greenish 
blue 
sex HG Purple Violet Greenish Emerald 
blue green 


An X-ray identification of the third phase was 
carried out by using both powder and wedge-shaped 
solid specimens. The d-values of the third phase in 
a typical X-ray pattern is shown in Table V. The 
d-values for the third phase correspond to the data 
given by Duwez and Taylor for the phase labeled 
Ti.Fe and are contained in the d-values listed by 
tostoker” for Ti,Fe,O. These data’ are listed in 
Table V 

The X-ray data obtained for the 41.2 and 34 
atomic pet Fe alloys are listed in Table IV. At all 
the annealing temperatures shown in Table IV the 
third phase was detected by X-ray. These data may 
not be subject to the criticism that powders used 
were contaminated from quartz capsules during heat 
treatment because powders wrapped in titanium 
sheet and sealed in titanium capsules gave the 
ame results. As a further check, a wedge specimen 
was also annealed in a titanium capsule. Diffraction 
data from this specimen showed the same third phase 
obtained from quartz capsule annealed powder 

It may be noted in Table IV that the unannealed 
powder samples did not show the third phase in 
cases where it was observed in annealed powder 
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and in microstructures of solid specimens. This ap- 
parent absence of the third phase was found to be 


due to cold work introduced by crushing 

Table IV indicates that Ti,Fe.O or Ti,Fe is found 
after annealing in the range 775° to 1000°C. Al- 
though the 41.2 atomic pet Fe alloy was found to 
contain only 0.032 pet O, it cannot be concluded that 
Ti.Fe.O is thereby excluded. This follows from the 
fact that the Ti,Fe,O phase or « (as it is designated 
in Fig. 3, the partial Ti-Fe-O section at 1000°C) 
may form at considerably lower oxygen contents 
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Fig. 1—Ti-Fe alloy, containing 41.2 etomic pct 
(45 wt pet) Fe, was treated for 48 hr at 1050°C, 
water quenched, and etched with KOH + H.O 
Phases were identified as A, TiFe, and 8, ;-tita 
nium. X600. Area reduced approximately 35 
pet for reproduction 

Fig. 2—Ti-Fe alloy, containing 41.2 atomic pct 
(45 wt pet) Fe, was treated for 21 days at 800°C, 
water quenched, and etched with KOH + H.O 
Phase was identified as 1 + Tife + X (TiFe 
or «) precipitated in TiFe. X, indicated by the 
arrow, also formed between and TiFe. X600 
Area reduced approximately 35 pct for repro 
duction 


Fig. 3—See facing page 


Fig. 4—Ti-Fe-O alloy No. 8, containing 326 
atomic pct Fe and 6.1 atomic pct O, is shown 
as-cast. Sample was electrolytically stained 
with HG electrolyte. Phases were identified as 
A, +; B, «; and C, primary Tife in a eutectic of 
+ TiFe. X350. Area reduced approximately 
35 pct for reproduction 

Fig. 5—Ti-Fe-O alloy No. 8, containing 326 
atomic pct Fe and 6.1 atomic pct O, was treated 
for seven days at 1000°C, water quenched, and 
electrolytically stained with HG electrolyte 
Phase was identified as TiFe in « matrix. X350 
Area reduced approximately 35 pct for repro 
duction 


Fig. 6—Ti-Fe-O alloy No. 7, containing 33.3 
atomic pct Fe and 3.1 atomic pct O, was treated 
for seven days at 1000°C, water quenched, and 
electrolytically stained with HG electrolyte 
Phases were identified as black; TiFe, white; 
and «, gray. X350. Area reduced approximately 
35 pet for reproduction 

Fig) 7—Ti-Fe-O alloy No. 3, containing 258 
atomic pct Fe and 6.0 atomic pct O, was treated 
seven days at 1000°C, water quenched, and elec 
trolytically stained with HG electrolyte. Phase 
was identified as 4, black; plus «, white; in 4 
matrix, gray. X350. Area reduced approxi 
mately 35 pct for reproduction 


Fig. 8—Ti-Fe-O alloy No. 10, containing 31.3 
atomic pct Fe and 11.7 atomic pct O, is shown 
as-cast. Sample was electrolytically stained with 
HG electrolyte. Phases were identified as A, «; 
B, unidentified primary dendrites (TiO ? of « ?) 
surrounded by peritectically formed »; and C, 
primary TiFe in a eutectic of 6 + Tife. X350 
Area reduced approximately 35 pct for repro 
duction 

Fig. 9—Ti-Fe-O alloy No. 10, containing 31.3 
atomic pet Fe and 11.7 atomic pct O, was 
treated for seven days at 1000°C, water 
quenched, and electrolytically stained with HG 
electrolyte. Phases were identified as TiFe in « 
matrix and A, undissolved primary dendrites 
(TiO ? of « ?). KX350. Area reduced approxi 
mately 35 pct for reproduction 


than was indicated by Rostoker; and the limit of 


oxygen 


« forms” 


* The # 


in the 
betweer 


which 


can dissolve in 8 and TiFe before 


has not been determined 


Tife p Tike « boundary, Fig. 3, has been located 
ity of 0.5 atomic pet for convenience in distinguishing 


these phase fields 


Polonis and Parr” have reported that they were 
able to obtain Ti,Fe in powdered samples of Ti-Fe 


alloys 


If oxygen analysis of the powder had been 


carried out and had indicated very little oxygen, the 


argument for Ti.Fe would have been enhanced 
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Gruhl and Amman" have found single crystals of a Ti-Fe-O System—Partial 1000°C Section 

phase isomorphous with Ti,Fe.O which analyzed, in The partial 1000°C section obtained from the al- 
weight percentages, as follow 52.2 pet Ti, 37.1 pet lovs of Table I is shown in Fig. 3. The identification 
Fe, 6.75 pet Al, 2.9 pet Si, 0.116 pet N, 0.08 pet O, of phases by both microstructure and X-ray analysis 
and 0.2 pet Mn. On the basis of the limited amount is given in Table VI, which also contains a column 
of oxygen, Gruhl and Amman concluded that Ti,Fe¢ indicating how the data were plotted, This was done 
exists and suggest that aluminum has replaced tita- because identification was uncertain in some cases 
nium in Ti.Fe. Their d-values are given in Table V or because equilibrium had not been obtained This 
The fact that diffraction patterns corresponding to will be discussed subsequently 

Ti.Fe or Ti,Fe.O have been obtained in the Ti-Fe-Mo Microstructures——It was indicated earlier that two 
and Ti-Fe-V system where the amounts of this and seven days were used for annealing times at 
phase cannot be accounted for by oxygen contamina- 1000 C. Generally no differences in structure were 
tion also supports the existence of Ti.Fe. If Ti,Fe obtained for these two times. For oxygen contents 
exists, its formation must be very sluggish, since below 9 atomic pet, equilibrium was attained within 
equilibrium amounts have not been found. Possibly the times used. The marked change from an as-cast 
its formation is accelerated by such elements a to equilibrium structure may be seen by comparing 
molybdenum, vanadium, aluminum, and oxygen Figs. 4 and 5, alloy No. 8, Table VI. In Fig. 4 the as 
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Fig. 3—Partial isothermal sec 
tion for the Ti-Fe-O system 
\ o 
DE+TiFe at 1000°C 
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Fig 10—Ti-Fe-O phase rela a 
tionships at 1000°C, incorpo ? 
rating data from the literature 
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Table 1V. X-Ray and Microstructure Data 


Identification of Phases 


Type of Treatment," Microstructure 
Specimens Heat Treatment X-Ray Specimen X-Kay Specimen Specimen AX May Specimen 
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20,, 
/ 
G / 
d \ 
aes 
2 4 
re) \ 
he 
+ Tike > 
Tife 
, ATOMIC PERCENT 
50, 
Tio 7? 
40 
a-tio J 
@ 
4 
ert 
§ Bestire 
asp 
10 20 30 40 
pre pee prtife 
412 ator pet 1000°C. 5 days Pow der Re-anneal 5 x TiFe x 
45 wt pet 900°C. 2 week Pow de Re-annea! 20 i rive x j Tike x i 
900°C. 2 week Wedge sper er Re 20 mir rife x fi Tike x 
Ti capsule 
900°C, 2 week Powder Us ealed rie x rike 
150 da Powder Re-anne 20 mit rife x Pike x 
da Powder Re-a ‘ 20 ir x Pike x 
psule 
825°C. 5 da Pow de Una ealed Tike x rife 
775°C. da Pow de He-anne 20 j rive x rife x 
Ti capsule 
775°C, 9 da Powder Unannealed Tike x rive 
Sat pet Fe 900°C, 2 week Powder Re-anne 20 Trike x rife x 
17 wt pet da Powder He-anneal 20 rire x Tike x 
* Unie ther w ise jicated, spe ‘ were annealed in quartz capsule 
x either Ti-Fe or Ti.FeoO 
| 


Table V. Diffraction Data for Isomorphous Ti-Fe and Ti-Fe-X Compounds 


This Investigation Literature Data 


4 Phase of 


Phase «or Tike Tile, 6 Phase of the Ti-Fe-V 
Ti-Fe-O System, of the Binary Duwes and the Ti-Fe-Mo System, Stone Ti,.Fe, Grohl 
Alley No.7 Ti-Fe System Taylor Kostoker System, NYU* and Margolin and Amman’ 


Estimated Estimated Estimated Estimated Estimated 
Kelative Kelative Relative Kelative Relative 
Intensity Intensity Intensity Intensity* d,A_ Intensity’ 


3.914 
2.589 VVW 
2 286 Ss 


574 2.58 0.04 3321 2.386 


NN 
we 
< 
= 


2.169 
2004 Ss 


442 
a77 03 1 880 o1 1 84 442, 600 1.872 1.886 0.05 441 Vw 1.883 M 


1.709 


3, 731 
, 6457 


, 742" 


2, 660 1 


Vw 
vw 


1.307 
1.298 


, 751 


very very weak 


* Abbreviations for intensity represent: VS, very strong; S, strong; M, medium; W, weak; VW, very weak; and VVW 
| Reflections reported by Rostoker do not belong to the face-centered-cubic FesWsC-type structure, since 0%,-Fas» requires the sum of 


wo indices to be even 


cast structure shows primary y, peritectically formed phase nonequilibrium or as a three-phase structure. 
«, primary Tike, and a eutectic of 8 and TiFe. The However, if this were a three-phase structure, « + 
microstructure of Fig. 5 consists of TiFe in a matrix TiFe + (a or TiO), alloy Nos. 17 and 18 would not 
of « Microstructures illustrative of various phase reveal «, which was found. Alloy No. 15 showed very 
fields are shown in Figs. 6 to 9. The microstructure few of these dendrites after annealing, and the « + 


of alloy No. 7, Table VI, shown in Fig. 6 consists of TiFe/« + TiFe + TiFe, boundary determined by this 
8, TiFe, and «. The microstructure of alloy No. 3 is alloy also placed alloy No. 11 in the « + TiFe field 


presented in Fig. 7. The major phase is y and the X-Ray Data—Typical d-values of « are shown in 
minor phases are « and f# Table V and the d-values of a two-phase « + y struc- 

Alloys in the « and TiFe field which contained 9 ture are shown in Table VII. No attempt was made 
or more atomic pet O showed dendrites of an un- to identify the crystal structure of y 


identified phase (TiO or a) after annealing for 


seven days at 1000°C. The amounts of the dendrites Discussion 

present in the as-cast state decreased and other Rostoker’ was unable to find the 8 + TiFe and « 
structural changes occurred on annealing. Compare phase field in alloys containing 5 atomic pct O. From 
Figs. 8 and 9 of alloy No. 10. The structure of Fig. 9 Fig. 3 it can be seen that at 1000°C alloys with this 
conceivably could be interpreted either as two- content of oxygen lie outside this three-phase field. 


Table Vi. Microstructure and X-Ray Data of Ti-Fe-O Alloys Annealed at 1000°C 


Alley Composition, 
Atomic Pet Ne. of 
Phases 


Plotted 


o Microstructure X-Ray Analysis 


26.6 16 Bre TiFfe B+e«+ (TiFe} 
2 26.3 ; 
4 25.3 6.8 +e ye 
5 244 141 a ‘ unidentified ¢€+ ai?) 2 
6 16 ‘ iFe 
7 ‘ TiFe B «+ TiFe 
126 61 Tife TiFe 2 
” 119 a9 «+ TiFe traces of unidentified dendrites ‘ Tife 2 
10 19 117 ‘ Tife traces of unidentified dendrites 2 
11 w7 M45 ‘ TiFs small amounts of unidentified dendrites 2 
12 w2 ‘ ai?) + «+ at?) + 
408 14 freer Tie 
4 “4 ‘ TiFe «+ TiFe 2 
15 14.8 90 ‘ TiFe traces of unidentified dendrites «+ TiFe 2 
16 17.3 14.5 ‘ TiFfe traces of unidentified phase «+ TiFe ; 
16 TiFe + TiFes + «¢ 
42 
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3 
Ae, 
oH niet 4, A 
331 
900, 430 2.250 
431 2.203 
1.0 2.174 o4 2.17 333,511 2.163 2.174 0.2 2.174 s | 
440 1.903 o4 1.995 02 2.00 440 1.986 1.993 1.995 M 
531 1 905 01 1.908 Ww 
533 1.719 005 1.72 
622 1.702 02 622 1.745 1.701 vw Ww 
1.630 02 1.63 444 1.619 
| 1582 01 159 1.567 M 1.579 
ae 642 1.509 0 08 1.515 vw 1.508 vvw 
731 1472 02 1472 1478 1.486 0.2 1.468 Vw 1.470 w 
733 1.3481 1.382 733 1.375 1.380 vw 1.377 vw 
62) «1.353 1.351 
63.800 08 1.331 0.2 1.334 M 1.328 vs 
1.208 01 
Alley 
Lj he how’ 


If Rostoker’s data” are reinterpreted in terms. of 
Fig. 3 as to identity of phases but not changed as to 
number of phases, and if these reinterpreted data 
are superimposed on Fig. 3, the diagram of Fig. 10 
is obtained. Consider the region of Fig. 10 bounded 
by the composition lines 15 pet O and 37.5 pct Fe. 
Within this region four data points from Ros- 
toker’s work appear to be in conflict with the dia- 
gram as drawn. The point at 5 pet O-15 pct Fe was 
indicated in the more detailed report” as possibly 
two or three phases. Three phases would better fit 
the diagram shown here 

With common etchants, it is extremely difficult to 
distinguish between « and y and consequently a 
B+y « structure may readily be interpreted as 
two-phase. The point at 5 pet O-25 pct Fe is there- 
fore not considered to be in conflict with the dia- 
gram of Fig. 10. 

The other two points of controversy, 15 pct O-32 
pet Fe and 12.5 pet O-37.5 pct Fe, lie close to the 
region of the « phase. These points conceivably could 
contain sufficiently small amounts of the other 
phases as to be considered essentially a_ single- 
phase structure 

Above 9 pct O equilibrium was generally not at- 
tained with the annealing times used. The diagram 


Table Vil. X-Ray Diffraction Data of a Ti-Fe-O Alloy* 


Observed 
Estimated Relative 
d,A Intensity Identification 
~2 88 005 
2.57 0.1 ‘ 
2.395 02 
2.300 0.3 ‘ 
~2.28 0.02 
2.248 10 
~2 220 0 02 
2.170 10 ‘ 
2.125 1.0 
~2.110 0.02 
2.072 02 
~2 12 0.02 
1.995 0.4 ‘ 
~1.93 0.02 
1910 0.04 ‘ 
1.881 0.1 ‘ 
1 862 004 
1.821 0.08 
1.745 0.05 
1.720 0.05 ‘ 
1.700 0.05 ‘ 
1.592 0.08 ‘ 
1.530 0.08 
1.475 0.08 ‘ 
1.385 0.1 ‘ 


* Alloy was composed of 25.3 atomic pet Fe and 8.83 atomic pet 
O in the 4 ¢ region 


of Fig. 10 beyond this region must be considered 
tentative. Similarly, above 40 pct Fe too few data 
are available in the present investigation to make 
definite assignation of boundaries 

The y phase is located at approximately 22 atomic 
pet Fe and 11 atomic pet O. This could correspond 
to the formula Ti,.Fe,O (22.2 atomic pct Fe,and 11.1 
atomic pet O) 

The « phase as indicated by microstructure lies 
approximately parallel to the Ti-O side of the dia- 
gram as contrasted to Rostoker’s location’ paral- 
lel to the Ti-Fe side and is similar in location to the 
corresponding phase in the Ti-Ni-O system.” ” Lat- 
tice parameter data tend to support the microstruc- 
ture observations, since the lattice parameter of 
« in the B + TiFe + « field is 11.30A and decreases 
with increasing oxygen content to 11.18A in alloy 
Nos. 11 12 


and 
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If it is assumed that Ti,Fe exists, then the ques- 
tion remains as to why « is separated from the 
binary diagram as in Fig. 3. Such an arrangement 
of phases would be possible under the following 
conditions: if 1) Ti,Fe after forming peritectoidally 
from § and TiFe in the binary system decomposes 
eutectoidally to form g TiFe, 2) the addition of 
oxygen raises the temperature range in which Ti,Fe 
is found and thus produces two 8 4+ TiFe + Ti,Fe 
fields, and 3) one of the two or three-phase fields is 
climinated by a ternary reaction. There is some 
basis for assumption 2 since two §8 + TiFe + 4 fields 
have been obtained in the Ti-Fe-V system.” 

Finally, it is of interest to note that although Ti,Fe 
is not found in as-cast structures of binary Ti-Fe 
alloys, the isomorphous phases found in the ternary 
systems Ti-Fe-Mo, Ti-Fe-V, and Ti-Fe-Al form 
from liquid and are present in as-cast alloys. 


Summary 

Re-examination of the binary Ti-Fe system in the 
vicinity of Ti.Fe, together with other available data, 
points to the existence of Ti,Fe, which forms by 
peritectoid reaction between 8 and TiFe in the 
vicinity of 1000°C. Re-examination of the Ti-Fe-O 
system has revealed the presence of two ternary 
phases, y and «. Parallel to the Ti-O side of the 
ternary diagram lies «. In this respect it resembles 
the Ti-Ni-O system. It appears at the same iron con- 
tent as Ti,Fe. If « represents Ti,Fe with a range of 
oxygen contents, the phase relationship at 1000°C 
can be obtained if several assumptions are fulfilled 

The y phase approximately corresponds to the 
formula Ti,Fe,O 
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Technical Note 


Sulfur Embrittlement of Cobalt 


by D. L. Martin 


‘oey mall amounts of impurities have a harm- 
ful effect on the malleability of metals and 
alloys is well-known. One common type of em- 
brittlement involves the formation of a small quan- 
tity of eutectic at the grain boundaries, and is typi- 
fied by sulfur embrittlement of nickel. Another ex- 
ample of eutectic embrittlement ulfur embrittle- 
ment of cobalt-——is described in this report 

In the preparation of 
Co-Pt alloys, it was observed that the hot 
ity of the alloys appeared to be influenced by the 
grade of cobalt used as melting stock. The cause of 
the hot-shortne was not traced to any particular 
although sulfur wa uspected 


pecimens for a study of 
swagabil- 


impurity 

The damaging action of sulfur on the malleability 
of cobalt has not been generally recognized, in 
pite of the fact that the Co-S phase diagram’ reveal 
the same basic condition low solubility and eutec- 
responsible for sulfur embrittlement 
of iron and nickel Apparently sulfur embrittle- 
ment has not been a serious problem in the fabrica- 
tion of cobalt alloys. One related factor is likely the 
limited commercial experience with high cobalt al- 
loys, since the predominant use of cobalt has been 
than 75 pet Co 


tic formation 


in alloys containing le 

A series of Co-S alloys was prepared and studied 
to establish the effect of sulfur on the hot working 
of cobalt. Specimens, % in. diam by 


vacuum melting in 


characteristics 
4 in. long, were prepared by 
magnesium oxide crucibles and casting in a copper 
mold. Two grades of low sulfur electrolytic cobalt 
were used as the basic material for the study, one 
from Johnson, Matthey and Co. and the other from 
the International Nickel Co. Each contained about 
99.5 pet Co and had a nominal sulfur content unde 
0.005 pet 

The sulfur was added initially as cobalt 
powder. Later, some low sulfur alloys 
pared by diluting the high sullur alloys with cobalt 
sulfur 
sulfide 


sulfide 
were pre- 


Trouble was experienced in controlling the 
content. Apparently much of the cobalt 
powder was lost during melting, as most of the 
samples contained a lower sulfur content than was 
added 

The alloys were evaluated for hot brittleness by 
heating to 1000°C in a hydrogen furnace and swag- 
ing in air. The results of these tests are summarized 
in Table I. All the alloys containing less than 0.008 
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Fig. 1—Intercrystalline cracks in sulfur embrittled cobalt are 
shown. LEFT: Fibrous fracture and cracks are in a hot 
swaged bar of cobalt containing 0.16 pct S. X2. RIGHT 
Intercrystalline cracks are in an embrittled bar of cobalt 
containing 0.014 pct S. Specimen was etched with 2 pct 
nital. X500. Area reduced approximately 35 pct for re 
production 


pet S were successfully hot swaged to ‘4 in. diam 
The bars containing more than 0.015 pet S could not 
be swaged because of the formation of intercrystal- 
line cracks similar to those illustrated in Fig. 1 


Examination of the microstructure of the cast bars 
revealed cobalt sulfide eutectic at the grain bound- 
aries, Fig. 2. The sulfide was not always continuous 
at grain boundaries in bars that were hot embrittled 
but, in general, the particles did form a network that 
could account for the brittleness above the eutectic 
temperature, 880°C. There is no question about the 
brittle nature of a specimen exhibiting a continuou 
sulfide network such as is shown in Fig. 2b, though 
a sulfide distribution similar to that in Fig. 2a i 
This particular bar cracked when hot- 
ulfur con- 


marginal 
swaged. However, other bars with lower 
tent but with some sulfide phase at grain boundari« 
were successfully worked 

The reduction of area of a hot tensile test specimen 
was also found to be a sensitive indicator of sulfur 
embrittlement. The variation of reduction of area 
with sulfur content is shown in Fig. 3 for specimen 
fractured at 900°C in an evacuated capsule. The 
ductility of cobalt is greatly reduced when the sulfur 
content exceeds 0.005 pct. Similar results were ob- 
tained for alloys tested at 800°C, below the eutectic 
temperature 

The upper sulfur embrittlement limit of 0.015 pet 
Table I, agrees with the observation of Kalmus’ that 
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cast cobalt containing 0.017 pet S (99.18 pet Co, 0.2 
pet Fe) could not be hot or cold swaged. He further 
observed that the metal crumbled at 900°C as though 
it were extremely hot short, although the sulfur con- 
tent was as low as 0.018 and 0.020 pet. Thus, Kalmus 
was close to the solution of the embrittlement prob- 
lem. Unfortunately, he was apparently misled by his 
observation that other grades of cobalt with higher 
sulfur content were ductile. For example, he found 
a cobalt containing 0.023 pct S, 0.06 pct Fe, and 0.09 


pet C ductile and attributed the ductility to the 


carbon 


Table |. Influence of Sulphur on the Hot Swagability of Cobalt 


Bars 
Cracked 


Kars 
Swaged 


sulfur 


Kehavior Wt Pet 


Ductile 0.004 
0 005 


x 


KKK 
x 


x x 


Brittle 0.017 


OM 


The increased ductility of Kalmus’ impure cobalt 


may also be explained on the assumption that the 


ulfur was combined with minor impurities, such 
as manganese or magnesium. Thus, the 
not free to combine with cobalt to form the damag- 
ing cobalt sulfide eutectic. This explanation cannot 
be checked, since Kalmus did not report the man- 
ganese or magnesium content. It is of interest, how- 
ever, to note that a comparable African Metals Corp 
cobalt, also high in 


manganese 


ulfur wa 


ulfur and carbon, was ductile 


reported and suggests a 


(0.05 pet C, 0.015 pet 


In this case, 
cavenger role for manganese 
S, 0.04 pet Mn) 

In a chemical analysis of cobalt, the 
figure is not total sulfur, but rather the sulfur free to 
form cobalt sulfide. Information on the partition of 
ulfur may be obtained by chemical determination 
by metallographic identification of 


ignificant 


or, more readily, 


Fig. 2—Micrographs show cobalt sulfide network in cast 
cobalt. LEFT: Embrittled cobalt contains 0.03 pct S. Speci 
men was etched with 2 pct nital. X1000. RIGHT: Embrittled 
cobalt contains 0.16 pct S. Specimen was etched with 2 pct 
nital, X1000 Area reduced approximately 35 pct for re 
production 
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Fig. 3—Damaging effect of sulfur on the ductility of cobalt 
is plotted. Tensile tests were made at 900°C in an evacu 
ated capsule 


the sulfides. Metallographic procedures similar to 
those described by Hall for nickel” could very likely 
be extended to identify the sulfide phases in cobalt 

The solution of the sulfur embrittlement problem 
in cobalt-rich alloys is simple in theory—use low 
ulfur cobalt melting stock or add scavenger ele- 
that react with the sulfur to form harmles 

However, if a high sulfur melting stock 1 
of magnesium or manganese ap 
Fleitmann long ago 


ment 

ulfide 
used, the addition 

pear to be suitable scavenge! 
discovered that magnesium addition 
as well as nickel, malleable,” and a preliminary 
tudy by the author indicates that manganese is also 
effective in reducing sulfur embrittlement of cobalt 
Bieber has found in the case of nickel that multiple 
effective in tying up sulfur, 
mall 


made cobalt, 


additions were very 
oxygen, and nitrogen, and he recommends that 
additions of titanium, boron, phosphorus, aluminum, 
manganese, and magnesium be made prior to casting 
to yield a product of excellent ductility It is not 
known whether a multiple addition 1 
worthwhile in the case of cobalt but, if additional 
embrittlement problems are encountered, the direc- 
clearly indicated by Bieber’s work 


cavenge!l 


tion to follow 1 
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On the Rate of Sintering 


Kuczynski’s formula has been derived for the case of nonspherical particles. Two 


formulae of Kuczynski’s type have been derived, one describing the increase in tensile 
strength, the other describing the progress of shrinkage of a powder compact. It has been 
shown that the exponents of all three formulae each contain two magnitudes of different 
physical characters, viz, the geometrical factor « and the kinetic factor 2. The interrela- 


OME ago Kuezynski’ experimentally 
howed that the radius, x, of the area of contact 
between very small spherical metal particles and a 


metallic block is related to the time of sintering, t, 
by the following equation 


constant t* [1] 


where k has the value 1/5 or 1/7. Assuming that 
the metal particles were perfect spheres and the 
metallic block was perfectly flat, he derived the 
foregoing equation from theoretical considerations 
of the process of material transport in metals, and 
he showed that exponent k is different for different 
mechanisms of transport, e.g., k % for viscous 
flow (according to Frenkel’), k 1/3 for evapora- 
tion and condensation, k 1/5 for volume diffusion, 
and | 1/7 for surface diffusion 

From this Kuezynski concluded that the mecha- 
nism of transport was either volume diffusion or 
urface diffusion, depending on whether the value 
of k, as found in his experiments, was 1/5 or 1/7 
Subsequently, Cabrera’ corrected Kuczynski’s cal- 
culations with regard to surface diffusion, showing 
that the theoretical value of exponent k is 1/5 for 
both volume and surface diffusion. He supposed that 
the different experimental values of k were due to 
slight differences in the shape of the metal particles 

An exponential relationship similar to the afore- 
mentioned was found by Okamura, Masuda, and 
Kikuta,, Masuda and Kikuta,” and Takasaki*® when 
studying the rate of shrinkage on powder compacts 
during sintering. The authors measured the shrink- 
age by means of the fraction u V V./V, ee 
where V, is the volume of the green compact, V. is 
the volume of the sintered compact, and V,, is the 
volume of the compact in its densest state. This 
fraction, w, they found, is related to the time of sin- 
tering, t, by the equation 


w constant t” [2] 


Further, Bockstiegel, Masing. and Zapf observed 
that the tensile strength, «, of sintering iron powder 
compacts can also be related to the time of sinter- 
ing, t, by an equation of the foregoing type, ie., 


constant t" [3] 


For exponent n the values 0.28 (2/7) and 0.35 
(- 2/5) were obtained, and the authors pointed out 
that there might exist a simple interrelation be- 
tween exponent n as found in their experiments and 
exponent k in Kuezynski’s equation. The authors 
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tionships between the three exponents are stated. 


by Gerhard Bockstiegel 


n, since the strength of adhesion 


supposed that 2k 
between a metal sphere and a block (as in Kuczyn- 
ski’s experiments) must approximately be propor- 
tional to their contact area, 2-2 


Theoretical Considerations 

This paper is an attempt to correlate the funda- 
mental experiments of Kuczynski’s type with the 
results obtained with powder compacts as repre- 
sented by Eqs. 2 and 3. In particular, the paper is to 
show how the rate of sintering is influenced by the 
geometry of the sintering particles and by the type 
of material transport. As the geometry of particles 
conglomerating in a powder compact is very com- 
plex, some simplifying assumption has to be made, 
of course, in order to adapt the problem to mathe- 
matical treatment. In the following paragraph a 
suitable simplification is introduced, and Kuczynski’s 
formula is derived for the case of nonspherical 


particles 


> - 


Fig. |—Diagram 
Ahir illustrates contact 
between two non 
spherical particles; 
a is the area of con 
tact, and b is the 
intersection 

a 


Relation Between Area of Contact and Sintering 
Time—As the face of contact between two particles 
in a sintering powder compact is not necessarily a 
circle (as in the case of spheres sintering to a block), 
Kuczynski’s formula is modified as follows 

Let the perimeter of the face of contact be de- 
scribed by means of polar coordinates R, 4, as shown 
in Fig. la, so the area of contact, f, is determined by 


f (Rw) [4] 
Then, let the two particles be intersected by a plane 
perpendicular to area f 

The intersection is shown in Fig. lb. According 
to the nomenclature in this figure, the distance, h, 
between the surfaces of the two particles is a func- 
tion of r and 4: h h(r,¢). For the particular case 
of spherical particles, as in Kuczynski’s theory, this 
function becomes: h = constant 7°. It shall be as- 
sumed here that in the close neighborhood of their 
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Fig. 2—Diagram illustrates Gauss distribution of the indi 
vidual exponents (v) in a powder compact 
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Fig. 3—Chart shows increase in tensile strength on iron 
powder compacts during sintering The sintering atmosphere 
is dry hydrogen (after Bockstiege!, Masing, and Zapf) 
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Fig. 4—Chart illustrates increase in tensile strength on iron 
powder compacts during sintering (after Bockstiegel) 
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contact the surfaces of the two particles under con- 
sideration are parabolic shells of the same degree, 
a, Le., distance, h, between them can be expressed by 


hi(r, &) [5] 


As long as sintering has not progressed too far, 1.e., 
as long as a sufficiently small district around the 
contact is regarded, this assumption may be a rather 
good approximation to reality 

During sintering, area of contact f increases due 
to material being transported from inside the par- 
ticles to the neck between them, Let dv be the vol- 
ume of material transported through the area of 
cross section q during time interval dt, and let G 
be the flow of material per unit time through a unit 
area of cross section. So the volume rate of trans- 
ported material is given by 


dv/dt — constant [6] 


In case volume diffusion is the mechanism of trans- 
port involved, the flow is given by G = constant 
D - gradient c, where D is the diffusivity factor and 
c is the concentration of vacancies inside the crystal 
lattice. According to Kuezynski, the concentration 
gradient, gradient c, is proportional to 1/p’, where 
p is the radius of curvature on the neck between the 
two particl Further, dv is approximately equal to 
q:dR, where dR is the increase of radius R during 
time interval dt. So Eq. 6 transforms into 


dR/dt — constant/p {7} 


Similar differential equations are obtained if the 
other types of aforementioned material transport 
are considered. The general form of Eq, 7 is 


dR/dt — constant/p’” | 8] 


where 8 has one of the following values, depending 
on the type of material transport under considera 
tion: B \ (viscous flow), 8 1 (evaporation and 
condensation), or 8 2 (volume diffusion) 

The differential equation, Eq. 8, may be solved if 
a relationship can be found between radius of cur 
vature p and radius of contact area R. The curva 
ture of the surface of the neck between the particles 
can be assumed as of a small circle of the radius p 
which fits into the space between the particles as 
shown in Fig. lb. As can easily be derived by a 
more detailed calculation, re '.us p is proportional to 
h(R, 4), as long as p R. Since h(R, 4) a(d)-R*, 
Eq. 8 transforms into 


dR/dt — constant/(a-R*)’ [9] 
The solution of this equation | 
R constant [a(¢)]°" [10] 


Jecause of Eq. 4, it finally follows that 


f constant J {il ] 


and from this it appears that the area of contact, f, 
between two nonspherical particles is related to the 
time of sintering, t, by an equation of Kuczynski’ 
type 

In order to facilitate further calculations, thi 
equation may be written in the following form 


f(t,v) f(r, v)+(t/r)’ [12] 


where 2/(aB + 1), and f(t,v) and f(r,v) are the 
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Fig. 5-—Chart illustrates increase in tensile strength on iron 
powder compacts during sintering. Data is according to 
Libsch, Volterra, and Wulff 
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Fig. 7-Chort illustrates shrinkage on iron powder compacts 


during sintering (after Masuda and Kikuta) 
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areas of contact after sintering times t and r, respec- 
tively 

The exponent of Eq. 12 which, with the exception 
of a factor of two corresponds to that given by 
Kuczynski, includes two magnitudes of different 
characters: the structural factor a and the kinetic 
factor 8. The first factor owes its occurrence to the 
geometrical structure of the sintering particles and 
the other to the type of material transport 


Relation Between Tensile Strength and Sintering 
Time—In order to derive the exponential relation- 
ship between tensile strength and sintering time as 
found experimentally by Bockstiegel, Masing and 
Zapf, the assumption is made that the maximum 
load which a sintered test bar can withstand is 
proportional to the total sum, F, of its contact areas 
During sintering, each individual area of contact 
grows according to an exponential relation of the 
type obtained in Eq. 12. The exponents of these 
individual relationships, however, may be different 
from each other 

If g(v)-dv is the number of those contact areas 
that are growing according to an exponential rela- 
tionship having its exponent between wv and » + dbp, 
the total area F can be expressed by 


F(t) v)-ds [13] 


The limits of integration are here assumed to be 
0 and 2, because for geometrical reasons a can vary 
only between + ~« and 0, and since : 2/(aB + 1), 
v is restricted to values between 0 to 2 

In order to solve the integral, it is assumed that 
the majority of contact areas grow in proportion to 
t® (nm<1), while the number of areas growing in 
proportion to t’ decreases rapidly as the deviation 
nm-—vw increases. This can be described by means 
of a Gauss function as follows 


glv)di exp [—(n —v)*/2b’|]dv [14] 


/2ab 


where b is the standard deviation, and N is a con- 


stant factor which is approximately equal to the 
total number of contact areas in the compact. By 
making the restriction b n/3.09, the actual num- 
ber of contact areas (all having their exponents be- 
tween 1 0 and 2) fills more than 99.9 pct of the 
entire Gauss distribution. In other words, the actual 
number of contact areas is equal to 0.999 N (see 
Fig. 2). Because of this, only a very slight error 
will result if the following integration is extended 
from * to +~% instead of from 0 to 2 

Hence, from Eqs. 12-14 it follows that 


N 
F(t) f (rw) (t/r) 
2a b 
exp [—(n — v)*/2b [15] 


Putting 1 n y and using the identity (t/r)’ 
exp [y-log(t/r) ], the solution of Eq. 15 becomes 


b 
F(t) N-f(r,n +y)>-(t/r)"-exp [log (t/r) | 
[16] 
where y is some definite mean value lying between 


b and +b and to close approximation is independ- 
ent of t 
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Fig. 8—Chart illustrates shrinkage on nickel powder com 
pacts during sintering (after Masuda and Kikuta) 


More simply this equation may be written 


F(t) F(r)-(t/r) [17] 


where F(,) stands for N-f(+,n + y), and An stand 


for [b*-log(t/r) | 
If, as assumed above, the maximum load, L, which 


a sintered test bar can withstand is proportional to 
F, and if tensile strength in this case is determined 
by a L/Q, where Q is the cross section of the green 
test bar (this in order to eliminate the influence of 
hrinkage), then it follows from Eq. 17 that 


a(t) [18] 


strength 
intering time t. The 


that tensile increase 


nth power of 


Thus it 
mainly with the 
time term An in the exponent of the equation i 


appcal 


negligible in almost all practicable cases, as the 


following estimation will prove 

Let the experimental proof of Eq. 18 be carried 
out, for example, in the range covering sintering 
times between ; 4, h andt 4h, and let the ex- 
ponent n have the value 0.300 at sintering times in 
the close neighborhood of “4 h. Let the standard de- 
viation b have the value 0.05 (which means that more 
in the test bar grow 
0.25 or 


intering time 


than 32 pct of all contact area 
with powers of t which are smaller than : 
larger than : 0.35). Then 
of 4h, the exponent will have increased to n + An 
0.3 + 0.0035. In other words, the 
the a about | pet 


ron howeve! 


after a 


variation An/n in 
Such slight varia- 


would entirely escape notice, 


umed range 
because 


obtained from tensile 


pread of value 


the normal 
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test on sintered material is of the same order of 
magnitude 
The validity of Eq. 18 is, 


intering time, 1.e., the 


of course, limited by a 


maximum intering time at 
which the agglomeration of the powder particles has 
no longer true to speak 
In that state of sintering 
ection one do not hold, 


progressed so far that it i 
of growing contact area 
the assumptions made in 
and the whole matter has to be discussed in the light 
of shrinking pores instead 
For comparison with the 
results obtained by the author in a previous investi- 
gation and the results obtained earler by Libsch, 
Volterra, and Wulff are given in Figs. 3 to 5. The 
values for n as obtained from the data given in these 
figures are 0.28, 0.35, and 0.4, re: 
Relation between Shrinkage and Sintering Time— 
As shown in the foregoing paragraphs the area of 
particles 


experimental data, the 


pectively 


contact between two adjoining increase 
due to material transport taking place during sin- 
tering. In order to derive a relationship between 
time, it now has to be 


imultaneously 


shrinkage and sintering 


taken into consideration that, with 
the growing of their contact area, adjacent particle 

interpenetrate more and more. The degree of inter- 
represented by the 


shown 


penetration of two particle 
reduction, s, of their central distance, D, a: 
in Fig. 6 

First a relationship between s and sintering time 
follow It is evident that the 
volume of material which has to be displaced until 
the interpenetration s is obtained is the 
lenticular body appearing as a 
hatched area in the ketch in Fig. 6. All the di 
placed material, on the other hand, forms the annu 
lar body which in the same sketch appears as two 
crosshatched area Therefore, the volume of 
are equal, as described by the fol 


t can be derived a 


ame as the 


volume of the 


these two 
lowing equation 


[h(r, b) 


where h(r, 4) a(d)-r* is the function introduced 
by Eq. 5, and R(4¢4) constant a(d) 


dr r-dd 0 [19] 
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Fig. 9—Chart illustrates shrinkage on iron powder compacts 
during sintering (after Takasaki 


MAY 1956, JOURNAL OF METALS—583 


SA 
-#2 
zo” 
-# 
- iron 


(un) 
Jo 60 


wet hydrogen (o°C) 
840% 


wall | 
730% 


\ 


--8 


25 +o 
log ¢ (sac) 


Fig. 10-——Chart illustrates shrinkage on copper powder com 
pacts during sintering (after Takasaki) 


After carrying out the integration it follows that 


S constant ald) a(d)”* 
(20] 


or, expressed in a form more suitable for furthe 


calculations 


8(r,v)+(t/r) ™ [21] 


where (2 — v)/28 a/(aB + 1) and v = 2/(aB + 1) 

The relationship so obtained between s and sin- 
tering time t represents the shrinkage with respect 
to one pair of sintering particles. The shrinkage of 
a whole powder compact, however, is usually meas- 
ured by means of the fraction w ~ V, — V./V, — V.., 
as already discussed in the introduction 

In order to transfer the result of Eq. 21 to the 
case of a sintering powder compact, a relationship 
This can be ob- 


S(t,w) 


between w and s has to be found 
tained as follows. Let D be the value obtained by 
averaging the central distances, D, between every 
two adjacent particles in the compact. The volume 
of the green compact, V,, becomes proportional to 
D*. Analogously, the volume of the sintered compact 
V, becomes proportional to (D —s)’, 
where s is the reduction of D as discussed previous- 


ly. Then 
V \° 
w J] 
V D 


8)/D)° can be closely 
Therefore, it follows 


D, the term (D 
(38/D) 


As long as s 
approximated by 1 
that 

Ww constant s [22] 
where all magnitudes which do not contain sinter- 
ing time are taken into the constant factor of 
proportionality 


Evidently the mean value s has to be determined by 


[23] 
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where g(v) is the Gauss function as introduced by 
Eq. 14. With Eq. 21 it now follows 


s(t) 
/2ab 
(n v)* 
ex di 24 
Pp [24] 


This integral is of the same type as already treated 
in section two, and analogously the solution of Eq 


23 is 
s(t) [25] 
where m (2 — n)/2f, and Am (b*/2f") -log(t/r) 
So, with Eq. 22, it finally follows that 
w(t) w(r)-(t/r)”™ 


The variation Am in m with sintering time is en- 
tirely negligible, as explained in section two. For 
comparison with experimental data, the results ob- 
tained by Masuda and Kikuta, and by Takasaki, are 
shown in Figs. 7 to 10. 


[26] 


Conclusion 

Summarizing the results of the foregoing theoret- 
ical investigation, the following three relationships 
are stated: 1) the area of contact between two 
particles grows with sintering time according to: 
f(t) f(r) - (t/7Q", v 2/aB + 1). 2) The tensile 
strength of a powder compact grows with sintering 
time according to: a(t) a(r)-(t/r)", nm [v]. 3) 
The shrinkage of a powder compact progresses with 
sintering time according to: w(t) w(r)-(t/r)”, 

2p 
of v which appears in the compact. 

According to this, the kinetic factor 8 can be de- 
termined as follows. If the increase in tensile 
strength and the progress of shrinkage with sinter- 
ing time are both measured on the same series of 
powder compacts, two corresponding exponents, n 
and m, can be obtained, and the kinetic factor 8 can be 
calculated by means of the relation 8 (2 —n)/2m 

It might be of interest to review Kuczynski’s expe- 
riments in the light of the results obtained here 
According to the results in section one, the exponent 
k in Kuezynski’s formula is determined by 
k 1/(aB + 1). Hence, the product a-f takes the 
value 4 if k 1/5 and the value 6 if k 1/7. Sup- 
pose volume diffusion (8 = 2) is the mechanism of 
transport involved in both cases. Then, a takes the 
value 2 if k 1/5 and the value 3 if k 1/7. This 
means that, in the first case, the particle is a perfect 
sphere; in the second case, however, the particle is 
shaped like a paraboloid of the third degree in the 
neighborhood of its contact with the block. As the 
sketch in Fig. 11 shows, such a paraboloid need not 


m , where [v! is the most frequent value 


Fig. 11—Diagram ‘ 
illustrates parabolic o A 
deviation from 
spherical shape | 
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deviate considerably from the spherical shape, and 
it might be very difficult, if not impossible, to decide 
in actual practice whether a particle of only a few 4 
diam is a perfect sphere or partially shaped like a 
paraboloid. Thus the author thinks is very likely 
that volume diffusion was the only mechanism of 
transport involved in Kuczynski’s experiments, and 
that the exponent 1/7 is not due to surface diffusion, 
but is caused by the extremely small particles de- 
viating slightly from spherical shape 

Though based on assumptions which rather sim- 
plify the geometry, the results of this paper show 
that the experimental data obtained with sintering 
powder compacts can, in principle, be related to 
Kuczynski’s fundamental experiments. In particu- 
lar, this paper may give some conception of how 
statistics and geometry are involved in theory of 
sintering. 


Summary 
1—Kuczynski’s formula has been derived for the 
case of nonspherical particles 
2—Two formulae of Kuczynski’s type have been 
derived, one describing the increase in tensile 
strength, the other describing the progress of 
shrinkage of a powder compact 
3—It has been shown that the exponents of all 
three formulae each contain two magnitudes of dif- 


the geometrical fac- 
The interrelationships 


ferent physical characters, viz., 


tor a and the kinetic factor 8 
between the three exponents are stated 
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Evidence for Solidification of a Metastable 


Phase in Fe-Ni Alloys 


Particles ~3 to 30 » diam of a 29.5 pct Ni, 70.5 pct Fe alloy after being melted and 
solidified while falling through a hydrogen atmosphere were found to contain a distortion 
free body-centered-cubic phase. In most particles, the amount of body-centered-cubic 
phase approaches or equals 100 pct. It was shown by a series of experiments that this 
phase forms directly from the liquid. It is pointed out that a mechanism previously sug- 
gested in recent papers on the theory of the liquid-solid transformation can account for the 
solidification of body-centered-cubic phase in a temperature range where face-centered- 


cubic is the stable phase. 


N the course of an operation to produce powders 

for a study of the martensitic transformation in 
Fe-Ni alloys, an unexpected phenomenon was ob- 
served. Powders of a 29.5 pct Ni alloy, which has a 
subzero M, temperature, were found to contain con- 
siderable amounts of a body-centered-cubic phase at 
room temperature. The experiments to be described 
were designed to elucidate the mode of formation of 
this unexpected phase 


Experiments and Discussion 
An alloy containing 29.5 wt pct Ni, balance iron, 
was vacuum melted from high purity electrolytic 
iron and carbonyl! nickel shot and solidified in the 
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crucible. The metal was converted to oxide, ground 
to 100 pet <37p, pressed to a cake, and homogenized 
20 hr at 1350°C. To insure homogeneity the grind- 
ing, pressing, and homogenizing heat treatment was 
repeated a second time. The oxide was then ground 
to 100 pet <37¢ and hydrogen reduced at 500°C, The 
reduced powder was spheroidizing treatment 
to produce spherical cast particles. The treatment 
consisted of dispersing the particles in hydrogen and 
allowing them to drop through a vertical hydrogen 
furnace set to a temperature higher than the liquidus 
of the alloy. This operation, commonly known as 
shotting, has been described more fully elsewhere 

The powder produced by this method was found 
to contain approximately equal parts of body-cen- 
tered-cubic and face-centered-cubic phases. A mag- 
technique, previously described,’ 
was applied, and it was found that particles were 
either face-centered-cubic or nearly 
completely The miucrostruc- 


Riven a 


netic separation 


completely 
body-centered-cubic 
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a) Body centered 
cubic « phase par 
ticles resulted trom 
magnetic separation 
of a mixture of « 
and particles 


of the 
cubic and face-centered-cubic particles are illus- 
trated in Fig. 1. The body-centered-cubic particle 
are relatively small in size and, in nearly all cases. 
ingle crystals. The face-centered-cubic particles, on 
the other hand, are larger and are nearly all finely 
talline. The surface of one face-centered- 
illustrating the thermally etched 
grooves present on the surface, may 


ture eparated specimens of body-centered- 


polyery 
cubic particle 
boundar y 
be seen in the inset. A few ingle crystal face-cen- 
tered-cubic particles are evident in the micrograph 

It was found from examination of the X-ray dif- 
fraction peaks that the body-centered-cubi phase 
was remarkably free from lattice distortion as com- 
pared to martensitic body-centered-cubic phase of 
the same composition. Accordingly this distortion- 


labeled « to differentiate it from 
) 


free phase j 
the highly strained martensitic phase. Fig. 2 com- 
pares the shape of the (211) « peak with the (211) 
martensitic peak of the same alloy. The martensitic 
phase was produced by cooling y (face-centered- 
cubic) particles to a subzero temperature 

The « phase in these powders could have formed 
either by a solid state transformation or by direct 
olidification from the liquid. To test the former pos- 
ibility, a quantity of powder consisting entirely of 
y particles was dispersed in hydrogen and reheated 


Fig. 2—Dittracted 
intensity from (211) 
body centered cubic 
« phase and (211) 

' body centered cubic 
martensite M 
phase of the same 


*. alloy composition as 
tunction of 20 dif 
an, traction angle is 
plotted. Radiation is 
Crke 


Fig. 1—Micrographs show sectioned particles after melting and solidifying under 
hydrogen atmosphere. X1000. Area reduced approximately 45 pct for reproduction 


b) Face-centered 
cubic + phase par 
ticles remained after 
magnetic removal of 
a particles trom 
mixture 


to just below the solidus temperature by passing 
through the shotting furnace set to a temperature of 
1300°C. The microstructure of the reheated parti- 
cles, Fig. 3, showed that this treatment was sufficient 
to cause grain boundaries to be annealed out of most 
particles, The reheated y powder was examined both 
magnetically and by X-ray diffraction analysis for 
the presence of a phase. No trace of a could be found 
Thus, for these particles, both in the polycrystalline 
and monocrystalline state, no evidence of a solid 
state y —» a transformation was observed above room 
temperature 

A quantity of «a phase powder was next passed 
through the shotting furnace set to a temperature of 
1300°C. The microstructure of the particles afte: 
this treatment was similar to that of the particles in 
Fig. 3. However, it was found that the particles had 
been entirely converted to the y phase 

These results indicate that in the temperature 
region 25° to 1300°C only the a— 
can proceed in the time interval of the present ex- 
periments. Thus, by elimination of the possibility of 
a solid state y — a transformation, the conclusion is 
reached that the « phase must have formed by 
solidification 

It can be seen, Fig. 4, by projecting the liquidus 
and solidus of the 6 phase of the Fe-Ni system that 
body-centered-cubic 


transformation 


the melting temperature of 
phase is only slightly lower than that of face-cen- 
tered-cubic phase; i.e., body-centered-cubic is only 
slightly less stable than face-centered-cubic. When 
olidification is not induced by extraneous impurities 
a particle can be supercooled to within about 0.82 of 
its absolute melting temperature.’ A particle of 29.5 
pet Ni alloy supercooled to this extent could then 
solidify to either face-centered-cubic or body-cen- 
tered-cubic phase, since both are stable relative to 
the liquid at this temperature. The structure which 
is preferentially nucleated is the one which has the 
lowest critical nucleus energy 

The previously described results can be explained 
by postulating that in nearly all particles, solidifica- 
tion wes induced by nucleation of the solid phase at 
a temperature corresponding to a large degree of 
undercooling. The solid which nucleated under thes« 
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conditions was body-centered-cubic. Immediately 
following solidification, nuclei of y phase began 
forming at random in the a phase. The probability of 
a y nucleus forming in a given particle by thermal 
fluctuations is proportional to diameter squared o1 
cubed (surface or volume nucleation). Once nucle- 
ated, the a — y transformation proceeds at a very 
rapid rate and, in most cases, is completed before the 
particle cools to room temperature. The large parti- 
cles, which very likely contain many imperfections 
after solidification, have many y nuclei formed in 
them. These are found to be fine grained after com- 
pletion of the a — y transformation. Some of the 
particles in the body-centered-cubic fraction appar- 
ently have had the y phase nucleate on the surface 
and grow radially into the particle. Fig. 1 shows a 
few particles having a single crystal center sur- 
rounded by a polycrystalline band. It is suggested 
that these particles were cooled to room temperature 
before completion of the a — y transformation 
These partially transformed particles could be the 
source of the minor amounts of y constituent ob- 
served, by X-ray diffraction, in the a@ particles 

If the explanation is correct, the phase most likely 
to be found in a given particle is primarily a func- 
tion of its size. The hypothesis was therefore tested 
by remelting separately the particles which had 
originally been retained in the a and in the y phases, 
respectively. Fig. 5, parts Ila and IIIb, summarizes 
the treatment, the fractions by weight of particles 
retained in the a and in the y phase as a result of the 
treatment, and the percentages of constituents in 
each fraction of the specimen. The earlier described 
experiments on these powders are included in Fig. 5, 
parts I, Ila, and IIb, and constitute the thermal his- 
tory of the particles 

The particle size distribution of a powder speci- 
men does not remain unchanged after having been 
subjected to a shotting treatment. Some fusion of 
molten particles occurs. This results in a broadening 
to larger sizes of the size distribution curve. In a 
series of experiments, this fusion of particles causes 
the single powder specimen to have a different size 
distribution after each treatment. No evidence wa: 
found of particles adhering in clumps, 1e., no solid 
state sintering of particles during the shotting treat- 
ment 

The possibility of composition segregation was 
tested by chemically analyzing the a phase powder 
resulting from treatment Illa and the y phase pow- 
der resulting from treatment IIIb. The two speci- 
mens were found to be identical in nickel content 
within the limits of uncertainty of the chemical 
analyse 

Particle diameter distribution curves were meas- 
ured for the a and y powders resulting from treat- 
ments Illa and IIIb. These were converted to volume 
distribution curves, and the total volume (area un- 
der the volume distribution curve) was adjusted to 
be proportional to the amount by weight of each 
corresponding specimen. The four adjusted volume 
distribution curves are shown in Fig. 6. The relative 
numbers of particles having diameter, D, in the four 
different specimens can be compared directly by 
comparing the ordinates of the curves. It is immedi- 
ately apparent that the particle diameter at which 
equal numbers of particles are retained in the a and 
y phase is nearly the same in specimen b as in speci- 
men a. This occurs independently of the different 
initial structures of specimens a and b and the dif- 
ferent particle size distributions. The result strongly 


Fig. 3—Micrograph 
shows » phase 
particles reheated to 
1300°C by dropping 
through shot tower 
X1000. Area reduced 
approximately 45 pct 
for reproduction 


= 
, 4 
7 
é ' 
7 
4 
4 
> 
PER CONT 
Fig. 4—Diagram shows 5 phase region of Fe Ni equilibrium 
REOUCED POWDER~ 3-30 » 
29.5(WT) % NI, BALANCE Fe 
Above Quious) | 
MAGNET 
94.35 ) ( 00 %y 
Y 
P 
SHOT TOWER (300°C | Ib | s00% 
BELOW SOL!0US) | SOL!0US 
\\ 
* 996 99% 
69.1 wy ‘ / 
ABovE 4 us (apove 
Jee >\ 24 arr 
“67.9 %e \ 79.9 00 
( 00 ) ( 20.1 %y ( 


2.' 


Fig. 5—Diagram gives summary of experiments on Fe Ni 
alloy powders. The reference number of the treatment is 
given in Roman numerals. Descriptions of heat treatments 
are given in rectangles. Relative weights of powder speci 
mens, after a treatment and magnetic separation of particles, 
are shown in the slanted lines. Percentages of constituents 
in powder specimens are shown in ellipses 
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Fig. 6—Volume distribution curves of « and + phase particles 
alter treatment Nos. Illa and IIb are plotted 
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Fig. 7—Time-temperature curve for a 13« diam particle on 
falling through lower half of vertical hydrogen shotting fur 
nace is plotted 


supports the hypothesis of random nucleation of y 
by thermal fluctuations, following solidification to a 
phase 

The time at elevated temperature is also an im- 
portant factor in determining whether or not the 
a — y» transformation will occur in a particle. It has 
been pointed out earlier that a single heat treatment 
to 1300°C was sufficient to permit all a particles to 
become completely transformed 

Fig. 7 illustrates the thermal history of a 13 » par- 
ticle, starting in the liquid state at the center of the 
furnace. Stokes’ law of falling velocity was assumed, 
and the particle temperature derived from the fur- 
nace temperature distribution curve. When solidifi- 
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cL.es 


oF PART 


20 
PARTICLE DIAMETER (MICRONS 
Fig. 8—Particle size hystogram of + phase particles resulting 
from treatment No. Illa is shown 


cation occurs, the latent heat of fusion causes the 
particle to be heated to the a phase solidus. Assum- 
ing no heat loss during the reheating to the solidus 
temperature and heat loss only by radiation during 
solidification, a 13 y» particle would be held at the 
solidus temperature about 1/20 sec. It is believed 
that this is the most critical period, both for nucle- 
ation and growth of y. The time at the solidus tem- 
perature is a direct function of the ratio of heat 
radiating surface to heat emitting volume. Large 
particles would therefore be retained at this temper- 
ature longer than would small particles. This time at 
temperature of recalescence would act to increase 
the particle size effect on the a — y transformation 
caused by random nucleation of y in the a particles. 

The cooling rate of the particles, aside from the 
thermal spike caused by liberation of the latent heat 
of fusion, decreases with particle size. This is due 
to the effect of particle size on the falling velocity 
through the furnace hot zone. For a 13 » particle, it 
is 100° per sec at 1100°C. A 4 w particle at the same 
temperature cools at a rate of 10° per sec; a factor of 
10 slower. It would be expected that, due to the 
slower cooling, very small a particles would show a 
tendency to transform to y. The particle size distri- 
bution curve of y particles after treatment Illa ex- 
hibits a distinct peak at 4 w. Fig. 8 shows the orig- 
inal number vs particle diameter hystogram. The 
very small y particles contribute a negligible vol- 
ume. Therefore, they are not seen in the volume 
distribution curve of Fig. 6. 


Results on Other Fe-Ni Alloys 

The distortion-free body-centered-cubic phase 
was also found in similarly prepared powders of 
pure iron, 10 pet Ni-90 pct Fe, 20 pct Ni-80 pct Fe, 
25 pet Ni-75 pet Fe, and 32 pet Ni-68 pct Fe alloys 
Only in the 29.5 pet Ni and 32 pct Ni alloys was a 
portion of the powder found to contain y at room 
temperature. For this reason, experiments to estab- 
lish the mode of formation of the body-centered- 
cubic phase could only be conducted on the 29.5 pct 
Ni and 32 pet Ni alloys 


Conclusions 
It has been shown that body-centered-cubic phase 
nucleates from the liquid in small particles of a 29.5 
pet Ni-70.5 pet Fe alloy. The evidence available to 
date on pure iron and other Fe-Ni alloys indicates that 
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the same phenomenon probably occurs in pure iron References 
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‘ f ppled Phys 1950 4 I 1022 
macroscopic phase ‘J. H. Hollomon and D. Turnbull: Nucleation. Progress in Met 
Acknowledgment Physics 1953) IV, p. 353. London tf ’ m Pres 
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Fracture of Magnesium Alloys at Low Temperature 


The flow and fracture strengths of polycrystalline aggregates of high purity mag- 
nesium and a solid solution of aluminum in magnesium were determined as functions 
of temperature and grain size. Magnesium was found to obey two distinct fracture laws. 
Over the high temperature range, the fracture stress decreased with increasing test 
temperatures in a manner that closely paralleled the flow stress-temperature relation. 
ship. However, over the low temperature range, the fracture stress was independent of 
the test temperature though highly dependent on grain size, following the trend that 
is typical for the low temperature brittle fracturing of polycrystalline aggregates of 
body-centered-cubic and close-packed-hexagonal metals. Even at 78°K, however, plastic 
strains of | to 7 pct were obtained preceding onset of brittle fracturing. Over the brittle 
fracture range of temperatures, the fracture stress increased linearly with the reciprocal 
of the square root of the mean grain diameter, while over the entire range of tempera- 
tures investigated, the flow strength was observed to increase linearly with the reciprocal 
of the square root of the mean grain diameter. 


by Frank E. Hauser, Philip R. Landon, and John E. Dorn 


REVIOUS investigation have shown that de- 35,000 
formation of coarse grained aggregates of high 


purity magnesium is interrupted by fracturing at 
very small strain Such tendency toward brittle 


But, as will be shown, the low temperature fracture 
laws for magnesium are analogous to those that 


fracturing increased with increasing grain size and 30,000 } ’ 
decreasing test temperature. In several respect 
however, low temperature fracturing of magnesium 
appeared to differ from the truly brittle type ex- 
hibited by zinc, molybdenum, tungsten, and iron, so 25,000 
often characterized as a cleavage mode of fracturing 4 
The absence of a well-defined cleavage mecha- 
nism for fracturing and the fact that some plastic © ane | 
deformation precedes fracturing might suggest that A 
magnesium does not exhibit the same kind of brittle we TESTING TEMPERATURE, 786°K 
fracturing that is common to body-centered-cubi . 
metals and to other close-pac ked-hexagonal! metal 15.000 pony 
AM 


O06mm ANNEALED 
OQ | mm ANNEALED 
PRESTRAINED IN 


TENSION 10% AT 
150 °C 
i mm PRESTRAINED BY 
CREEP iO% AT 


apply to iron, molybdenum, tungsten, and zine in 
spite of differences in mechanisms and in plasti 10,000 
strains to fracture In view of these observations, 
the low temperature fracturing of magnesium will 
also be called brittle fracturing. This, of course, 


O00 
does not imply that the brittle fracturing of metal 5000 soo "< 
| ynonymous with the brittle fracturing of gla 
or other nonmetallic Whereas the brittle fractur- 
ing of glass probably obeys Griffith's law, the low 
temperature brittle fracturing of metals arises from % , 2 3 4 
tresses induced by a series of dislocations piled up 

TRUE PLASTIC STRAIN, £, PERCENT 


at an opaque grain boundary 
Fig. |—Effect of prestraining on the low temperature tensile 


F. E. HAUSER and P. R. LANDON are Research Engineers, Insti properties of magnesium is plotted 
tute of Engineering Research, University of California. J. —. DORN, 
Member AIME, is Professor of Physical Metallurgy, University of Experimental Results 
Calitorma, Berkeley, Calit All tests were made on tensile bars having gage 
TP 4191E Manuscript, May 6, 1955. New York Meeting, Febru ections that were 2 in. long and 0.375 or 0.25 in 
ary 1956 wide In order to develop a series of grain sizes, the 
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Fig. 2—Flow and fracture stress are plotted for high purity 


magnesium. Triangle represents 02 pct strain; circle, 1.0 
pet strain; square, 2.0 pct strain; inverted triangle, 3.0 pct 
strain; cross, 6.0 pct strain; and cross in square, fracture 
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Fig. 3—Flow and fracture stress for Mg-2 pct Al alloy are 
plotted. Triangle represents 0.2 pct strain; circle, 1.0 pet 
strain; square, 2.0 pct strain; inverted triangle, 3.0 pct 
strain; cross, 6.0 pet strain; and cross in square, fracture 
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specimens were treated as shown in Tables I and II 
The hot rolling and annealing treatment of the pure 
magnesium was used to develop a finer grain size 
than that of the as-extruded stock 


Table |. High Purity Magnesium, 99.97 Pct Mg, Annealing 
Treatment in Dilute SO. Atm 


Tempera- Mean Grain 
Original Time, ture, Diameter, 
Neo Condition ur Mim 
1A Extruded and Machined 1 610 1.0 
2A Extruded and Machined ] 475 0.25, 
Some Duplex 
tA Extruded and Machined 1 150 0.060 
4A Extruded, Rolled 20 Pct 1 260 0.026 


at 260°C, and Machined 


Complete stress-strain curves were obtained over 
a series of temperatures for each grain size. In addi- 
tion, two different grain sizes of the high purity 
magnesium were prestrained 10 pct at elevated 
temperatures preliminary to tensile testing at 78°K 


Table Il. High Purity Magnesium Alloy Containing 2 Pct Al, 
Annealing Treatment in Dilute SO. Atm 


Tempera- Mean Grain 
Original Time, ture, Diameter, 
Neo Condition ur Mm 


iB Extruded and Machined 90 90 1.0 

2B Extruded and Machined 1 50 0.23 

1B Extruded and Machined 1 170 0.07 
Some Duplex 

4b Extruded and Machined No Additional 0.038 


Heat Treatment 


Tensile curves illustrating the effect of prestraining 
on the tensile properties are given in Fig. 1. In ordet 
to permit a more direct analysis of the results, the 
residual data are given in terms of stress vs tem- 
perature diagrams for a series of plastic strains and 
for fracture as shown in Figs. 2 to 5 


Discussion 

The data reported in Figs. 4 and 5 reveal that 
polycrystalline aggregates of high purity magnesium 
and a 2 pet Al alloy exhibit two characteristically 
distinct fracture laws. Over the higher range of 
temperatures, the fracture stress decreases with 
increasing temperature in a manner that closely 
parallels the flow strength-temperature relationship 
shown in Figs. 2 and 3. This trend is typical for the 
normal ductile fracturing of metals 

Since carefully annealed wrought metals should 
not contain cavities, ductile fracturing of metals 
should be dependent on some process involving 
generation of cracks. The generation of cracks in 
the ductile range, however, cannot be ascribed to 
local cohesive fracturing. As will be discussed later, 
the applied stress times a reasonable stress concen- 
tration factor is less than the theoretical cohesive 
strength of the metal in the ductile range of frac- 
turing. Consequently, some alternate mechanism for 
generation of cracks during ductile fracturing must 
be found 

As shown in Figs. 4 and 5, the fracture stress over 
the lower range of temperatures is constant. This 
behavior is typical of the so-called brittle fractur- 
ing body-centered-cubic and close-packed-hexa- 
gonal metals. In the case of polycrystalline mag- 
nesium, however, fracturing in the low temperature 
range is preceded by about | to 7 pct plastic de- 
formation. The strain to fracture increases with 
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Fig. 4—Effect of temperature and grain size on the fracture 
strength of magnesium is plotted. Numbers in brackets 
represent the percentage of strains to fracture 
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Fig. 5—Effect of temperature and grain size on the fracture 
strength of an Mg-2 pct Al alloy is plotted. Numbers in 
brackets are the percentage of strains to fracture 

increasing temperature and decreasing grain size 

Extrapolation of the flow and fracture strength 

curves to below 78°K suggests that at sufficiently 

low temperatures fracturing of magnesium occu! 
in the absence of permanent plastic deformation 
In spite of its well-documented success in account- 
ing for the fracture characteristics of glass, Griffith’ 
theory’ for brittle fracturing is not valid for the 
o-called brittle fracturing of metal Even under 
the most severely embrittling conditions, some plastic 
deformation is always detected over the fracture 
urfaces of metal This observation led Orowan’ 
to modify Griffith's original theory by inclusion of 
the plastic strain energy term with that for the 
urface energy. Accordingly, the fracture strength 


E (S + P) 
[1] 


where a, is that stress at which catastrophic crack 


was found to be 
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growth is obtained, and E Young's Modulus, S 
surface energy per unit crack area, P plastic 
strain energy per unit crack area, and C initial 
crack length 

This suggests that fracture strength should in- 
crease linearly with C The brittle fracture strength 
for high purity magnesium and a 2 pet Al-Mg alloy 
is shown in Figs. 6 and 7 as a linear function of 
(mean grain diameter) This linear relationship 
was found to be independent of strain rate over the 
range tested. From these figures it can be seen that 


=o, + Kiva [2] 


where o constant, K constant, and d mean 
grain diameter 

Eq. 2 might be brought into coincidence with Eq 
1 of the Griffith-Orowan theory by neglecting o 
and assuming that the crack length is equal to the 
grain diameter. But neither of these distortions of 
fact is permissible. First, there is no justification 
for discarding »#, and second, there are probably no 
real cracks present. Certainly there are no crack 
present initially whose length equals the grain 
diameter, Consequently, the Griffith-Orowan theory 
is not in harmony with all of the experimental fact: 
It is significant to note, however, that reasonable 
assumptions regarding P suggest that once the crack 
grows to about the size of a grain diameter, con 
tinued fracturing might occur by the Griffith-Orowan 
mechanism 

Several yeat ago, Zener suggested that the 
tensile stresses arising from a blocked series of di 
locations issuing from a single Frank-Read source 
might be sufficiently high to cause cohesive fractu 
ing. Recently, Koehler” presented a quantitative 
analysis of the tensile stresses arising from a serie 
of edge dislocations pressed against the opaque 
barrier, using the Eshelby, Frank, and Nabarro’ di 
tribution of distances between the dislocations, Thi 
relationship was used by Petch’ to account for the 
fracture strength-grain size relationship for the 
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Fig. 6—Relation between fracture strength and grain di 
ameter for pure magnesium is plotted 
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Oo EFFECTIVE APPLIED STRESS 


Fig. 8—Stress distribution about a series of edge dislocations 
piled up at a barrier, B, according to Stroh” is illustrated 


brittle fracturing of mild steels. More recently, these 
same concepts have been applied by Greenwood and 
Quarrell” to the cleavage fracture of polycrystalline 
zine. And, finally, a more detailed theoretical analy- 
sis of the stresses arising from a series of blocked 
dislocation has been given by Stroh 

Fig. 8 shows the stress distribution derived by 
Stroh near the terminus of a series of blocked edge 
dislocations originating from a single Frank-Read 
source a distance d/2 from a barrier. These results 
suggest that a stress concentration of the order of 
magnitude of (d/8r)'" is obtained at the terminus 
of a blocked array of edge dislocations. The normal 
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and shear stresses in the vicinity of the barrier 
might be approximated by 


( ) [3] 
( ) [4] 


respectively, where a and £ are functions of r, 6, and 
the orientations of the directions of principal stresses 
with the X—Y coordinate axes. An expression analo- 
gous to Eq. 4 must apply to blocked screw disloca- 
tions, but the normal stress for screw dislocations 
is zero 

The net effective applied stress o, might be taken 
to equal the actual applied stress » minus the 
average localized internal stress «,. Consequently, 
the localized shear stress in the vicinity of a blocked 
array of dislocations becomes 


(=) (o —a,). [5] 


If the shear stress r near the spur of the array ex- 
ceeds the critical shear stress r, necessary to nu- 
cleate slip in the adjacent grain, general plastic 
deformation of the polycrystalline aggregates can 
take place. Therefore, the stress « o,, necessary 
to induce general plastic deformation should be ap- 
proximated by the relationship 


a, + P [6] 
d 


Accordingly, general plastic flow will first take 
place in those regions where d, the distance between 
the barriers, is the greatest. It is reasonable to 
assume that this distance coincides with the grain 
diameter in polycrystalline aggregates 


and 
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Fig. 9—Eftect of grain size on flow and fracture strength of 
pure magnesium is plotted 
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fracturing will occur at the stress o o,,, where 


+ 
r o &/ 0? “& As shown in Figs. 6 and 7, the brittle fracture 
strengths of high purity magnesium and a 2 atomic 
wat pet Al-Mg alloy follow the linear relationship with 
A 1/\ d that is predicted by Eq. 7, where the slopes 
ot 
Feo of the fracture stress vs 1/\ d lines are equal to 
ag Variations in test temperature, strain rate, 
io } and strain to fracture have no significant effect on 
al = the observed fracture strength. This suggests that 
T+ 195 °K 
both ». and o, are insensitive to these variables. It 
2 6 2 4 is well established that should be insensitive to 
temperature, strain rate, and strain to fracture, but 
the data in Fig. 1 and other data on brittle fractur- 
acta © ing suggest that prestrain influences o, for mag- 
40 £20 nesium, zine,” and steels 
Conclusions 
= 
30 ior | 1) At low temperatures, magnesium and 2 pet 
be Al-Mg obey the brittle fracture law proposed by 
Petch and others, although the fracture may be pre- 
Q z ae fs) 2 5 o4 6 ceded by | to 7 pet plastic strain 
E ye ve d “(mm ©) 2) In the brittle fracture range, the fracture 
strength of magnesium and 2 pet Al-Mg is independ- 
y o ad 4 ent of pe and strain rate, but is a function 
Ts 296K 2 of the grain size 
% 2 4 6 2 3) Over the temperature range tested, the flow 
>) stress of magnesium and 2 pet Al-Mg is a function 
” of both temperature and grain size 


4) The transition temperature from ductile to 
brittle fracture is also a function of grain size 


Fig. 10—Effect of grain size on flow and fracture strength 
of Mg-2 pct Al alloy is plotted 
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Technical Note 


Cubic Texture in Ultrathin Tapes of 48 Pct Ni-Fe Alloy 


by Martin F. Littmann 


M. F. LITTMANN is Senior Research Engineer, Research Div, | ne magnetic devices employing reactors with 
Armco Steel Corp, Middletown, Ohio high rates of flux change very thin magnetic tapes 
TN 331E. Manuscript, Nov. 30, 1955 have been employed. One of the more interesting of 
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Fig. |—Pole density stereograms are of (200) poles of Armco 48 Orthonik annealed at 1040°C. Contour lines are a 1/2, 1, 2, 4, 
8, 16, 32 times random pole density sequence. LEFT, | mil (0.025 mm) tape; CENTER, 1/2 mil tape; and RIGHT, 1/4 mil tape 


the soft magnetic materials so used is a grain ori- 
ented 48 pet Ni-Fe alloy. In the usual thickness of 1 
and 2 mils, the alloy displays a very rectangular 
(square) hysteresis loop after heavy cold reduction 
and suitable annealing in the vicinity of 1050°C. 
This rectangular loop is associated with a high de- 
gree of crystal orientation of the (001) [100] type 

Because of the need for reducing eddy current 
effects, this alloy has been rolled to thicknesses 
down to % mil. However, for thicknesses below 1 
mil, Littmann’ reported a progressive increase in 
coercive force and a decrease in rectangularity of 
the hysteresis loop. The reason for this loss of rec- 
tangularity for the thinner tapes was the accom- 
panying deterioration for the (001) [100] crystal 
texture 

In a recent technical note, Spachner and Rostoker 
have been unable to find any preferred crystal ori- 
entation in annealed % mil 50 pet Ni-50 pet Fe tape 
acquired from commercial sources. Although the 
rolling process for this tape was not known, the 
absence of a highly preferred crystal texture with 
| 100] directions parallel to the direction of magnetic 
flux could account for the relatively poor rectangu- 
larity of the hysteresis loop of 4 mil tape compared 
to the 1 mil tape with a high degree of perfection of 
the (001) [100] texture 

However, recent improvements in the art of pro- 
ducing this alloy in ultrathin tapes have permitted 
commercial production of % mil and “% mil tapes 
which are highly oriented. Compared to the earlier 
materials available in this thickness, the oriented 
ultrathin tapes have markedly superior rectangu- 
larity of the hysteresis loop and lower coercive force 

To illustrate the textures in these improved mate- 
rials, pole figures of both the cold-rolled and an- 
nealed textures were prepared of representative 


specimens of Armco 48 Orthonik. The crystal orien- 
tations were determined, using a General Electric 
XRD-3 X-ray diffraction spectrogoniometer accord- 
ing to the integrating technique described by Geis- 
ler.” After making appropriate corrections for back- 
ground intensity, the pole figure data were plotted 
as contours of a geometric progression of intensities 
expressed in multiples of the random intensity for 
the system 

Fig. 1 shows the orientation of 1, %, and %4 mil 
specimens processed from the same melting heat 
These specimens were annealed at 1040°C for 2 hi 
in dry hydrogen. 

The orientations for the % and 1 mil specimens 
are very similar. The same cubic texture is also very 
evident in the % mil specimen, although the peak 
concentration of (100) poles at the rolling direction 
is lower and there is greater scatter of the crystals 
about the axis of the rolling direction. Laue photo- 
graphs showed the presence of a small percentage of 
the grains with random orientation 

While it is desirable to use the (200) planes for 
simplicity of pole figure presentation, there is the 
technical difficulty of quantitatively separating out 
the spurious (111) reflections. On this account, and 
for comparison with the cold-rolled textures re- 
ported by Spachner and Rostoker, the (111) planes 
were used for the pole figures of the cold-rolled 
specimens. Fig. 2 shows the (111) pole figures for 
cold-rolled 1 mil and % mil Armco 48 Orthonik 
prior to the final anneal. The textures are very simi- 
lar to each other and agree qualitatively with the 
texture of the 1 mil specimen found by Spachner 
and Rostoker. Comparing the texture of the '4 mil 
specimen shown in Fig. 2 with % mil material, 
which develops a random texture upon annealing, 
the retention of the (001) [100] annealed texture is 


Fig. 2—Pole 


density stereo- 


grams are of (111) poles of 
Armco 48 Orthonik as cold 
rolled. Contour lines are a 1/2, 
1, 2, 4, 8 times random pole 


density sequence 


LEFT, 1 mil 


tape, and RIGHT, 1/4 mil tape 
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seen to correspond to the retention of the cold-rolled 
texture found in the cold-rolled 1 mil material. This 
is ascribed to the use of similar degrees of cold re- 
duction prior to the final anneal for the 44 mil and 
1 mil specimens. By contrast, the ‘4 mil material 
studied by Spachner and Rostoker probably re- 


Table |. Magnetic Properties of Ultrathin Armco 48 Orthonik* 


Peak 
(100) 
Pole 
Inten 
Oersted Ocrsted, sity 
Thick 8 Times 
ness, B B H Kile B,(H»=l Ran 
Mils Kilegausses Ocersted gausses dom 
14.85 14.50 0.136 15.25 0.950 
2 14.95 14.70 0.156 15.35 0.958 5 
‘ 14.40 13.70 0.182 15.40 0 896 29 
‘ 14.90 14.35 0.140 15.60 0.920 ‘1 
* Specimens correspond to pole figures in Fig. 1 
Core No. 1008 is from a different heat and was annealed at 


1070°¢ 


ceived four times the cold reduction of their 1 mil 
pecimen 

The magnetic properties of the specimens studied 
are also of interest. These are shown in Table I 
Compared to earlier materials,’ the higher degree 


of cubic orientation is accompanied by improvements 
in coercive force and in rectangularity of the hys- 
teresis loop, as indicated by the higher ratios of resi- 
dual to peak induction, B,: B,,.. In particular, the im- 
proved processing for 4% mil material reduces the 
coercive force attainable by a factor of about 2, and 
increases the residual induction from 12.00 to about 
14.00 kilogausses at H,, 1 oersted peak magnetiz- 
ing force. The data in Table I suggest a relation be- 
tween the B,:B,, ratio and peak concentration of the 
[100] directions lying parallel to direction of rolling 
and magnetization 

Secondary grain growth has been observed in 
specimens as thin as 1 mil. The particular textures 
shown in this note are the result of primary recrys- 
tallization without the large increase in grain size 
which is called secondary recrystallization 
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Titanium-Molybdenum-Oxygen System 


The Ti-Mo-O system was investigated in the region 0 to 45 wt pct Mo and 0 to 10 


wt pct O, from 600° to 1400°C. Solidus data are also presented. Isothermal sections 
at 700°, 900°, 1100°, and 1300°C, and vertical sections at | and 28 wt pct Mo, and 


1 and 10 wt pct O are included. 


TUDY of the Ti-Mo-O system has been carried 
out as part of a general study of titanium phase 
diagrams. The binary Ti-Mo system has been in- 
vestigated in whole or in part by several investiga- 
tor It was found that molybdenum and £-tita- 
nium form a complete series of solid solutions and 
that the B/a + A transus is depressed to below 600°C 
at approximately 30 pet Mo." The Ti-O system has 


* Unless otherwise noted percentages refer to wt pet 


been investigated partially or fully in the range 
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by Paul A. Farrar, Louis P. Stone, and Harold Margolin 
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Fig. |—Compositions of Ti-Mo-O alloys prepared 


0 to 30 pet O by several investigators Extensive 


olubility of oxygen occurs in the a field. While a is 
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Weight Percent, Molybdenum Weight Percent, Molybdenum 
oe Fig. 2—Partial isothermal section is plotted at 1300°C 


Fig. 3—Partial isothermal section is plotted at 1100°C 


40 
Weight Percent, Molybdenum 


Weight Percent, Molybdenum 
Fig. 4—Partial isothermal section is plotted at 900°C 


Fig. 5—Partial isothermal section is plotted at 700°C 


Fig. 6—Solid and dashed lines 
plot a/a + isotherms 


20 2 


Weight Percent, Molybdenum 


Fig. 7--Solid and dashed lines 
plot + isotherms 


Weight Percent, Molybdenum 
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Fig. 8—Vertical section of Ti-Mo-O system at 28 pct Mo is 
plotted 
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Fig -Vertical section at 10 pct O is plotted 


stabilized to a congruent melting point at about 10 
wt pct O, the £ field is restricted. Two intermediate 
compounds were encountered in this range: 6 (TiO) 
and « (Ti,O, or Ti,O,) 


Experimental Procedure 
The experimental procedures employed in this in- 
vestigation are the standard techniques in use at this 
laboratory and have been described in detail previ- 
pertinent to the 


ously Consequently, only detail 


present work are discussed 

Alloy Preparation—The alloys employed for the 
delineation of this system were prepared from iodide 
heet capsules containing the alloying ma- 

olid iodide titanium rod. Typical analy- 
used are as follow 
molybdenum 


titanium 
terials and 
iodide tita 
99.94 pet pu- 
TiO, 99.98 pet 
walled 
purity 


es of the material 
nium, 99.96 pct purity 
rity; and oxygen, typical purity as 
The 20 g alloys were arc-melted in 
furnaces under a partial pressure of 
argon. They were melted twice at a current of be- 
tween 300 and 350 amp for 60 sec and the buttons 
insure a 
es during melt- 


plas 
high 


between meltings to more 
The weight los 
noted, and were generally 
found to be less than 1 pet. Considering the high 
melting point of molybdenum, 2665 +50°C,” and the 
with which titanium retains oxygen, the 


turned over! 
homogeneous alloy 


ing of these alloys were 


tenacity 
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Fig. 9—Vertical section at | pct Mo is plotted 


Temperoture 


Weight Percent, Molybdenum 


Fig. 11—Vertical section at | pet O is plotted 


assumption that the majority of the material lost 1 
Therefore, alloys have 
nominal composition 
pre- 


titanium seems reasonable 
umed to retain thet 
The compositions of the alloys 


tem are shown in Fig. | 


been as 
afte 
pared to delineate this sy 


melting 


Homogenization and Heat Treatment Because of 
the known embrittling effect of oxygen on titanium, 
made to deform these alloys prior to 
A homogenization anneal of 24 hr at 
alloys to be heat 


no attempt wa 
heat treatment 
1200°C was employed for all 
treated below thi Specimens for heat 
treatment were wrapped in commercial sheet tita- 
nium and heat treated in argon-filled quartz cap 
ules. The times at temperature used for this system 
are reported in Table I. The alloy 

by breaking the capsules under wate! 


temperature 


were quenched 


The standard technique for pol- 
ishing specimens involved belt-grinding grinding on 
emery paper, polishing electrolytically, and etching 
with Remington wy) hg etch To increase the contrast 
between phases the stain-etching procedure of Ence 


and Margolin” wa 


Metallography 


also used 


diffraction patterns 


X-Ray Diffraction X-ray 
were taken with a powder camera 114.6 mm diam, 
using nickel-filtered radiation, The were 


mounted on Lindemann gla rod 


powder 
approximately 
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1300 + + + + 4 | 4 \. 1300 + + 
-1100 + 4 4 ‘\ + + + + + ; 
> | 
a 
E 900 + + + + + + | + + + + 
| \ 
800 + + + + + + + + 800 
600 600 
p | 
« a+p | | | | 
800 


0.010 in. diam, with celloseal grease. Exposure con- 
ditions were 16 hr at 35 kv and 20 ma 


Melting Points—-The melting points reported for 
alloys in this investigation were obtained by observ- 
ing the incipient melting of specimens on resistance 
elements heated electrically in vacuum. Tempera- 
tures were measured with a calibrated optical pyro- 
meter,” with an accuracy of about *25°C. 


Phase Diagram Delineation 

On the basis of microstructural examinations and 
X-ray diffraction studies of heat treated specimens, 
partial isothermal sections to 45 pet Mo and 10 pct O 
have been delineated at 200° intervals between 700 
and 1300°C. These isothermal sections are shown in 
Figs. 2 to 5. The a/a + B and «a + 8/8 surfaces have 
been delineated in the temperature range from 600 
to 1400°C at 100° intervals and are shown in Figs 


Table |. Times of Heat Treatment 


Temperature, °¢ Time, Ur 
1400 15 
100 5 
1200 24 to 43 
1100 48 to 73 
1000 72 to 06 
00 1648 
noo 16 to 400 
700 504 to 700 
600 600 to 672 


6 and 7. From the isothermal sections, vertical sec- 
tions at 1 and 28 pet Mo and | and 10 pet O were 
constructed and are shown in Figs. 8 to 11 

The isotherms of this a/a + 8 surface, Fig. 6, show 
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Fig. 12—Micrograph shows 2.5 pct Mo- 
5.5 pct O alloy water quenched for 5 hr 
at 1300°C. Specimen was “A” etched, 
and showed retained § in @ matrix 
X350. Area reduced approximately 25 
pct for reproduction 


Fig. 13—Micrograph shows 45 pct Mo- 
1.0 pet O alloy water quenched for 5 hr 
at 1300°C. Specimen was “A” etched, 
and showed «@ in retained § matrix 
X600. Area reduced approximately 25 
pct for reproduction 


Fig. 14—Micrograph shows 34 pct Mo- 
4.0 pct O alloy water quenched for 5 hr 
at 1300°C. Specimen was “A” etched, 
and showed « in retained ( matrix 
X600. Area reduced approximately 25 
pct for reproduction 


Fig. 15—Micrograph shows 28 pct Mo 
10 pet O alloy water quenched for 5 hr 
at 1300°C. Specimen was etched with 
electrolytically stained “HG”, and 
showed electrolyte 4 (clear) and « + TiO 
lined structure in « matrix. X600. Area 
reduced approximately 25 pct for repro- 
duction. 


an increase in the solubility of molybdenum in a- 
titanium with increasing oxygen content at any one 
temperature, in addition to a general increase in the 
molybdenum solubility with increasing temperature, 
The isotherms of the a + 8/8 surface, Fig. 7, show a 
decrease in the solubility of oxygen with increasing 
molybdenum content at any one temperature above 
1000°C. Below this temperature, the oxygen solubil- 
ity increases with increasing molybdenum content 
Nevertheless, as illustrated in Figs. 8 and 9, the total 
solubility of oxygen in #-titanium decreases with 
decreasing temperature at all molybdenum contents 
in the region investigated. Typical a 8 microstruc- 
tures, somewhat different from those observed in 
other systems, are shown in Figs. 12, 13, and 14. Fig 
12 shows the a + @£# structure obtained near the 
a + B/a boundary. Fig. 13 shows the structure near 
the «a + 8/8 boundary and Fig. 14 an a + # struc- 
ture in the middle of the phase field. Similar but 
finer structures are observed at lower temperatures 

The 6 (TiO) phase was microstructurally resolv- 
able only in specimens heat treated at 1300° or 
1400°C. An example of such a microstructure is 
illustrated in Fig. 15. Between 800° and 1200°C, the 
45 phase was detectable only by X-ray diffraction. No 
specimens treated below 800°C were found to con- 
tain this phase 

Because of the very few specimens which contain 
6, the a + B/a + B + 6 surface could not be deline- 
ated directly. A vertical section at 10 pet O was 
therefore constructed on the basis of the presence of 
4 in diffraction patterns of the 28 pct Mo-10 pect O 
alloy treated above 700°C and of the 25 pet Mo-10 
pet O alloy above 1200°C. These alloys treated at 
lower temperatures revealed only a + £. This verti- 
cal section is shown in Fig. 10, and establishes the 
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“4 


Fig. 16—As-cast hardnesses of 
Ti-Mo-O alloys are plotted 


Vickers (O PH.) Hordness 


zoo. 


intersection of the a + B/a + B + 4 surface with the 
10 pet O line in the isothermal sections 

Lattice parameter measurements were then made 
for the a alloys containing 0.5 pet Mo-8.5 pet O and 
1.0 pet Mo-10 pet O as shown in Table II. A compari- 
son of these results with similar values for binary 
TiO alloys by Cadoff et al.” and Bumps et al.” re- 
vealed that the effect of small molybdenum addi- 


Table Il. Lattice Parameter Values for «-Titanium in Ti-Mo-O 
Alloys* 


Lattice Lattice 


Parameter, Parameter, 
c 

Specimen A Ke A Ke 
0.5 pet Mo-85 pet O 4.76,-4.77 2 965-2.97, 
1100°C. a@ 
1.0 pet Mo-10 pet O 4.78,-4.79 2 96,-2 965 
1100°C., a 
24 pet Mo-10 pet O 2 96,-2.96 
1300" 
28 pet Mo-10 pet O 445,-4 84 2 955-2 96 
1100°C, 
28 pet Mo-10 pet O 4 42.-4 85 2 96.-2 96, 
900°C. 

“he siues were calculated using the d-values of lines 300, 123 
ind 203. No correction factors were used 


tions on the a lattice parameter was less than the 
discrepancy between the data obtained by the two 
investigations. It was concluded, therefore, that 
small molybdenum additions have negligible effects 
on the lattice parameter of a-titanium containing 
oxygen. 

The « corner of the a + B/a + B + & boundary 
was roughly established by extending the a/a + £B 
boundary to the oxygen content indicated by the lat- 
tice parameter of the alloy containing a + £8 + 8, as 
given in Table Il. The a + B/a + B + & boundary 
was then constructed on the basis of the locations of 
the a corner and the intercept of this surface with 
the 10 pet O line in Fig. 10. This construction could 
not be checked at the 8 corner of the a B + 4 field 
because of the unsuitability of the £ diffraction lines 
for lattice parameter measurements 
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‘6 2¢ 24 28 32 
Molybdenum, Weight Percent 


Solidus Data—The temperature of incipient melt- 
ing of representative Ti-Mo-O alloys is given in 
Table III. All the alloys containing 10 pet Mo and 
three of the alloys with 19 pet Mo melted at 
1807°*+36°C. It would be reasonable to conclude 
that a ternary reaction plane exists in this region, 
although no effort was made to pursue this point 


Table II!. Tabulation of Melting Point Data 


Temperatare 
of Incipient 


Mo, Wt Pet oO, WtPet Melting, 
100 10 1810 
10.0 40 
10.0 70 1704 
100 100 
19.0 10 1816 
190 40 2200 
19.0 70 1706 
19.0 100 1408 
110 10 1416 
$1.0 1755 
11.0 70 2200 


The alloy containing 31 pet Mo with | pet O showed 
incipient melting just above 1400°C. This surpri 
ing result was checked. Three separate determina- 
tions of the alloy yielded an average incipient melt- 
ing point value of 1416°C with a total variation of 
17°C. A single specimen of this composition wa 
completely melted at 1510°C 


As-Cast Hardness of Ti-Mo-O Alloys 
Diamond pyramid hardness, 35 kg load, of as-cast 
Ti-Mo-O alloys was determined for the alloys con 
taining 0.5, 1.0, 4.0, 7.0, and 10.0 pet O. The data 
obtained are plotted as a function of molybdenum 
content in Fig. 16. As expected, oxygen is a more 
effective hardener of titanium than is molybdenum 
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Sigma Nucleation Times in Stainless Steels 


The times at which the first detectable amount of » phase forms at temperatures 


between 900° and 1800°F were determined. Both X-ray diffraction and metallography 
were used to detect » in highly strained filings; metallography alone to detect it in an- 
nealed bulk samples of six different types of stainless steels. The » phase was found 
to form in accordance with the C-type reaction curve in both austenitic and ferritic al 
loys. In filings of types 304, 347, and 446, « formed in a few hours, and in types 316, 
309, and 310, it formed in a matter of minutes at temperatures corresponding to the 
knee of the C-curve. Only in the bulk type 309 steel, after 500 hr, and in the bulk type 
310 steel, after as short a time as 25 hr at temperature, was « detected; in both instances 
at approximately the same optimum temperature as in the filings. The annealing tem- 
perature affected « phase nucleation only for the filings of type 304 and 347 steels, 


of both the rate of nucleation and 
the rate of growth of the new phase is required 
for a complete description of metallurgical rate 
phenomena. However, data on the time for nucle- 
ation alone may frequently be useful in evaluating 
the tendency of commercial stainless steels to form 
* under various conditions. Very little correlated 
information of this type is available in the litera- 
ture. Shortsleeve and Nicholson’ indicate that o 
forms in ferritic 24, 27 and 30 pet Cr steels accord- 
ing to a C-type of reaction curve, and Emmanuel’s 
data for austenitic type 310 steel also suggest 
this type of solid state reaction. In addition, signi- 
ficant, though fragmentary, information has been 
given by Binder,” Dulis and Smith,’ Payson and 
Savage, Guarneri, Miller, and Vawter,” Frerichs and 
Clark,’ Wilder,” Lismer, Pryce, and Andrews,” Smith, 
Dulis, and Link,” Dulis, Smith, and Houston,” and 
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and for the bulk samples of type 309 and 310 steels. 


by G. F. Tisinai, J. K. Stanley, and C. H. Samans 


Henry, Cordovi, and Fischer.” The bearing of these 
data on this work is covered in the discussion 

The purpose of this paper is to present such cor- 
related data on o formation in AISI type 304 (18 
pet Cr-8 pet Ni), 347 (18 pet Cr-10 pet Ni-Cb), 
316 (18 pet Cr-12 pet Ni-2 pet Mo), 309 (25 pct Cr- 
12 pet Ni), 310 (25 pet Cr-20 pet Ni), and 446 (27 
pet Cr) stainless steels. 


Materials and Test Methods 
X-ray diffraction and metallographic methods 
were used to determine the first appearance of the o 
phase in cold worked filings and in annealed bulk 
samples of seven steels, under various combinations 
of time and temperature. The rate of growth of the 
a particles was not determined. Commercial heats 
of six AISI steels and a low carbon laboratory ex- 
perimental heat containing about 28 pct Cr were 

studied. Analyses are given in Table I 
Because cold work greatly accelerates the nucle- 
ation of o particles, the relative rates of « nuclea- 
tion in mechanically strained samples, ie., filings 
through 120 mesh, were determined for direct com- 
parison with those in annealed bulk alloys of the 
same composition. 


TRANSACTIONS AIME 


a 
F 
‘ 
uff 
4 
i ‘ 


Preparation of Bulk Samples—The bulk samples 
tested in the annealed state were approximately ‘x 
in. x 43 in. x \% in., annealed in Vycor tubes under a 
vacuum of approximately 8 mm to minimize oxida- 
tion and decarburization. The type 304, 347, 316, 
and 446 steels and the 28 pct Cr alloy were annealed 
at 1750°F for 24 hr and water quenched. Type 309 
and 310 were annealed at 1850°F for 24 hr 
and water quenched. To determine the effects of a 
higher temperature, other of all seven 
steels, also sealed in Vycor tubes under partial vac- 
2250°F for 26 hr and water 


steels 
samples 


uum, were annealed at 
quenched 


Table |. Analyses of Steels Studied 
Als! Pet 
Type 
Ne Ni si Mn r Cb Mo 
104 19.17 914 0.06 0.53 052 0014 0.018 
M47 17.86 1030 005 0.32 156 0016 O018 Present 
116 17.27 1196 004 058 154 0015 0024 247 
09 23.21 13.40 O18 O39 154 0015 0.024 
110 27.23 21.09 0.05 0.37 1.95 0.007 0.023 
446 25.51 0.40 0.14 064 0.70 0021 
° 27.78 0.08 0.04 0.54 038 0015 0.024 


rental heat 


* Laboratory experin 


Long time heat treatments in the o forming range, 


900 to 1800°F, were carried out in a gradient tem- 
perature furnace using a jig designed to position 
Vycor sealed samples at each of nine appropriate 


temperatures. Bulk samples of the seven steels, 
each in the two annealed conditions—14 samples in 
all—-were held at each of these nine temperatures 
One test was run for 510 hr and a later test for 2000 hr, 
using different samples. All samples were air cooled 
while still sealed in the Vycor tubes after these 
treatments. Additional samples of the type 309 and 
310 steels were given individual heat treatments for 
shorter times at various temperatures. During the 
510 hr heat treatment, the average temperature 
fluctuation in the gradient temperature furnace was 
+20°F at any given temperature be- 
cause of control instrument difficulties. During the 
2000 hr heat treatment, these difficulties were 


approximately 


later 


Fig. 2—Effect of temperature 


TEMPERATURE (°F) 
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of heat treatment on nucilea = = 
tion times is plotted for A) & 
mesh filings, and B) an 1200+ « 
nealed bulk samples of type MATERIA~ 
309 steel; C) —120 mesh fil 1000}- 
ings, and D) annealed bulk 

samples of type 310 steel. Solid ooo ’ (8) 

symbols indicate had formed: TrYPe 25 18 EC rons 4 


open symbols, not detected 
Circles and upright triangles 1800 oun 
at 1850° and 2250°F, respec 1600 r 
v 
tively, before filing; squores = +o [ 
1000} QUENCH ~ 
10° 10' io’ 10 id’ io” 


Fig. 1—Effect of temperature of heat treatment on « nucle 
ation times is plotted for —120 mesh filings of A) type 304 
steel, B) type 347 steel, and C) type 316 steel. Solid symbols 
indicate « had formed; open symbols, « not detected. Circles 
represent material heat treated at 1750°F before filing; 
triangles, at 2250°F before filing. Only pertinent data have 
been plotted 
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Fig. 3—Effect of temperature of heat treatment on « nuclea- 
tion times is plotted for —120 mesh filings of A) type 446 
steel, and B) a 28 pct Cr-low carbon laboratory heat. Solid 
symbols indicate « had formed; open symbols, « not detected 
Circles represent material heat treated at 1750°F before 
filing; triangles, at 2250°F before filing 


corrected and the average temperature fluctuation 
was approximately *5°F 

After heat treatment, the samples were polished 
and etched by glyceregia—3 parts glycerine, 2 parts 
concentrated HCl, and 1 part concentrated HNO, 
to bring out the o phase. The o phase is always 
etched rapidly, whereas carbides and nitrides are 
merely outlined, even on prolonged etching 

Preparation of Cold Worked Samples—The cold 
worked samples were prepared in the form of fil- 
ings fine enough to pass through a 120 mesh screen, 
i.e., smaller than 125 y». Prior to filing, the steels 
were given the 1750° or 1850° and 2250°F anneal- 
ing treatments described for the annealed bulk 
samples, except that the 1750°F or 1850°F treat- 
ments were made in air without the Vycor tube 
protection 

For the » phase nucleation heat treatments small 
amounts of the filings, sealed under partial vacuum, 
about 6 mm, in Vycor tubes, were heat treated for 
times ranging from about 2 min to 1000 hr at tem- 
peratures in the range of 900° to 1800°F. All these 
samples were water quenched in the Vycor tubes 
after heat treatment and were examined by X-ray 
diffraction methods for the presence of the o phase 
In certain cases, the filings were mounted in Bake- 
lite to facilitate polishing and examined metallo- 
graphically as well. Experience has shown that the 
metallographic method is better suited than the 
X-ray method for detecting the presence of small 
amounts of o phase 

X-ray diffraction patterns were made on a stand- 
ard XRD-1 film unit using chromium radiation. The 
presence of » was determined by comparing the 
test pattern with a standard o« pattern obtained 
from an electrolytic extract of a severely sigmatized 
steel. Recovery of the filings, as evidenced by 
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sharpening of the matrix diffraction lines, occurred 
in both the austenitic and ferritic steels at tempera- 
tures above 1100°F. Some recrystallization was 
noted in the austenitic filings above 1600°F and in 
the ferritic filings above 1200°F. 


Results 

Sigma Formation in Filings—lIn al! of the samples 
cold worked by filing, 7 phase formed in accordance 
with a C type of reaction curve. The data are 
plotted in Figs. 1 through 3. For the steels tested, o 
forms most rapidly at the temperatures given in 
Table IH. These optimum temperatures are not in- 
fluenced by the temperature of prior annealing 

At the optimum temperatures, the times required 
to form o in the filings are relatively short. For the 
type 309 and 310 steels, « formed in less than three 
min;* see Fig. 2. In the other compositions, the 

* The short time heatings of the filings sealed off in Vycor tubes 
were carried out in a lead bath. Times given are for the total time 
the samples remained in the bath 
longest times required to observe o at these opti- 
mum temperatures was of the order of 30 to 150 hi 
for the type 347 steel, Fig. 1, and of the order of 150 
to 1000 hr for the type 304 steel, both after the pre- 
treatment at 2250°F,. The times for the other steels 
were intermediate. Because of the time intervals 
for which the heat treatments were run, the initial 
formation of the # phase could not be established 
any more closely than is given in Table II 

Annealing treatments of the steels prior to filing 
influenced o formation noticeably only in type 304 
and 347 steels. In these steels, 7 phase formed much 
more slowly in samples annealed at 2250” than in 
those annealed at 1750°F 

As would be expected, the highest temperature 
at which o will form in filings varies with the com- 
position, but not with the pretreatment tempera- 
ture. In the type 304, 347, and 446 steels, and in the 
laboratory heat of 28 pet Cr steel, » phase did not 
form above about 1300”; in the type 316 steel, it did 
not form above about 1550°; in the type 309 steel, 
above about 1600°; and in the type 310 steel, above 
about 1700°F. 

After 1000 hr heat treatment, o did not form 
below about 900°F in any of the steels 

Sigma Formation in Bulk Steels——Of the seven 
steels studied in the bulk state, 7 phase formed only 
in types 309 and 310. Even after holding 2000 hi 
at temperature, o did not form in the other five 
steels. 

The most rapid formation of #, more than 100 but 
less than 500 hr, was in the 1850°F annealed bulk 
samples of type 309 steel at about 1450°F; « did not 
form above about 1650°F, Fig. 2. For times of up 
to 2000 hr, o did not form at any temperature be- 
tween about 850° and 1800°F in the 2250°F an- 
nealed bulk samples of type 309 steel. In the 1850°F 
annealed samples of type 310 steel, » formed most 
rapidly, less than 24 hr, at about 1500°F; it did not 
form above about 1800°F, Fig. 2. The only 2250 F 
annealed type 310 bulk sample in which o phase 
formed was the one held at 1450°F for 2000 hr, and 
even here the amount of o formed was very small 
It is not known whether the different effects of the 
two different annealing treatments on o formation 
is due to the larger grain size of the samples an- 
nealed at 2250°F or to their better homogenization 


Discussion 
In various compositions of commercial stainless 
steels, both austenitic and ferritic, 7 phase forms in 
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Table Il. Temperatures of Most Rapid » Formation 


Conditions for Most Rapid » Fermation 


Nominal Composition Time 
Material 
Als! Data in Other, Temperature, 
Fig. No Cr, Pet Ni, Pet Mo, Pet Pet +r Pretreatment Pretreatment 


Type 


18 4 1100 7 he 150 to 1000 hr 
“47 l 18 10 Cb 1100 sbout 20 hr wWto 150 hr 
316 ] 18 12 2 1400 under 5 min under 5 min 
109 2 25 12 1450 under 3 min unde } min 
510 2 25 20 1500 under 2 min under 2 min 
+46 27 1050 10 to he 10 to he 
Laboratory 

Heat 28 Low ¢ 1150 ito ht ito 8 hr 


* 1850°F for the type 309 and 310 stee! 


accordance with C-type reaction curves. Similar results are not strictly comparable with the present 
type curves have been reported previously for fer- work since 4 ferrite was present in the original 
specimens of the first four of the alloys listed, and 


ritic and for austenitic’ alloys 


The rather complete data of Emmanuel’ for type the ov formed largely, if not entirely, from this con- 
310 stainless steel probably are most comparable stituent. These authors also found o in rupture test 
with those of the present study. Figs. 2C and 2D samples of type 347 which had been exposed for 
show o formation curves based on those data. As 1150 hr at 1050 F, or 4500 hr at 1200 F, The present 
would be anticipated from the severity of cold work work is consistent with both of these observations 
given filings, the nucleation time for o formation in Knowledge of the temperature range in which the 
Emmanuel’s 40 pet cold drawn tubing is appreciably o phase will form in these commercial alloys should 
longer than in the filing However, except for this result in their more intelligent use for high tem- 
time displacement, the curves are similar. The perature applications in which mechanical prop- 
present data for annealed bulk material, 1850 F an- erties are important. The information given on the 
neal, are also reasonably in accord with Emmanuel’s, minimum times for o to form at various tempera- 
1650°F anneal. There is a difference of about 100 tures in filings may only be of limited direct value 
to 150°F in the maximum and minimum tempera- o far as commercial alloys are concerned, particu- 
tures of o formation. Here, Emmanuel’s data are larly since the amount of cold work given the filing 
in good agreement with the authors’ data on filings cannot be fixed quantitatively. However, from the 

In their work on o formation in type 309 and 310 comparisons which are possible, it appears that the 
stainless steels, Frerichs and Clark’ used pretreat- C-type reaction curves for filings and for annealed 
ments of air cooling from 1800 °F, fine grained; o1 bulk samples are similar except that the C-curves 
water quenching from 2150°F, coarse grained. Thei for the annealed samples are displaced markedly 


7% in. round samples were held for 100, 500, or 1000 toward longer times 
The C-curves for the 1850°F pretreated type 309 


hr periods in a gradient furnace covering the range 


1150° to 1650°F. In the fine grained type 309 steel, and 310 steels in the cold worked and in the an- 
o Was found after a 500 hr treatment in the range nealed states indicate that the o phase formed at 
1310° to 1570 F. This is consistent with the present least a thousand times more rapidly in the heavily 
work, in which o phase was found in a similar alloy cold worked (filed) samples than in the annealed 
after 500 hr at 1400°, 1500°, or 1600°F, but not at amples of these alloy In the other five alloys the 
1300 °F. However, in the fine grained type 310 alloy, o phase also formed more rapidly in the filings than 
Frerichs and Clark only reported o after 500 hr at in the bulk annealed samples; no o was detected 
temperatures of 1320° to 1500°F. This was the only after 2000 hr at temperature. The formation rate 
structure reported. In the present work, on the in the filings was at least two to 2000 times faste1 
other hand, » was found after as short a time as depending upon the alloy and pretreatment used 


20 hr at 1400° to 1600°F, although not until 500 hi 
at 1300°F. The two studies agree substantially that 
no o is formed in coarse grained samples for times 


Conclusions 
1) The o phase forms in the austenitic as well 


of 1000 hi as the ferritic commercial stainless steels in accord- 
In a discussion to Frerichs and Clark’s paper, ance with a C-type reaction curve. The C-curve 
Wilder’ reported having observed a small amount for cold worked (filings) and for annealed mate- 
of » in a bulk sample of relatively coarse grained rials are reasonably similar, the main difference 
type 310, but not in type 309, steel after a 5000 hi being that the curve for annealed material is dis- 
exposure at 1200 F. The present work is in reason- placed to longer times 
able agreement with this observation, although it 2) The temperature at which o forms most 
indicates an optimum o forming temperature of rapidly is dependent on composition. For the type 
about 1450 °F, somewhat higher than the tempera- 446 steel, it is about 1050°F; for the type 304 and 
ture at which Wilder's tests were run type 347 steels, about 1100 °F; for the laboratory 
The observations of Dulis and Smith,’ obtained heat of 28 pet Cr low carbon steel, about 1150°F; 


for isolated points on several alloys after times of and for the type 4316, 309, and 310 steels, it is about 

the order of 1000 to 3000 hr at various temperatures, 1400°, 1450° and 1500°F, respectively 

are also consistent with the present study 3) The maximum temperature of o formation in 
Smith, Dulis, and Link” reported finding o in filings varies somewhat with composition. For the 

creep specimens of type 304L, 304L (high N.), 316L, type 304, 347, and 446 steels, and for the laboratory 

321, 316 columbium, and 303 after 3000 hr under heat of 28 pet Cr low carbon steel, the highest tem 

stress at 1100°, 1300°, or 1500°F. However, the perature of o formation is about 1300°F. For the 
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type 316 steel, it is about 1550°F; for the type 309 
teel, about 1650 F; and for the type 310 steel, 
about 1800'F 

4) Pretreatments at 1750° and 2250°F have little 
or no influence on the temperatures of « formation 
in filings, and only affected the time to nucleate o 
noticeably for the type 304 and 347 steels. Pretreat- 
ment at 2250°F retarded the time 

5) In stainless steels susceptible to « formation, 
» forms much more rapidly in severely cold worked 
amples than in annealed bulk samples. For example, 
in the severely cold worked type 309 and 310 steels, 
wo formed in Ik than 3 min at 1300° to 1500°F 
In comparison, « did not form in the annealed, 
1450°F, type 309 steel until it was held more than 
100 hr at 1450°F, or in the annealed, 1850°F, type 
410 steel until it was held about 20 hr at 1400° to 
1600°F. The 2250°F annealing treatment apparently 
inhibited «» formation in the bulk samples of both 
the type 309 and 310 steels for times up to 2000 hi 
at all temperatures from 900°F to 1800°F, except 
2000 hr at 1450°F for the type 310 steel 
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Influence of Order-Disorder on Creep of Beta Brass 


The creep behavior of //-brass was investigated over the temperature range of 
330° to 500°C. The creep strength increased as the amount of long range order 


increased. 


by M. Herman and N. Brown 


RDERING'S effect on the creep strength and 
other plastic properties of metals is unknown at 
the present time. Sachs and Weerts' attempted to 
compare the mechanical properties of the ordered 
and disordered state by comparing a quenched speci- 
men with one annealed for a long time at a low 
temperature, This experiment is unsatisfactory be- 
cause it introduces a possible effect from quenching 
Barrett’ used a hot impact test, but his method was 
not sufficiently sensitive to indicate any discon- 
tinuity in plastic behavior in the neighborhood of 
the critical temperature 
On the theoretical side, Fisher" has suggested that 
short range order would strengthen an alloy, but he 
gives no conclusions as to the effect of long range 
order, Cottrell’ has discussed the interaction be- 
tween long range order and dislocations, but does 
not indicate whether slip in a completely ordered 
alloy without domain boundaries is appreciably 
more difficult than slip in the disordered state 
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CREEP RATE-OO!"/ HOUR 
re) 


co 


200 400 600 600 1000 1400 
INITIAL STRESS — PSI 
Fig. 1—Plot of the log of the steady state creep rate is shown 
vs the initial applied stress. 


Because order exists in so many alloy systems, it 
is most important to prove experimentally whether 
long range order weakens or strengthens a metal 
This investigation used §-brass because: 1) it orders 
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rapidly, 2) antiphase domain boundaries are 
rapidly, and 


very 
very unstable and tend to disappeat 
3) it undergoes a very small change in lattice para- 
meter during ordering. The sensitivity of creep to 
structural changes makes it a good method. On the 
other hand, this sensitivity could cause other vari- 
ables to mask the effect of ordering. To meet thi 
last objection slightly different tests were 
made to eliminate such variables as grain bound- 
aries, method of measuring strain, stress, and un- 
controllable sampling errors 


many 


Material and Equipment 
The preparation of f-brass has been described 
previously Extensive analysis of the 
metal used in this investigation showed that the 
composition was about 51.4 pet Cu, which is within 
the single phase region 
The creep specimens were machined from % in 
rod reduced 30 pet by warm rolling at 200°C. The 
controlled in 


chemical 


rolling temperature must be closely 
order to prevent intergranular cracking. The ma- 
chined were annealed at 480°C in a salt 
pot, then very 
The final grain diam was 1 
were threaded at the *, in 
diam by 1% in 
radius. Since overall elonga- 
important to know what 
contributed by the 
elongation in the 


pecimen 
slowly cooled to room temperature 
to 2 mm 
diam section, the gage 
long, and the 


Specimen 


section was '4 in 
shoulders had a 3 in 
tion was measured, it was 
part of the 
shoulders, and 

shoulders varied 
was determined with gage markings on the 
men that the ratio of the extension in the uniform 
pecimen extension was 


elongation was 
whether thi 
with stress and temperature. It 


peci- 


gage section to the total 
constant within the range of stre train, and test- 
ing temperature included in this investigation. The 
relative creep rates, as reported, are not influenced 
by either the shape of the specimen or method of 
measuring strain 


Experimental Results 
The initial test Stresses of 77, 
97.5, and 124 psi were used in the temperature range 
505° to 485°C. The creep curves were linear up to 
Creep tests in the neighborhood of 
465 C, indicated that l) a 
required for comparable 


were isothermal 


tertiary creep 
critical temperature, 
great increase in stress wa 
creep rates and 2) although the creep curve 
reproducibility of data 


were 
linear for an individual test, 
regions outside the 
critical temperature. Appar- 
mall vari- 


was very poor compared to 
neighborhood of the 
ently, small differences from 

ations in make 
creep rate in the neighborhood of the critical tem- 


perature. Therefore, presentation of data from thi 


ampling o1 


temperature great differences in 


region will be momentarily deferred. In the temper- 
330°C with stresse 


ature range between 450° and 
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varying from 164 to 1320 psi, the creep curves are 
still linea 

The effect of stress was investigated by plotting 
log creep rate against stress, Fig. 1. These data indi- 
cate that at each temperature the following rela- 
tion holds 


In y a- Bo [1] 


where stress, and a and £ are 
constant depending only on temperature 
Other investigations also reveal that 
limited range of stress and temperature § behaves as 
a constant Even in theoretical developments * of 
teady state creep, 8 is considered to be a material 
constant. Thus, when 1/8 is plotted against tem- 
perature, Fig. 2, the sudden variation in 1/8 at the 
critical temperature indicates that the creep process 
Creep strength increases 


creep rate, o 


over a 


has undergone a change 
with ordering 

The next series of tests was designed to eliminate 
the effect of stress by using a constant creep stress 
over the greatest possible temperature range. The 
tress must be carefully chosen in order to obtain 
reasonable creep rates over a temperature interval 
which includes both ordered and disordered regions 


A stress of 360 psi was chosen and isothermal creep 
curves were made from 501° to 450°C. In order to 
meet the objection that measurements of overall 


elongation may contribute in some way to variations 
in creep behavior, gage marks were placed on the 
uniform gage section of the specimen. A different 
pecimen was used to obtain a single strain at a 
given temperature. This procedure decreased the 
effect of sampling differences by introducing a large 
number of different specimens into the data. It also 
permitted other observations of the specimens afte 
various amounts of creep strain. The results of these 
tests are shown in Fig. 3. It is noteworthy that the 
data in the neighborhood of the critical temperature 
how much scatter in spite of the great care taken 
to control the experimental variables. At all times, 
a single specimen produced a smooth creep curve 
It was found that slight differences in composition 
tend to make great differences in creep behavior 
This scatter in creep data still fits the thesis that the 
creep rate shows a continuous decrease with testing 
temperature, but the magnitude of the change as the 
pecimen traverses the critical is far beyond the ex- 
of normal creep behavior 

3 are plotted as log creep 
normal down to 480°C, 


pectation 
When the data of Fig 
rate vs 1/T, the behavior 1 


»/ 488 


wi ¢ 
Time HOURS 
Fig. 3—Isothermal creep curves vs strain are shown as 


measured by gage marks 
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Fig. 4—Plot of the 
log of the steady 
state creep rate is 
shown vs reciprocal 
temperature for 
data of Fig. 3 
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Fig. 4. However, in the region of the critical tem- 
perature, the creep rate shows a sudden decrease 
This can only be attributed to ordering, because all 
careful creep work indicates that, without a struc- 
tural change, the temperature effect is well de- 
cribed by the following equation over a consider- 
able range of temperature 

log creep rate C./RT [2] 
C, and C, are constants.” 

Since #-brass shows marked grain boundary dis- 
placement, it might be possible that the observed 
anomaly in creep behavior was associated with a 
change in the role played by grain boundaries. The 
ratio of grain boundary displacement to overall 
strain was measured. Surprisingly, the ratio was 
found to be practically independent of temperature 
and, consequently, independent of creep rate. These 
results, which will be presented in greater detail in 
another report, are considered to be significant in 
judging the relative roles of grain boundary dis- 
placement and the internal strength of the grain 

The scatter in creep rates at temperatures near 
the critical is attributed to sampling differences. The 
ampling effect was removed entirely by using a 
single specimen over a range of temperature. Tests 
were made in which load was constant and temper- 
ature varied linearly with time at a rate of 9.5°C 


per hr. It was found that the creep rate markedly 
decelerated when the temperature fell below the 
critical. The deceleration is far beyond that pre- 
dicted by Eq. 2. It is noteworthy that the tempera- 
ture range in which this marked deceleration oc- 
curred was independent of the stress. Any effect of 
grain boundaries was entirely eliminated by using 
a single crystal. Again the creep behavior was ano- 
malous at the critical temperature. These experi- 
ments lead to the conclusion that long range order 
increases the creep resistance of 8-brass 

In order to show that the increase in plastic 
strength with ordering is not confined to creep be- 
havior, yield point was measured as a function of 
temperature. At the critical temperature, yield in- 
creases abruptly with order. Thus, yield point and 
creep strength behave similarly. It is concluded that 
long range order increases the mechanical strength 
of B-brass 
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Contribution to the Bi-Mn System 


The Bi-Mn phase diagram in the region near BiMn was investigated, using princi- 
pally thermal analysis and changes in magnetization with temperature. Of chief 
interest are the findings related to the magnetic transformation in Bi-Mn. 


by A. U. Seybolt, H. Hansen, B. W. Roberts, and P. Yurcisin 


HE Bi-Mn 
practical interest because of the occurrence of 
the compound BiMn which exhibits unusual ferro- 
magnetic properties 
Because the Bi-Mn phase diagram reviewed by 
Hansen’ (see Fig. 1) in 1936 is based on work done 
by Bekier’ in 1914 and by Siebe" in 1919, which left 
considerable doubt about the nature of the diagram, 


system is of both theoretical and 
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it appeared desirable as an aid in understanding the 
alloying characteristics and magnetic behavior to 
examine the pertinent regions of the phase diagram 

The most interesting reaction is the peritectic at 
145°C which forms BiMn by the reaction 


Liquid + — 


There is also a eutectic at 262°C between pure bis- 
muth and BiMn. Hansen draws in BiMn dotted, 
since in 1936 evidence for its existence was uncertain 


Experimenta! Materials—Preparation of Alloys 
Electrolytic manganese of about 99.97 pct purity 
and bismuth of 99.994 pct purity were used as 
starting materials 
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Fig 


In the early part of this work, the small heats 
used for thermal analysis and other techniques were 
made as required by alloying the pure bismuth and 
pure manganese. This was generally done in a 
quartz tube which could either be evacuated o1 
filled with argon or hydrogen. Later on, it appeared 
to be desirable to use a stock of prealloyed ingot 
material in order to save time in the process of 
alloying, which was quite difficult because of the 
highly stoichiometric character of this compound 
In the case of Bi-Mn heats where a considerable 
quantity of liquid exists in equilibrium with BiMn, 
a fairly good approach to equilibrium conditions is 
achieved since the saturated liquid contains several 
percentage manganese However, with large 
amounts of manganese, the degree of approach to 
equilibrium becomes less 


Experimental Procedures 

Liquid Saturation Tests—The first experiments 
consisted of analyzing liquid bismuth saturated with 
manganese in the range between 400° and 800°C 
Such analyses yield directly points on the liquidus 
curve. The procedure was as follows. The desired 
alloy was melted with excess manganese present 
and held at constant temperature. The melt with 
excess Manganese floating on top was stirred almost 
constantly with an iron stirrer attached to a geared- 
down electric motor stirrer. No evidence of any 
alloying between iron and the bismuth alloys was 
ever observed. Hence, not only was it possible to 
use iron stirring devices, but thin iron thermocouple 
sheaths were found very much more satisfactory 
than ceramic ones because of better heat transfer 
The atmosphere in these experiments was stagnant 
argon, introduced into the quartz furnace tube afte 
several evacuations of the air by alternately letting 
in argon, and pumping out 

Samples for analysis were withdrawn from the 
bottom of the stabilized zirconia crucible (to avoid 
any floating bits of manganese) by means of a 2 mm 
ID quartz tube attached to a rubber suction bulb 

The first samples were withdrawn after about 30 
min of stirring, and again after 1, 2, 4, 8, and some- 
times 16 hr. Generally, a reproducible value of 
manganese content was obtained after 1 to 2 hr 
holding time or le 

In the analysis for manganese, the entire sample 
withdrawn was analyzed by a spectrophotometric 
method both fast and reliable; the time required 


for a complete analysis was about 1% to 2 hr 
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th 


Thermal Analysis-—The 


ermal analysis using the 


Fig. 2 are given in Table I 


results 
apparatus 


of 


The results obtained by this method are plotted 
in the phase diagram shown later in the report 

differential 
outlined 


in 


Table |. Results of Thermal Analyses 


Magnetic 
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Fig. 3—Chromel-alume!l thermocouple was used to obtain 
the 10 pet Mn cooling curve data. 


The Magnetic Transformation in BiMn—As some 
of the earliest investigators had noted, the ferro- 
magnetic alloys nonferromagnetic above 
about 360°C. In recent years, the magnetic behavior 
has been clearly shown to be due to BiMn. Guillaud’ 
has studied thi 


become 


behavior in some detail and noted 
that, on heating, the magnetism disappeared at 
360°C but, on cooling, ferromagnetic properties do 
not return until the temperature drops below 340°C 
This hysteresis appears to be quite reproducible, as 
different investigators working under a variety of 
experimental conditions all seem to agree on the 
approximate critical temperature of heating and of 
cooling. The average T « ONG Tice found in 
this work was 340° and 355°C, respectively 

The magnetic transformation is accompanied by 
a structural change in BiMn. The reported room 
temperature structure is that of hexagonal NiAs 
with 2 BiMn per unit cell. The magnetic movements 
are aligned along the c, axis and have a magnitude 
of 3.5 to 4.0 Bohr magnetons at room temperature 
When the lattice parameter of a large powdered 
sample of BiMn is measured by neutron diffraction 
as a function of temperature, the behavior can be 
plotted as in Fig. 4. The ce 
with temperature until, at 360°C, it suddenly de- 
creases nearly 3 pet. The closest Mn-Mn distance 
in the structure has been reduced by this amount 


axis is seen to increase 


Table Ii. Magnetic Balance Results 


Alley, Pet Ma 
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At the same time, the a, axis has expanded a smaller 
amount so that the volume does not change signifi- 
cantly. When the sample is cooled, the structural 
changes are reversed, but at a temperature about 
25 C lower than on heating 

Guillaud" predicted that the magnetic structure 
between 360° and 445°C (where BiMn decomposes 
on heating) is antiferromagnetic. In any case, the 
alloy is no longer ferromagnetic. B. W. Roberts has 
shown that the same 340° to 360 °C hysteresis occurs 
when measuring the magnetic scattering by neutron 
diffraction on an oriented bar grown in a magnetic 
field 

As shown in Fig. 3, the magnetic change in BiMn 
was readily picked up from the thermal measure- 
ments, and these are Jater shown plotted on the 
phase diagram. While there was considerable total 
scatter in T. and T,, the data bunch fairly closely 
to 340° and 355°C. The lower temperature agrees 
quite well with that reported by Guillaud, but the 
upper temperature, T,, is about 5° lower! 

Because the above transformation is essentially a 
magnetic one, it seemed desirable to check this 
phenomenon further by an actual magnetic measure- 
ment instead of relying only on a relatively indirect 
method like thermal analysis. A magnetic balance 
identical to the one described by Buehl and Wulff 
was available for this purpose 

The curve obtained by plotting the magnetization, 
in arbitrary units, vs temperature is shown for one 
alloy during heating and cooling in Fig. 5. Table II 
lists the data obtained using this method. As a 
check upon the reliability of the technique, the 
Curie point in pure nickel was checked six times with 
a spread of 356° to 360°C 

In an attempt to throw some light on the nature 
of the magnetic transformation, a sample contain- 
ing 26.4 pet Mn was heated up to 348° to 350°C 
(between T, and T.). It would be expected that if 
the transformation were an ordinary phase change, 
holding in the hysteresis region once the transforma- 
tion had started would allow the transformation to 
proceed. This turned out not to happen. Holding for 
l hr at 348° to 350°C showed no change other than 
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Fig. 4—Cell dimensions of Bi-Mn are shown as a function of 
temperature 
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Fig. 5—Magnetization temperature curves are shown for the 
18.5 pct Mn alloy 


that attributable to slight temperature variations 
during holding. In other words, stopping the heat- 
ing stopped the continued reaction to the nonferro- 
magnetic form. This kind of behavior is not ex- 
pected for a Gibbsian, or orthodox, phase change 
However, it could be explained by the supposition 
that there is essentially no charge in free energy in 
going from one phase to the other 

X-Ray Diffraction Results—Several samples were 
examined by X-ray diffraction, including composi- 
tions high in bismuth, compositions containing ex- 
cess manganese, and alloys quenched from above 
the magnetic transformation in BiMn. In no case 
was any phase observed other than bismuth, ferro- 
magnetic BiMn, and a-manganese 

The Bi-Mn Phase Diagram—Results of the liquid 
saturation tests, the thermal analyses, and results 
using the magnetic balance are shown in Fig. 6 

The liquidus curve reported here is slightly dif- 
ferent from that of Siebe, as he found somewhat less 
manganese soluble in liquid bismuth. No attempt 
was made to check the eutectic composition. Siebe’s 
estimate of 0.5 to 0.8 pct is probably not far off 

The magnetic transformation hysteresis region iv 
drawn dotted across the diagram in accordance with 
the arrests found in the thermal analyses and mag- 
netic balance tests. While this procedure is perhaps 
not justified on the purely magnetic 
charge, as has already been pointed out, a pro- 
nounced structural change accompanies the mag- 
netic transformation 

It should again be emphasized that true equilib- 
rium conditions were not achieved in the 
beyond perhaps 15 pet Mn. One indication of this 
is the eutectic arrests observed beyond the composi- 
tion BiMn. The reason for this failure is the one 
cited at the beginning, lack of any appreciable con- 


basis of a 


region 
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centration gradient, and hence diffusion, through 
the BiMn phase 

Nevertheless, it is believed that, while some of the 
high manganese data shown in Fig. 6 should be 
shifted to the left, there appears to be no serious 
doubt about the form of the diagram, since no other 
interpretation of the results feasible. No 
phases other than those mentioned were observed 
metallographically, by X-ray diffraction, or by 
thermal analysis. If other phases actually existed, 
they failed to show themselves in the composition 
range investigated. No claim, however, is made to 
any final interpretation of the magnetostructural 
change in BiMn at 340° to 360°C. This is a subject 
which needs additional work for clarification 

Metallography—The following 
presented at this point, since with phase diagram aid 
it is easier to interpret their meaning 

Fig. 7 shows an alloy containing about 12 pet Mn 
and consists of the bismuth phase which appears as 
a uniform area with fine seratches, while most of 
the picture is occupied by BiMn showing the mag- 
Fig. 8 shows mostly bismuth eutectic 
plus some black BiMn phase; this alloy contains 
about 6 pet Mn. Unlike the first sample, this one 
was etched with HCl], so that considerable darken- 
ing of this BiMn phase occurred, but the eutectic 
structure shows up well, In an attempt to stabilize 
the nonferromagnetic form of BiMn, this alloy was 
quenched from 420°C into water after a 15 hr hold 
No significant difference in the microstructure could 
be seen. Unetched, in polarized light, the BiMn 
phase of Fig. 8 showed the usual wavy magnetic 
domain pattern 

Fig. 9 shows the microstructure of a powder met- 
allurgy alloy containing 26.4 pet Mn. This alloy was 
one which was magnetically concentrated prior to 
compaction, and in this case was sintered for 65 hr 
at 400°C in a hydrogen atmosphere. It will be ob- 
served that it is mostly BiMn, the gray areas, but 
there is also excess which appears as 
light, angular particles in relief; the bismuth phase 


seems 


micrographs are 


netic domains 


manganese 


shows up as a white phase on the same level as the 
BiMn. The black areas are voids 
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Fig. 6—Partial phase diagram of the Bi-Mn system is pre 
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Fig. 7—Micrograph of 12 pct Ma alloy Fig. 8—Micrograph of 6 pct Mn alloy Fig. 9—26.4 pct Mn magnetically sepa 
shows the striped domain structure of shows mostly Bi-BiMn eutectic with some rated powder metallurgy specimen was 
BiMn, plus bismuth. Polorized light. X500 excess BiMn, after 15 hr treatment at heat treated for 65 hr. Micrograph shows 
Area reduced approximately 35 pct for 420°C and water quenching. Sample was mostly BiMn but with excess manganese 
reproduction etched with 5 pct HCI, 10 pet H.O.. and bismuth Sample was unetched. X250 
X500. Area reduced approximately 35 Area reduced approximately 35 pct for 
pet for reproduction reproduction 
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requisite for rapid growth 


On the Use of Lineal Analysis for Obtaining 


Particle Size Distribution Functions 


in Opaque Samples 


A method is derived for obtaining the distribution of sphere diameters and plate 
thicknesses (or pearlite spacings! from size distribution functions obtained along 
randomly oriented lines. The method described offers several advantages over exist- 
ing methods. 


by J. W. Cahn and R. L. Fullman 


T is often of interest to measure not only the sizes of particles dispersed in an opaque material, 
average particle size but also the distribution in such as an alloy. Particles of a single size will ex- 

hibit a range of apparent sizes on the plane of 
J. W. CAHN and RL. FULLMAN, Associate Member AIME, are polish. If the sample contains a distribution of 


associated with Research Laboratory, General Electric Co, Schenec particle sizes, the distribution of observed sizes 
tody on the plane of polish is related to the distribu- 

TP 4194E. Manuscript, July 7, 1955. New York Meeting, Febru tion of actual particle sizes by an integral equation 
ory 1956 For example, a distribution of sphere sizes, N(r), 
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will result in a distribution of circle radii, q(p), 
which are related by Abel’s equation 
N(r) 


q(p) dr. 


The solution of this equation 


N(r) ate) dp 


is tedious graphically and demands good data. A 
graphical method based on successive subtractions 
has been developed by Scheil et al.** and adapted to 
the measurement of pearlite spacing distribution 
by Mehl et al.° This method suffers from the in- 
herent difficulty that errors or fluctuations in the 
data tend to accumulate 

The integral equations relating both the sphere 
size distribution and plate thickness distribution 
(pearlite spacing) to distributions obtained from 
lineal analysis take on a simple form whose solution 
is also simple, in that it requires only a differentia- 
tion of the data. A graphical solution for spheres has 
been presented by Lord and Willis.” For platélets 
with nonuniform thickness or for lamallae that are 
not quite parallel, there is an additional advantage 
in that no choice must be made of where to measure 
thickness such as is required by a method which 
relies on apparent thickness on the plane of polish 
The method can be made to include such platelets, 
since random intersections can be expected to probe 
a distribution of thicknesses in one platelet as easily 
as in several platelets. The form of the distribution 
function obtained from lineal analysis, i.e., the vol- 
ume fraction distribution of thickness, makes no 
distinction. There is a correction term for platelets 
whose thickness varies slowly, but it is a higher 
order term in that it depends on the square of the 
rate of change of thickness (or angle between lam- 
ellae) and will be neglected here 


Platelet Thickness Distribution 

Let V(S)dS be the fraction of the volume oc- 
cupied by platelets with true thickness S to S + dS 
For a randomly oriented line V(S)dS is then also 
the expected fraction of line length occupied by 
these platelets. The fraction of randomly oriented 
lines that are at an angle #@ to @ 4+ dé from a speci- 
fied direction, such as the normal to the platelets, is 
sind dé. Sind V(S) dSdé is then the expected frac- 
tion of the line length occupied by platelets with 
thickness S to S dS whose normals make angles 
4#to@ dé with the line. This fraction of the line 
length cuts platelets with an intercept length | 
S/cos 


* Note that since a randomly 
the quantity that is normaily 


oriented line is considered, | is not 
called the apparent spacing 


SV(S) 
sin ovis) ( ) asat dSdl 


is then the expected fraction of the line length that 
intersects platelets having spacing S to S dS and 
gives rise to intercept lengths | tol + dl 


g(l)jdl SV(S)dS 


is then the expected distribution function of lineal 
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fraction with intercept lengths | to | + dl. Solving 
for V (S) 
SV(S) ds 


dg(l) 
dl 


2lg(l) IV(S) 


dg(l) 
2g (1) 4 inl [1] 


V(S) 
If. instead of the lineal fraction distribution, the 
number [m(1l)dl] of intercepts per unit length with 
intercept length | to l dl is measured, 


g(t) 
mi(ljdl dl- 


Then 


Vi(S) 3lm(Ll) 4 


Sphere Size Distribution 


Let N(D)dD be the number of spheres per unit 
volume with diameters between D and D + dD. The 
cross section that a sphere offers to intersection at 
distances between X and X 4+ dX from its center 1s 
2nXdX. Then 2nXN(D)dDdX is the expected num- 
ber of intersections, per unit length traversed, of 
spheres with diameters between D and D + dD in- 
tersected at distances between X and X 4+ dX from 


their centers, and 
ax 
( ) dtdD 
of 


is the expected number of intersections, per unit 
length traversed, of spheres with diameters between 
D and D + dD that give rise to intercept lengths 
between t andt 4 dt. Since 


adtdD 2nXN(D) 


adtdD tN(D) dtdD 


Then 


tdt N(D)dD 


n(tjdt adD 


is the total number per unit length of intersections 
with length between t and t dt expected from dis- 
tribution N(D). Solving for N(D) 


d[{n(t)/t] 
N(D) 


2n(t) 2 dn(t) 


[3] 


rt nt dt 
If the distribution function f(t)dt of fraction of 
total line length occupied by intercept lengths of 


ttot dt is measured 


f(t)dt tn(tjdt 
Then 

f(t) 
N(D) 


t 
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dr” 
i 
dm(t) 
| [2] 
dl 
t D 
4 4 
( ax ) t 
at 4X 
and 
2 
aie) 
[4] 


If V(D)dD is the distribution function of volume 


fraction of spheres with diameter D to D + dD 


Vi(D) D'N(D) 


Combining with Eqs. 3 and 4 


t dn(t) 
V(D)». n(t) [5] 
3 3 dt 


1 df(t) 
f(t) [6] 
3 dint 


Eqs. | and 2 permit evaluation by straightforward 
numerical or graphical analysis of the volume frac- 


tion distribution function of platelet thickness (or 


lamellae spacing) from observed lineal analysis dis- 
tributions in number per unit length, or lineal frac- 
tion. Eqs. 3 to 6 permit the evaluation of either the 
number or the volume fraction distribution function 
of sphere diameters from either form of data 
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Technical Note 


On the Relationship Between Resistivity and Lifetime in Semiconductors 


by Wolfgang Gartner 


ETALLURGISTS engaged in the pulling of 

single crystals of germanium and silicon, and 
their zone purification and zone levelling for trans- 
istor and diode production, have found that the life- 
times of minority carriers in low resistivity samples 
tend to be shorter than in high resistivity material, 
although equal care is taken in the crystal prepara- 
tion. In other words, it is more difficult to obtain long 
lifetimes in single crystals of low resistivity semi- 
conductors, It is the purpose of this note to point out 
that this phenomenon follows directly from the Hall 
and Shockley-Read’ theories of lifetimes in semi- 
conductors.” 

In general, the recombination mechanism may be 
very complicated,” * but experiments seem to indi- 
cate that the simple formula’ for the lifetime of 
excess carriers given by 


is a good representation of the situation prevailing 
in transistor grade semiconductors. In this formula, 
n, and p, are the equilibrium densities of electrons 


and holes, n N.e *" is the number of electrons 


in the conduction band, and p N.e *" is the 
number of holes in the valence band, both for the 
case in which the Fermi level falls at the trap level, 
E,. N. is the effective density of states in the con- 
duction band; E,, the recombination level; E., the 
lower edge of the conduction band; k, Boltzmann's 
constant; T, absolute N., effective 
density of states in the valence band; and E,, the 
upper edge of the valence band. r,, denotes the life- 
time of holes injected into highly n-type material, 
and r,. indicates the lifetime of electrons injected 
into highly p-type material 


temperature; 
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Fig. 1—Graph plots and — 

n n 4 
electron density and resistivity for several values of &,-E 
in germanium 


as a function of 


Eq. 1 holds for nondegenerate semiconductors in 
which only one recombination level is active and the 
charge in the recombination centers is neglected. It 
is further assumed that the number of injected ex- 
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cess Carriers is small (this situation prevails in con- 
ventional methods of measuring lifetimes) and a 
steady state with respect to injection and recombina- 
tion is reached. +,, and r,, are given by 


— 2 
= [2] 


where C, is the probability per unit time that a hole 
will be captured if the traps are all filled with elec- 
trons, and C, is the probability per unit time that an 
electron will be captured if the traps are all empty 


We have 


N(E)-dE 


}-c,(E)-N(E)-dE 


|:N(E)-dE 


where N(E) is the density of energy levels per unit 
energy range, c,(E) is the average probability per 
unit time that an electron in the range dE is cap- 
tured by an empty trap, and c,(E) denotes the aver- 
age probability per unit time that an electron in the 
range dE is captured by a filled trap. The two quan- 
tities C, and C, are determined by the trap density 
N, and their type—impurities or sites of lattice 
disorder—but should be insensitive to donor and 
acceptor concentrations as long as these are not very 


large. n, and p, are functions of the donor and ac- 
ceptor content of the sample are given by n, and p.,, 
and are related to its resistivity, p, through the 


equation 


+ [4] 


in which q ts the electron charge, and y, and yp, are 
the electron and hole mobilities, respectively. Both 
n, and p, depend on the position of the trap level 


Po 7 

The functions and are plotted 
nm + p n+ p 

for germanium and silicon in Figs. 1 and 2 as a 


function of carrier concentration and resistivity at 
room temperature 

From these curves we may draw the following con- 
clusions: Assuming that two samples contained the 
same density of recombination centers of the 
type, but that their respective resistivities were 0.1 
and 50 ohm-cm, their lifetimes might differ by 
several orders of magnitude, depending on the trap 
level. In particular, as also pointed out in ref. 2, the 
difference in lifetime between low and high resis- 
tivity material is greater the closer the trap level, E,, 
lies to the conduction or valence band. The value of 
resistivity at which the lifetime reaches its maxi- 
mum depends on the ratio r,./r,., for which several 
estimates have been reported.”* It should be noticed 
that the total variation of lifetime with resistivity is 
greater in silicon for a recombination level removed 


same 


conduction 
refs. 1 and 


the same distance from the valence or 
band. For values of actual trap levels see 
3 through 8 

It thus becomes apparent that two samples may be 
purified to the same extent with respect to recom- 


pi hm cm) 82 RLo 


Fig. 2—Graph plots and as a function of 
n+p 4 

electron density and resistivity for several values of E,-E 


in silicon 


and have the same degree of crys- 
tal perfection; yet the traps will be 
effective in the low resistivity material, thus reduc- 
ing the carrier lifetime. As a consequence of thi: 
higher effectiveness of the traps, the greater diffi- 
culty of obtaining long lifetimes in low resistivity 
crystals is obvious. In view of the foregoing dis- 
cussion, it seems desirable for the resistivity always 
to be quoted together with the value of lifetime 
when the latter is used to indicate crystal perfection 
Similarly, the design of experiments to investigate 
dislocations by their effect on the electrical proper- 
ties of the will be influenced by these 


consideration 


bination centers, 


much more 


emiconducto! 
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Technical Note 


Heat Evolved and Volume Change in the Alpha-Sigma 
Transformation in Cr-Fe Alloys 


by Howard Martens and Pol Duwez 


were performed on a Cr-Fe alloy 
4 containing 44.7 pet Cr in order to determine the 
heat evolved during the transformation of the a 
olid solution into the o phase, and the change in 
accompanying the transformation. Since 
previous measurements on the rate of formation of 
« from o indicated that the reaction was quite fast 
the equilibrium temperature of 820°C 
was exceeded by tandard thermal analy- 
is experiments were performed on heating speci- 
mens of » at the rate of approximately 40°C per 
on A definite thermal arrest was observed at 
870°C, Fig. 1. This result indicates that the reverse 
reaction of « into a is exothermic 

From the heating curve of Fig. 1, taking 15°C per 
ec as the heating rate in the neighborhood of the 
transformation, 2.4 sec as the time for transforma- 
uming that the specific heat of the alloy 


volume 


a oon a 


ome 50°, 


tion, and a 
at 850°C i 
namely 9.5 cal per mol per “C, the latent heat of 
transformation is approximately 342 cal per mol 
The order of magnitude of this latent heat was also 
obtained by comparing the heating curve of Fig. 1 
with a similar curve obtained with pure iron under 
identical experimental conditions. It was found that 
the length of the thermal arrest for « was about 1.8 
times as long as that for iron. Since the latent heat 
of the « to y iron transformation is 203 cal per mol 
the latent heat of # to a would be 365 cal per mol, 
which is in relatively with the 
value determined from the heating curve 

For the determination of volume change, thermal 
expansion curves were recorded using a specimen 
containing 44.7 pet Cr and completely transformed 


an average between iron and chromium, 


good agreement 


1000} 


900) 


#00) 
Fig. |—Heating 


curve is charted for 
a 447 pet Cr, 553 
pct Fe alloy trans 
formed to 100 pct « 
before heating 


roo) 


600) 


$00 


(eee) 

to » by previous treatment. The curves were re- 
corded at a rate of heating of about 4°C per min and 
at approximately 840°C a sharp increase in length 
of about 0.08 pet took place, Fig. 2. It is therefore 
established that the specific volume of « near the 
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EXPANSION 


200 400 600 800 1000 
TEMPERATURE (°C) 


Fig. 2—Thermal expansion of o 447 pct Cr, 55.3 pet Fe 
alloy is charted. Line 1 shows 100 pct « solid solution at 
stort, line 2, 100 pct o at start 


transformation temperature is about 0.24 pct smaller 
than that of a, and consequently, when the o phase 
forms in an « matrix, it would tend to shrink away 
from the matrix. Since the o phase is known to be 
extremely brittle, these results offer an explanation 
for the microscopic cracks often observed in the o 
phase under the microscope 

The results of this study are in qualitative agree- 
ment with previously published data on stainless 
steel 19-9DL* and on a Cr-Fe alloy containing 45 
pet Cr. The increase in density due to the trans- 
formation from a to o given in ref. 4 is 0.90 pct 
These measurements, however, were made at room 
temperature, whereas the presently reported 0.24 
pet is the change at the temperature at which the 
transformation takes place during heating. In the 
graph of Fig. 2, the percentage change in length 
that would be observed at room temperature Is given 
by the length X, which is about 0.27 pct. This would 
correspond to 0.81 pet in volume change 
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G. D. Kneip, Jr., and J. O. Betterton, Jr. (Union Car- 
bide & Carbon Corp., Oak Ridge, Tenn,.)—-The author: 
have contributed to the theory of zone melting by con- 
sidering the effects of the solidification of the final zone 
on the distribution curves for the finite length bar 
However, they do not consider in sufficient detail the 
restrictions imposed by the particular metals involved 
Eq. 4 has the analytical solution 


C.(L — 1) L—z 
k L—-isz<L 
l 


which is equivalent to Pfann’s' equation for normal 
solidification of the final zone. For distribution coeffi- 
cients less than one, it is apparent from this form of 
the equation that, as the solidification approaches com- 
pletion, the concentration attains extremely large val- 
ues which are inconsistent with the density of physical 
materials. The necessary restrictions then are that the 
solute concentration cannot exceed the density of the 
alloy, or more frequently, the solubility limit in the 
solid phase. Secondly, the distribution coefficient can 
not be constant from 0 to 100 pct solute unless the 
liquidus and solidus coincide over this whole region 
It would thus be more correct to impose limits on the 
solubility such as would be indicated by a typical 
eutectic diagram. Furthermore, in this case the assump- 
tion that the distribution coefficient remains constant is 
more likely to be realized. Eq. 4 should then be re- 
placed by the following 


(x)da 


Cita 


) 
L—2 


The typical shape for the distribution curve in the 
final zone is indicated schematically in Fig. 12 for the 
simple eutectic case. The solidification proceeds ac- 
cording to Pfann’s' expression until the concentration 
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Contribution to Mathematics of Zone Melting 


ckmoan. andi G Dillon 


ns AIME (1955) 208%, pp 1017-1023 


reaches the maximum solubility in the solid phase, At 
this point, the concentration changes abruptly to the 
eutectic composition and remains at this value for the 
duration of the solidification. The width of the flat 
region, and the back reflection of this effect into the 
concentration curve on subsequent passes, depends 
upon the ratio of the eutectic concentration to the orig 
inal concentration, upon the distribution coefficient, and 
upon the number of passes 

Similar effects on the concentration curves in the 
first zone length would be expected in many system 
for which the distribution coefficient is greater than 
one, and where the maximum solubility is not too much 
larger than the original concentration 

The discussers agree with the authors that the as 
umption that the liquid is uniform in concentration 
hould be considered with caution. Kneip and Better 
ton’ have shown, however, that in floating zone refining 
of zirconium, using induction heating, the distribution 
of iron agrees with theory which assumes a uniform 
liquid composition, Hence, in this case, the experimen- 
tally realized distribution coefficient agrees with the 
present phase diagram within the experimental un 
certainty 

L. Burris, Jr.. C. H. Stockman, and L. G. Dillon 
(authors’ reply)—The authors are happy to have re- 
ceived the comments of G. D. Kneip, Jr., and J. O. Bet 
terton, Jr., which provide additional insight into the 
zone refining proces It is true that the equations de 
veloped are inapplicable if the solute solubility in the 
solid phase is exceeded 

However, this restriction on the use of the equation 
was clearly stated in the paper. A closer approach to 


Fig. 12—Diagram 
shows the solute con c 
centration in the 
final zone 
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the true physical situation would have been realized 
by including in the mathematical model the re- 
trictions of limiting concentrations and densities. It 
would have appreciably increased the task of providing 
general purpose concentration profiles, while adding 
little to the usefulness of the result 

However, when the shape of the profile in the last 
zone length is of primary interest, Eq. 4 should be used 


in the form presented by Kneip and Betterton. This 
form should also be used when a very large number of 
passes is computed, and a high degree of accuracy is 
required to reduce the error resulting from the effect 
of reflection of the concentration profile at the finish- 
ing end of the bar on concentrations throughout the bar 


G. D. Kneip, Jr wd J. O. Betterton, Jr Journal Electro 
chemical So« 1956 


November 1955 


Jouunat or Mrrate 


RK. W. Cahn (University of Birmingham, Birmingham, 
England )—Congratulations to the authors on a fine and 
thorough piece of work; also to Dr. Fisher on achieving 
the almost impossible and providing single crystals for 
these experiment It is most satisfying to see such 

ubstantial agreement between this work and that of 

the discusser. The 176 twins are, of course, something 
quite new and the authors have clearly established 
their identity, Even before the discovery of these twin 
the trange deformation crystallography of uranium 
highlighted the problem: Why does a crystal choose the 
particular shear elements that it does? Where lip i 
concerned, considerations of dislocation mobility have 
largely answered the question tut where is the sense 
in rational shear direction uch as 312 and now 

512+? The analogy with zine attempted by Frank” 
is not of much help. The new twin plane has no ana- 
logue in zine. Uranium is unique. It also has the dis- 
tinction of having far more glide mechanisms than any 
other crystal species 

There are several points of disagreement between 
the results of Lloyd and Chiswik and the discusse 
They did not observe the {110} slip. The discusser ha 
checked his scanty data on this type of slip and find 
that there can be little doubt that {110} slip exist 
though it only turns up in insignificant patches. In one 
photograph, two patches of minor slip traces are visi 
ble; the corresponding pole-loci pass through the two 
{110} poles of the stereogram. The slip traces are too 
weak to survive halftone reproduction, but the author 
shall have a copy of the photograph 

It seems that both (110) and (011) slip exist; certainly 
the latter is more to be expected, since it contains the 
main slip direction, [100] 

The (112) twins were also firmly established in the 
discusser’s experiments. Their identity does not rest 
entirely on the somewhat unsatisfactory single surface 
technique, for the composition plane was confirmed by 
the self-consistency technique which involves looking 
at the same surface before and after removing a thin 
laver of metal, and noting the slight change of twin 
configuration. These twins were not excessively un- 
common, and their absence in the present work is 


Deformation Mechanisms of Alpha-Uranium Single Crystals 


y L. T. Lloyd and H. Chiswik 


Trans. AIME (1955) 203, pp. 1206-1214 


something of a puzzle. It is possible that a tensile stres 
favors their appearance 

The authors’ failure to observe a single {121} twin 
has driven the discusser to the conclusion that they do 
not exist. He has made a careful re-examination of the 
one clear case of a whole group of twins formerly 
identified by the single surface method as {121}. This 
was in a large grain in a polycrystal, stretched along a 
direction about 20° from [010] and 70° from [100], a 
direction particularly favorable for {176} twinning 
The twin traces were consistent with a {176} composi 
tion plane, and moreover the (176) identified was one 
of the two most highly stressed variants. The tilt of 
lip lines passing through the twin bands was calcu- 
lated to be 3%", but measured to be 5%", a divergence 
which certainly exceeds experimental error. Neverthe 
less, the balance of evidence favors {176} over {121}, 
and the discusser proposes to retract the latter from the 
list of glide elements 

L. T. Lloyd and H. H. Chiswik (authors’ reply)—The 
authors wish to thank Dr. Cahn for his discussion. It 
was not their intention to disagree as to the existence 
of {110} slip. The paper pointed out that this deforma 
tion mechanism is probably operative above room tem 
perature or under conditions of complex stresses which 
are present in polycrystalline materials. This slip sys 
tem has been recently identified by the pole-locus 
method in high purity coarse grained polycrystalline 
samples which were thermal-cycled between room 
temperature and 500°C The identification for the 
most part was not confused by (010), (001), or (011) 
plane poles lying near the pole-loci. Thus it would 
seem that {110} slip becomes operative above room 
temperature or is the result of complex stresses which 
are present in thermal-cycled polycrystalline samples 
The same interpretation may also be applicable to the 
absence of {112} twinning in room temperature com 
pression of single crystals 

The authors are in wholehearted agreement with Dr 
Cahn's remarks on the complexities of deformation in 
uranium and its uniqueness as a metal 


R M. Mayfield: Private communication 


or Merats, October 19055 


Richard Wachtell (Chromalloy Corp., White Plains, 
N. Y.)—Have X-ray analyses been run on any of the 
extracted residues? It would be of interest to learn 
whether the presence of Cr.C or some other specific 
carbide of chromium has been found, or whether o has 
been observed 

The author has suggested that those coatings found 
to be brittle are in thi tate because of a slow cool 
through the 475°C region, while those that remain 
tough do so because of a lower chromium content 
Even the tough coatings contain 24 pet Cr overall by 


475°C Embrittlement of Chromized Coatings on Low Carbon Steel 


nu 


AIME 1955) 208, pp. 1121-1123 


Mr. Chu’s analysis, and since these are diffusion coat- 
ings, undoubtedly more at surface (experience indi- 
cates 35 to 40 pet surface Cr.) These surfaces should 
also be brittle,” but they are not. They are extremely 
tough and ductile 

In addition, Riederich and Loib show, in ref. 2, the 
embrittling effect on samples water-quenched, tem- 
pered, and then slow-bend tested—the angle of bend 
attained giving a measure of the embrittling effect 
By this bend test, all the author’s samples would rate 
as ductile, as the effect was only in impact testing 
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Fig. 4—Chromized sheet which exhibits brittle behavior in 
hammer bend test is shown. Specimen was etched with nital 
X50. Area reduced approximately 30 pct for reproduction 


A brittle surface layer and brittle 
havior do not have a cause and effect relationship, 
although they may occur coincidentally. By way of 
example, Figs. 4 and 5 have been prepared. These 
low power (X50) micrographs have been prepared 
from chromized commercial material similar in be- 
havior to that described by Mr. Chu as brittle 

Fig. 4 illustrates the original thickness of the sheet, 
and the comparative thickness of the surface layer 
formed. Fig. 5 shows a brittle failure in a hammer 
bend test performed after careful removal of the 
chromized layers, using a rubber-bonded abrasive 
wheel 

It will be appreciated that, for the case illustrated 
in Fig. 5, no brittle surface layer can have been re- 
sponsible for the type of failure observed. It has long 
been known that certain materials, notably Armco 
ingot iron, among the commercial varieti« cannot be 
chromized in the conventional manner without seriou 
embrittlement. This probably has nothing to do with 
the chromium at all but with the presence of hydrogen, 
and more particularly moist hydrogen, in the retorts 
during processing 

In J. K. Stanley’s paper,’ and in portions of the dis 
cussion it aroused, an essentially complete description 
of the phenomenon observed by Mr. Chu is reported, 
except that no chromizing is involved at all. The re- 
semblances to the present paper are startling—in- 
cluded are the use of the hammer bend test, the restora 
tion of ductility, at least partially, by normalizing of 
some materials, and the existence of a transition tem- 
perature of a moderate order which ha 
served on chromized material during the discusser’ 


pecimen be 


also been ob- 


studies on embrittled stock 

The conclusion, based upon experiments performed 
and the literature evidence available, is that the brittle 
fracture noted by Mr. Chu is not a consequence of 
475°C embrittlement of the chromized case, but a 


Fig. 5—Chromized sheet 
which is shown after the 
removal of the alloyed 
surtace layer still ex 
hibits brittle behavior in 
hammer bend test. Spec 
imen was etched with 
nital, X50. Area re 
duced approximately 30 
pct for reproduction 


phenomenon of the core material. The reasons for this 
abnormal embrittlement are not fully understood at 
this time, but may have to do with more rapid H 
absorption during some phase of chromizing and are 
probably associated with unduly low chromizing tem 
perature. As Mr. Chu has mentioned in the paper, it ts 
most certainly not associated with normal and properly 
chromized parts, of which many thousands have been 
successfully formed without difficulty 

W. L. Chu (author's reply)—No X-ray identification 
of the extracted residues was carried out, The only ad- 
ditional work was microhardne measurement of the 
outer layer with a Bergsman device. Using a 10-g load, 
the Dph numbers averaged at 1200, indicating fairly 
well that the outer layer wa entially of 
of chromium 

The author wishes to point out that, as described in 
his paper, re-embrittlement of the toughened sample: 
could be achieved by slow cooling through the 475°C 
range in dry hydrogen (50°C dew point). Stanley’: 
data’ indicated that the pure iron he studied could not 
be embrittled at temperatures below 700°C within a 
10-hr period and that occurrence of embrittlement was 
independent of cooling rates. Therefore, it is safe to 
conclude that the re-embrittlement phenomenon ob 
erved by the author is not due to hydrogen but, rather, 
is associated with the time in the 475°C range 

Mr. Wachtell’s work on brittle chromized steel i 
interesting. Most probably, the embrittlement that he 
observed was related to hydrogen, as has been con 
vincingly demonstrated in his discussion. Thus, a 
chromized low carbon steel could be embrittled by two 
distinctly different mechanism namely, 475°C em 
brittlement of the chromized coating and hydrogen em 
brittlement of the chromized steel, Regarding the 
latter, the author wishes to suggest that, in the light of 
Stanley's data,’ a careful control of hydrogen dew point 
during chromizing should help to prevent its occurrence 


comprised ¢ 


a carbide or carbide 


‘J K Stank The Embrittliement of Pure Iron in Wet or Dr 
Hy droger Tre ASM (1952) 44. p 1097 
RI Rickett and BE. Hopkis Discussion of ref. 4 
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W. G. Pfann (Bell Telephone Laboratories, Murray 
Hill, N. J.)—Dr. Tiller, you state that a condition of 
constitutional supercooling leads to a change in the 
form of the solid-liquid interface from planar to corru- 
gated. Can you say anything about the condition of 
supercooling at the new interface”? 

W. A. Tiller (author reply) Further verification, 
and an extension of the work under discussion, ha 
been given by Tiller and Rutter To say anything 
quantitative about the condition of supercooling at the 
interface requires an exact treatment of the diffusion 
problem before a corrugated interface. A theoretical 
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Instability of a Smooth Solid-Liquid Interface During Solidification 


Rutter md Winegard 


AIME (1955) 204, pp 


1024-1026 


treatment of thi being prepared for pub- 
lication 


Qualitatively 


problem | 


tated that the cells form in 
an attempt to eliminate the constitutional supercooling 
At moderate upercooling 
this is possible, but when the amount of constitutional 
upercooling to be eliminated becomes too large, then 
the cells are only able to minimize the effect. The man 
ner in which the cells do this may be understood by 
considering the following 

Consider the corrugated interface as an array of 
paraboloids of revolution. The macroscopic growth 


it can be 


amount of constitutional 
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direction of a unit of surface is not in the x-direction, 
but in a direction normal to the surface. It can be 
een, therefore, that the lateral growth of two adjacent 
cells will trap solute between them. The increased so- 
lute concentration in the region between the two con- 
fining cells will decrease the freezing temperature of 
the cell wall so that they cannot continue to grow 
together until a lower temperature is reached. How- 
ever, the tip of the cell is still advancing because the 
rejected solute from this portion of solid can diffuse 
away from the interface into the liquid. In this way, 
the boundary walls become very narrow and deep 
grooves during solidification, so that the solid consists 
of an array of blunt spikes, connected some distance 
back from the interface, which grow like independent 
This boundary groove is not 
surface tension holds the 


erystals into the liquid 
observed by decanting, a 
olute-rich layer of liquid in the groove 

Once the deep boundary groove has been formed it 
becomes a perfect solute sink, The boundary layer can 
be regarded as a material having a k value very close 
to 1 for the diffusing solute (any solute that gets into 
the boundary region has very little chance of diffusing 


out). The solute concentration in the boundary layer 


is really a final transient problem as described by 
Smith, Tiller, and Rutter,” and may easily reach eu- 
tectic proportions in a very thin layer 

As the amount of constitutional supercooling to be 
eliminated is increased, the cells become narrower in 
order to provide more cell boundary into which the 
excess solute can go. They project further into the 
liquid until there is a steep enough lateral concentra- 
tion gradient for the diffusion of the excess solute, 
away from the tip of the cell, to the cell boundary. 
The tip of the cell will project no further than is 
necessary to eliminate the constitutional supercooling 
from the liquid ahead of it. 

However, there appears to be a minimum size to the 
cell width which is either determined by energetics or 
by the growth mechanism, so that there is a maximum 
amount of solute that can be segregated to the bound- 
aries. After this point is reached, further constitutional 
supercooling cannot be eliminated. This limit is orien- 
tation dependent 


W A. Tiller and J. W. Rutter Canadian Journal of Physics 


(1956) 34, p. 96 
V. G. Smith, WA. Tiller, and J. W. Rutter: Canadian Journal 


of Physica (1955) 43, p. 723 
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Paul A. Beck (University of Illinois, Urbana, II.) 
The very clear-cut results of Dr. Gordon raise the 
question as to whether it may be accepted as a general 
rule that energy release and recrystallization are nec- 
essarily simultaneous. The apparently careful work of 
Suzuki’ with polycrystalline copper suggests that it 
should not, since in this investigation it was found that 
by far the largest part of the energy release took place 
prior to recrystallization. This view is further sup- 
ported by the results of Clarebrough et al.” with nickel, 
who found that approximately 60 pct of the energy 
release preceded the onset of recrystallization, although 
the same technique used by Clarebrough et al.” with 
Cu-P alloys gave results essentially similar to those of 
Dr. Gordon 

The discusser wonders what fraction of the energy 
release associated with recovery at the beginning of a 
test may go undetected by the isothermal method used 
here, It seems likely that the widely different results 
of the various investigations referred to may be attrib 
uted, not to errors in experimental methods, but to 
real differences in behavior. The uncovering of the 
source of these differences appears to be a worthwhile 
effort 

One of the factors likely to have a great effect on the 
ratio of the energy released in recovery and in re- 
erystallization is the temperature of deformation.” 
When the deformation is carried out at a lower tem 
perature, the percentage of total stored energy re 
leased during recovery may increase considerably 
Benjamin Welber (National Advisory Committee for 


Microcalorimetric Investigation of the Recrystallization of Copper 


by Poul Gordon 


Trans. AIME (1955) 203, pp. 1043-1052 


Aeronautics, Washington, D. C.)—Measurements” of 
the stored energy of copper deformed by twisting 
indicated that, for a rate of heating amounting to 
0.16°C per sec, the energy was released at a fairly uni- 
form rate over the range from 150° to 250°C. For 
values of W in the vicinity of 300 cal per g-atom, the 
value of E/W obtained amounted to about 3 pct 

Paul Gordon (author's reply)—Dr. Beck has called 
attention to a very significant aspect of annealing. It 
is undoubtedly true that the temperature of deforma- 
tion is an important factor in determining the ratio of 
the stored energy released during recovery to that 
released during recrystallization. It should be noted 
that in all the work referred to in this paper and 
in Dr. Beck's discussion, the deformation was 
carried out at room temperature. Thus, the reported 
differences in energy release cannot be due to a differ- 
ence in the actual deformation temperature, but may 
be due to a difference in effective or equivalent tem- 
peratures of deformation, the latter being determined 
by the amount and kind of impurities present. Experi- 
mental work to investigate this point is being planned 

The data listed by Dr. Welber reveal a gratifying 
check with the measurements reported here. It is par 
ticularly interesting to note his value of 3 pct for the 
ratio E/W at W 300 cal per g-atom could easily be 
plotted on an extrapolation of the E,/W vs W curve 
in Fig. 11. 


”"P A. Beck Annealing of Cold Worked Metals Philosophical 
Magazine Supplement (1954) 3, pp. 245, 250 
B. Welber: Journal of Applied Physics (1952) 24. p. 476 


Jovuenat or Merats. September 1955 


Cyril Stanley Smith (University of Chicago, Chi- 
cago)-—Can Dr. Perryman comment on the atomic 
mechanisms whereby volume adjustment occurs dur- 
ing recrystallization? Even in aluminum where there 
is not a large change, there must be some increase in 
density on recrystallization, resulting from the elimi- 


618—JOURNAL OF METALS, MAY 1956 


Relationship Between Recovery and Recrystallization in Superpurity Aluminum 


by E C. W. Perryman 


ans. AIME 


(1955) 208. p 1053-1064 


nation of lattice imperfections. The growth of recrys- 
tallized grains will, therefore, produce a negative pres- 
sure which eventually will oppose further growth 
unless some mechanism is invoked to relax the strain 
It seems to the writer that the activation energy for 
recrystallization is too high to be due to a process 
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occurring entirely at the advancing disordered inter- 
face between the new grain and its matrix. Perhaps 
the process is controlled by the slower deformation of 
the unrecrystallized matrix. This supposedly occurs 
either by diffusion of vacancies or by suitably co- 
ordinated movements of dislocations. 

Except at free surfaces, the conservation of the vol- 
ume of lattice imperfections is just as important as that 
of the atoms themselves. A vacancy annihilating at a 
grain boundary has not effectively disappeared from 
the system until an atom has moved in from some 
where on the surface to replace it. The effect is to 
produce a decreased density of the grain boundary 
locally, and adjustment must occur by diffusion along 
the boundary itself, under the density or pressure 
gradient that is formed. Similarly, a vacancy annihilat- 
ing at a dislocation to produce climb produces a local 
strain which cannot be relieved until other vacancies 
have arrived and the dislocation line has moved 
throughout its entire length to produce the necessary 
external volume change 

A boundary which is not stationary, or a boundary 
at which a volume change is occurring by the annihila 
tion of imperfections, will inevitably have more than 
equilibrium disorder. The excess can be considered as 
the addition of vacancies and dislocations of cancel- 
ing sign, to the configuration that corresponds to mini- 
mum energy on the Shockley-Read mode]. These excess 
imperfections will disappear most easily at an effective 


free surface, and there will be a flow of imperfections 
outward (or atoms inward) under the resulting gradi- 
ent. Crudely, the boundary can be regarded as a thin 
layer of a very viscous liquid, with local fluctuations 
and long range gradients in density which result from 
various events in its association with the adjacent crys- 
tals. Moreover, as William Mullins of the University 
of Chicago has pointed out, during normal grain 
growth in recrystallized materials, the grain boundary 
is continually decreasing in area. Therefore, a con- 
tinued flow to the surface of vacancies, originating from 
the boundary itself, must occur. Mullins has found that 
in bismuth, magnetic forces producing a pressure on 
the grain boundary, equivalent to at least ten times the 
grain boundary tension, will not displace a boundary 
from its minimum area position at the root of a notch 
in a cylindrical specimen, although the boundary 
reaches this position quickly on annealing in the ab- 
sence of a field 

This concept explain the slowing of grain 
growth as grains larger, and the very low 
mobility of grain boundaries of high curvature in thin 
sheet. Any abnormal source of vacancies will provide 
temporary abnormal high boundary mobility—for ex 
ample, coalescence of the type that Nielsen has pro- 
posed, the solution of a particle of a low density second 
phase, or perhaps even contact with a minute internal 
cavity. Moreover, a variation of pressure on a grain 
boundary should have a large effect on its mobility and 
the diffusion of atoms along it 


may 


be come 


by Samuel 


Journat or Metrats, August 1955 
J. E. Reynolds (Battelle Memorial Institute, Colum- 
bus, Ohio)—In reference to the author’s Fig. 6, it was 
shown that Al-Cu bond strengths for a reaction pres- 
sure of 20 tsi decreased rapidly as the reaction tem- 
perature was increased above approximately 525°C. The 
sharp drop in strength was attributed to the formation 
of brittle intermetallic alloy zones, Since the inter- 
metallic zone formation depends upon time and tem- 
perature as well as pressure, it would be expected that 
the bond-strength curves in Fig. 7, using a reaction 
pressure of 11 tsi, would also drop off at longer times 


Some Studies of Al-Cu and Al-Zr Solid State Bonding 


Storchheir 


is AIME 1955) 20%. pp. 801-804 
Does the author have any data that would show this? 


Samuel Storchheim (author's reply)—Dr. Reynolds is 
correct, As he anticipated, the bond strength of Al-Cu 
does drop off at longer holding times. The author and 
one of his colleagues have gone into a further study of 
the Al-Cu system and hope to present their new data 
in the near future. They found that at 20 tsi at 475°C 
strength rose, peaked, and then declined over the range 
of 2 to 60 min holding time. At 525°C and 20 tsi 
strength showed a continuous drop from 2 to 60 min 


by B. A. Roger 


or Merars, September 1955 


R. F. Domagala and D. J. McPherson (Armour Re- 
search Foundation, Chicago)—In conjunction with a 
transformation kinetics study on zirconium-base alloys 
currently being conducted at Armour Research Found- 
ation, it was necessary to make a cursory examination 
of the Zr-Cb system. Alloys nominally containing 5, 
10, 15, 20, 25, 33.7, and 50.5 wt pct Cb were arc-melted 
using iodide zirconium and high purity columbium 
powder. As-cast portions of these alloys, as well as 
homogenized specirnens annealed at and quenched 
from 600°, 750°, 800°, 1000°, 1180°, and 1600°C, were 
examined metallographically 
The study of as-cast alloys provided evidence support 

ing the solidus proposed by the authors. A continuous 
series of solid solutions was evident over the composi- 
tion range investigated; however, beyond 25 pct Cb, 
severe coring made positive identification of the struc 
tures impossible. No intermediate phases were observed, 
although two of the compositions prepared represented 
the stoichiometric compositions of possible compounds 
(33.7 pet Cb-Zr.Cb and 50.5 pet Cb-ZrCb) 
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Zirconium-Columbium Diagram 


and DF. Atkins 


ans. AIME (1955) 204, pp 1034-1041 


found to exist in the zir- 
conium-rich region of the system whereby §— >a4+a 
The temperature of this reaction was not accurately 
positioned and the second product of the decomposition 
of was not identified. The and phase 
boundaries were found to intersect at about 17 pet Cb 
and 800°C. This composition is in agreement with the 
proposed diagram, but the temperature is 200°C higher 
The observation of an a+, structure in the 15 pet Cb 
alloy annealed at 800°C shown in Fig. 19 is in con- 
tradiction with the author position of the f/a4,f 
boundary. Structures containing what were considered 
to be eutectoid were observed in certain 
columbium-rich annealed at 800°C, and to- 
gether with the intersection of the phase boundarie 
noted previously, tend to support a eutectoid tempera- 
ture considerably above the proposed level of 600°C 

Another feature of the diagram was not corroborated 
in the work at Armour. Certain columbium-rich speci 
quenched from 1000° and 1160°C showed two 


A eutectoid reaction was 


oloni 


alloy 


men 
phase structures, 


although the proposed diagram indi 
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seen in a nominal 15 pct Cb alloy quenched 


19-A two-phase «4+ structure is Fig. 20—A single-phase ( structure is 
seen in a nominal 25 pct Cb alloy an- nominal 33.7 pct Cb alloy annealed for 5 


Fig. 21—A two-phase structure is seen in a 


from 800°C after 136 hr. X150. Area re nealed for 5 hr at 1180°C. X150. Area re- hr at 1180°C. X150. Area reduced approxi 
duced approximately 25 pct for reproduc duced approximately 25 pct for reproduc mately 25 pct for reproduction 


tion 


« 


tion 


cates a continuous series of solid solutions above 
1000°C. At 1000°C alloys containing 20 or more pet Cb 
were two-phase, while the 5 to 15 pet Cb specimens 
consisted only of transformed s. A 25 pet Cb alloy 
quenched from 1180°C shown in Fig. 20 is seen to be 
single phase, while a 33.7 pet Cb alloy quenched from 
the same temperature is shown in Fig. 21 and is 
clearly two-phase. In the specimens annealed at 
1600°C an extremely large grain size was noted. Some 
of the columbium-rich specimens contained a dispersed 
precipitate believed due to the comparatively slow 
cooling rate experienced in the molybdenum resistance 
furnace employed for this anneal. These data would 
support a continuous series of solid solutions, but only 
above 1180°C 

A 5 pet Cb alloy annealed at 750° and 600°C in each 
case contained an a+ structure, placing the solubility 
of columbium in «zirconium at less than this figure 
and consequently at a value less than 6 pct as indi- 
cated by the authors 

Although the work at Armour tends to verify the 
general type of diagram presented by the authors, it is 
suggested that a more definitive metallographic investi 
gation be carried out before a final diagram is accepted 

B. A. Rogers and D. F. Atkins (authors’ reply)—The 
authors are pleased to hear of the interest of R. F 
Domagala and D. J. McPherson in the Zr-Cb system 
and to have the opportunity to compare results 

Pronounced coring in cast alloys of intermediate 
composition has also been noted by the authors. The 
effect was sufficient to introduce errors in melting 
point determination, but most of it was eliminated if 
the specimen was held for 2 hr at a temperature about 
50°C below the melting point 
of a eutectoid horizontal 200°C above the 


Evidence 
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} a silica capsule from 1250°C. Specimen was 

etched chemically. X120. Area reduced ap 

proximately 25 pct for reproduction 


Fig. 22—A 12 pct Cb alloy was quenched in 
pled 


Fig. 23—A 50 pct Cb alloy was quenched 
in helium from 1100°C. Specimen was 
etched by ionic bombardment. X120. Area 
reduced approximately 25 pct for reproduc 


temperature indicated by the authors’ electrical resis- 
tance and dilatometric measurements appears so con- 
flicting that they are unable to comment. However, the 
authors’ belief in the correctness of their results is 
strengthened by the character of X-ray powder pat- 
terns of alloys cooled rapidly from 700° and 800°C 
These patterns show strong lines corresponding to the 
two body-centered-cubic phases indicated by the loop 
in the diagram. A few weak lines, believed to have 
originated in a small amount of zirconium formed as 
the alloy passed through the transformation temper- 
ature, are also present but probably are not significant 

For comparison with the first figure presented by 
Domagala and McPherson, the authors offer the micro- 
graph designated as Fig. 22. The striated pattern in 
this 12 pet Cb alloy quenched from 1250°C is charac- 
teristic of alloys containing from 8 to 15 pct Cb. It is 
produced in alloys quenched from an extensive range 
of temperature. The network probably comes into ex- 
istence when the alloy goes through the transforma- 
tion range, but the authors hesitate to venture an 
opinion as to whether it represents a two-phase struc- 
ture. Possibly the network is related to the high elec 
trical resistance and considerable brittleness of rapidly 
cooled alloys in this range of composition. It is not 
certain that contamination from the silica capsule is 
not a contributing factor. A more detailed investigation 
relating the metallography with other phenomena cer- 
tainly would be desirable 

For comparison with the Domagala and McPherson 
Figs. 20 and 21, the authors present Fig. 23 which shows 
a 50 pet Cb alloy that was quenched in helium from 
1100°C. Neither this alloy nor similarly treated 30 and 
60 pct Cb alloys show evidence of a second phase. In 
fact, there is no reason to believe that solid solution of 
any composition decomposed above 1000°C 
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